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Abstract

We first review the general phenomenon of fast-ion conductivity in solids 

and specifically the range of materials which adopt the fluorite and pyrochlore 

structures. We present a brief summary of the methods of computer simulation 

and give examples which illustrate its utility in interpretation 

experimental observations. The pyrochlore structure and the mechanism 

postulated for ionic transport within it are then discussed.

The technique of static lattice energy minimization is then described and 

results are presented of the calculations on the non-defective pyrochlore lattices 

Gd2 Zr2 0 7 , Gd2 Ti2 C>7 , &nd Y2 Ti2 0 7 . The investigation of oxide ion

migration using point defect energy calculations is then presented. The results 

indicate that the creation of defects require high energies. The effect of cation 

disorder on the energies of Frenkel defects is described; the results suggest that 

such disorder may be essential for the observed conductivity.

We then describe calculations of the solution energies of aliovalent cations 

in binary oxides and make estimates of the electronic band gap using the results of 

calculations which approximate the energetics of formation of electronic defects. 

The former indicate the possibility of extrinsic conductivity and the latter suggest 

that mixed conductivity may be possible in certain of these materials as observed 

experimentally.

The results of molecular dynamics calculations on yttrium and gadolinium 

doped zirconia and Gd2 Zr2 0 7  are presented and discussed. These support the 

proposed mechanism for ionic migration and the observation that conductivity in 

the pyrochlore is closely linked to disorder. The model resulting from these and 

the static lattice calculations is described.

The totality of the work is then summarized and conclusions are drawn as 

to how understanding of the processes involved in ionic conduction in pyrochlore 

structures oxides is advanced.
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1. Introduction

In this introductory chapter we present background information on the 

substantial amount of study carried out over a large number of years on the 

phenomenon of ionic conductivity and fast-ion or superionic conductivity. We give a 

brief account of the range of materials which exhibit this characteristic and of the 

measurements made and mechanisms of conduction deduced using a number of 

experimental techniques.

We provide an overview of the methods of computer simulation used in solid 

state ionic chemistry and discuss the application of these methods to the investigation 

of fast-ion conduction mechanisms in a number of materials. We also describe the 

limited application of simulation methods to pyrochlores previously undertaken.

1.1 Fast Ion Conduction in Solids

Michael Faraday in 1839 was the first to notice that some solids, specifically 

high temperature Pbp2 , conduct an electric current ionically. At the end of the 

nineteenth century (Warburg 1884) the migration of sodium ions through glass was 

described and Nemst did further work with yttrium stabilised zirconia (YSZ) (Nemst 

1899) and in 1914 the exceptional ionic conductivity of a -Agi was measured (see Van 

Gool 1973). In 1937 Bauer and Preis (Bauer and Pries 1937) used YSZ again to make 

the first solid electrolyte fuel cell. The recent increase in interest in solid electrolytes 

can in, part, be attributed to the work of Wagner in 1957 (Kiukkola and Wagner 

1957), The technological importance of a practical and economic sodium sulphur 

battery was the driving force for renewed interest following the discovery of high 

sodium ion mobility in P-alumina in the 1960s (Weber and Kummer 1967). The 

potential application of solid electrolytes in such devices as gas sensors and fuel cells 

and high energy density batteries and the associated environmental benefits has also 

encouraged the development of the field in recent years ( see Fray 1992). Much recent 

work has focused on conduction in doped zirconia whose use as the electrolyte in solid



oxide fuel cells has ensured continued interest.

Fast ion conductors are also, however, of great fundamental interest and much 

of the current work is motivated by an interest in the issues of the mechanisms 

associated with ionic conduction in these materials which can exhibit exceptional 

properties. RbAg^Ig for example has a room temperature conductivity of -liX '^cm ’  ̂

(which is about that of 1 molar aqueous KCl) with an activation energy of about 

O.leV. This conductivity is about ten orders of magnitude higher than normal ionic 

crystals. In some cases e.g. a-AgI the conductivity actually falls on going from the 

high temperature solid to the molten material (Huggins 1975). A review of the 

different types of superionic conductors and some discussion of their characteristics 

follows.

1.1.1 Types o f material

There are an extraordinarily wide range of materials which exhibit fast-ion 

conduction. The most important examples may be separated into the following classes.

1.1.1.1 Materials with a phase transition.

There are a number of materials which exhibit fast-ion conduction only above 

a transition temperature, which is associated with a phase change. The transition may 

be first-order, as in silver iodide or of a diffuse nature as in strontium chloride and 

several fluorite structured materials. Bi20g has been known for some time (Gattow 

and Schroeder 1962) to disorder above ~ lOOOK giving high oxygen ion conductivity 

above that of stabilised zirconia but is of limited practical importance due to its 

tendency to decompose under reducing conditions.

1.1.1.2. Layer and tunnel structured materials.

These are materials in which transport occurs in 2 or 1 dimensional regions. 

Examples are K+-Hollandite (K2 xMgxTig_xOi6  x = 0.77) which has a ID tunnel 

structure (Michiue and Watanabe 1995, Iwauchi and Ikeda 1992), Na+-p-aluminas



(Fray 1992) and Lithium nitride (Rabenau 1982) which have a 2D conduction plane 

and NASICON (NagZr2 PSi2 0 i2 ) (Goodenough et al 1976) which has a three 

dimensional tunnel structure (Hong 1976).

1.1.1.3. Heavily doped and massively disordered materials.

These represent materials in which mobile defects are readily created in two 

different ways. The former type exemplified by yttrium doped Ce0 2  has mobile 

oxygen ion vacancies created as charge compensation for the trivalent yttrium ions 

substituting for a tetravalent cerium ion (Gerhardt-Anderson and Nowick 1981, Wang 

et al 1981). In the case of RbBiP4  an example of the latter type, the creation of 

vacancies, in the form of anion Frenkel defects, is facilitated by the presence of the 

two cations randomly distributed on the cation sublattice (Cox et al 1994, Matar and 

Reau 1980).

1.1.1.4. Proton conductors

The class of superionic conductors in which the conductivity arises from 

mobile protons migrating through the material lies outside the scope of this thesis but 

some examples are given briefly here. Proton conductors may be divided into two 

groups i.e. inorganic acids and hydrated systems. In the inorganic acids e.g. HNbOg 

and HTaWOg, a lattice of linked MO5  octahedra contain unsolvated protons 

distributed among interstitial sites, (e.g. Fourquet et al 1983). The protons may 

migrate through the lattice and exhibit quantum-mechanical transport mechanisms 

such as phonon-assisted tunnelling. Hydrated systems, of which the best known are 

the HUP type proton conductors e.g. HUP (HUO2 PO4 .4 H2 O) and DUA 

(DUO2 ASO4 .4 D2 O), contain water molecules, hydrogen bonded to form layers 

alternating with layers of (P0 4 )3 -/(U0 2 )^’ ions. The extra proton is solvated in the 

water layers to give HgO^[Bernard et al 1981, Fitch et al 1983, Fitch 1986) or Hg0 2 + 

(Kreuer et al 1982,1983) which migrates through the lattice.



1.1.1.5. lonically conducting polymers.

These materials, which are formed by dissolving ionic salts e.g. alkali halides, 

in polymers containing polar ions for example polyethylene oxide (PEO), are the 

subject of much current research due to their potential applications in device 

manufacture where the mechanical properties of a polymer are particularly 

advantageous ( Chadwick and Warboys 1987).

1.1.1.6. Amorphous conductors.

There are many examples of these materials, including silicate and borate 

glasses, and they have been studied for many years. One material in this class of 

particular recent interest is Lithium Borate (Li2 O)xB2 0 3  which has high cation 

conductivity (see e.g. Tuller 1989).

Specific materials, some of which have been referred to in the above 

classification are now discussed in more detail to exemplify important aspects of ionic 

conduction.

1.1.2 Layer and Tunnel structured materials

1.1.2.1 Na+-P-Aluminas

Sodium beta aluminas are layered structured materials and have been very 

intensively studied due to the use of sodium beta alumina in the sodium sulphur 

battery. The general formula is Na2 0 .1 1 Al2 0 3  and the sodium can be replaced by 

another alkali metal. Real samples do not, however, usually have this stoichiometry 

and are more usually of the form (Na2 0 )y .ll(A l2 0 3 ). with x typically 1.3.

The structure of these materials comprises spinel structured blocks of AI2 O3  

with mobile alkali metal ions and bridging oxygens forming a conduction plane 

sandwiched between (Beevers and Ross 1931, Peters et al 1971). The conduction 

plane is a hexagonal net with two types of site known as Beevers-Ross and anti- 

Beevers-Ross. It has been shown (Heyes et al 1980) that the conductivity is related to 

the degree of non-stoichiometry with the near stoichiometric beta-alumina having an



activation energy of 0.6 eV and a considerably lower conductivity than that of the 

non-stoichiometric form whose activation energy is about 0.17 eV. It can be seen 

therefore that the conductivity depends upon an excess of sodium ions in the 

conducting plane. There is evidence (Colomban and Lucazeau 1980) that these occupy 

the Beevers-Ross site in the stoichiometric material. Calculations investigating these 

relationships between structure, stoichiometry and conductivity are discussed in 

section 1 .2 .2 .

1.1.2.2 Lithium nitride.

This is probably the best know Li+ ion conductor and has appreciable 

conductivity (~ 10"  ̂A cm 'i) at 500C (Rabenau 1982). The crystal structure consists 

of U 2 N layers with hexagonal arrays of lithium ions and adjacent layers of bridging 

ions and nitrogen ions. Conduction takes place principally parallel to these layers, 

although there is a small degree of conduction perpendicular to the layers with the 

conductivity in the latter direction being only about a thirteenth of that in the former. 

Simulations of the structure of this material and of the defect formation and migration 

mechanism in the conduction plane are described in section 1 .2 . 2

1.1.3 and Cn+ conductors

There are many known Ag+ and Cu+ conductors of very high mobility. 

(Schultz 1982) The most widely studied is a-AgI which has a conductivity of the 

order of 1 Acm-l at 500K (Huggins 1975). These may be divided in two major 

classes. The first type have a body centred cubic sub-lattice and include a-AgI 

(Hoshino 1957), a-CuBr and a-AggSI ( Reuter et al 1967) and the second e.g. a - 

Ag2 Hgl4  and P-CuCl have a close-packed rigid sub-lattice. In both cases the cations 

occupy tetrahedrally co-ordinated sites and the mobility arises from the existence of 

many more of these symmetrically equivalent sites than there are cations to fill them. 

The greater mobility and low migration enthalpies of the bcc structured materials may 

be explained by the difference between the pathways utilised in the migration. In the



close-packed systems the tetrahedral sites share only comers with adjacent sites and so 

migration must take place via the octahedral site whereas in the bcc materials a direct 

migration across the shared faces of the two sites provides a low energy and 

continuous migration pathway.

1.1.4 Fluorite Structured Materials

There are a number of systems which have the fluorite crystal structure (fig 

1 . 1 ) and display fast ionic conductivity either as pure materials above a transition 

temperature or on doping with aliovalent ions (dopant ions whose charge differs from 

that of the host). Work on fluorite structured materials has been reviewed by Gillan 

(1989) and some typical examples are discussed here.

1.1.4.1 Halide ion conductors

These include CaF, PbP2  and SrCl2  which undergo a transition to superionic 

behaviour corresponding to a diffuse phase change and RbBiF^ which has high 

conductivity at lower temperatures due to its large degree of cation sublattice disorder.

1.1.4.1.1 Strontium chloride

SrCl2 , as with other fluorite structured materials, shows a specific heat 

anomaly corresponding to a diffuse phase transition, in this case at ~ lOOOK, 

(Schroeder and Nolting 1980) and it is at temperatures above this phase transition that 

fast ion conduction is observed (Gillan and Dixon 1980, Dixon and Gillan 1980). It 

was postulated that this was a sub-lattice melting phenomenon but single crystal 

studies of high temperature SrCl2  (Dickens et al 1982) show that the vast majority of 

anions remain at or around anion lattice sites. In fact the 'liquid like' sublattice 

explanation of fast ion conduction has been found to apply to only a very small 

number of systems, most notably high temperature Ag2 S where very high degrees of 

cation disorder are observed (Wuensch 1992). The application of simulation methods 

to the understanding
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of this phase transition is discussed in section 1 .2 .2 .

1.1.4.1.2 Rubidium Bismuth Fluoride

RbBip4  differs from the other fluorite ionic conductors discussed here in that it 

has a fluorite structure but with a disordered cation sublattice with the Rb and Bi 

distributed over the cation sites. The high conductivity of this material (Matar et al 1980, 

Matar and Reau 1982) has been measured and the structure has been investigated using 

EXAFS which shows anion disorder occurring principally around the cation sites 

occupied by rubidium ions (Cox 1989). This suggests that vacancy generation is favoured 

at anion sites around which there is an excess of rubidium ions. The relaxation of the 

rubidium away from the vacancy site which occurs as a consequence of this is observed 

using EXAFS as a shortening of the rubidium-fluorine distance with increasing 

temperature. The migration mechanism for diffusion in this material has been investigated 

using Molecular Dynamics simulation and these calculations are described in section

1.2.3.

1.1.4.2 Oxide Ion Conductors

Studies of the conductivity of fluorite structured materials have been carried out 

for many years (Ure 1957, Fielder 1967, Barsis and Taylor 1966, Barsis and Taylor 1968, 

Bollman and Henniger 1972, Bollman and Reimann 1973, Bollman 1973) and the 

parameters for transport in these materials have also been deduced using diffusion 

(Matzke 1970, Matzke and Lindner 1964, Matzke 1973, Matzke 1986, Matzke 1987) and 

nuclear magnetic resonance (Lysiak and Mahendroo 1966) (Miller and Mahendroo 1968) 

and computer simulations (Catlow, Norgett and Ross 1977) (Dixon and Gillan 1978).

Using complex plane impedance analysis the behaviour of the fluorite structured 

oxide ion solid solution conductors Zr0 2  Ce0 2  and Th0 2 , which exhibit conductivities as 

high as 0.1 S/cm at lOOOK, has been analysed and the main conclusion is that the



characteristics of the conduction are explained in terms of defect interactions between the 

dopants and vacancies (Nowick and Park 1976, Nowick 1979, Nowick et al 1979, Kilner 

and Steele 1981, Gerhardt-Anderson and Nowick 1981, Gerhardt-Anderson and Nowick 

1985, Gerhardt-Anderson 1987, Butler et al 1983). When the dopant is trivalent there is a 

charge associated with the vacancy/dopant defect pair and Coulomb interactions dominate 

the binding energy of the defect (Wang et al 1981, Wang and Nowick 1981). The defect 

interactions are already significant even at low temperature, e.g. at 15 mol% Y2 O3 in 

ceria the association energy is 0.3 eV compared with a migration energy of 0.67 eV. The 

large effect of even small binding energies on the conductivity (Kilner and Waters 1982) 

and the dominance of the pair binding energy in the activation energy (Kilner and Brook 

1982) prompted a number of computational studies of this property which are described 

in section 1 .2 .2 .

1.1.4.2.1 Conductivity in Yttrium Doped Ceria.

In Ce0 2  doped with yttrium, conductivity is based on rapid ion transport but can 

be explained in terms of a simple hopping model. The variation of conductivity exhibits 

interesting features, common to other doped fluoride structured oxides. The vacancies 

which are instrumental in the conduction are produced by the substitution of tetravalent 

cerium ions with trivalent yttrium ions, generating a charge compensating oxygen ion 

vacancy for every two substitutions, which has a migration activation energy of 0.5 eV. 

At low doping levels the conductivity is controlled by this energy and the interaction 

between the substituted ion and the created vacancy. This 'binding energy' is dependent 

on the radius of the dopant cation and that of the host cation. For Yttrium concentrations 

of less than 1 mol % oxygen ion transport can be shown to be dependent on the 

equilibrium between defect clusters and free vacancies (Gerhardt-Anderson and Nowick 

1981, Wang et al 1981) but for higher levels of doping these models fail to predict the 

conductivity behaviour correctly. There is a peak in the conductivity/dopant concentration
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curve at 6 - 8  mol% followed by a sharp decrease as doping levels rise. This effect has been 

studied using the Monte-Carlo technique and these simulations are discussed in section

1.2.3. It is interesting to note that there is a strong dependence of activation energy on the 

ionic radius of the dopant relative to that of the tetravalent cerium ion (Gerhardt- 

Anderson and Nowick 1981) showing a minimum for dopants whose ionic radii closely 

resemble that of Ce^+ in Ceria. It has been suggested (Kilner 1983) that this is due to a 

strong strain component in the binding energy of the dopant and vacancy.

1.1.4.2.2 Uranium Dioxide.

Uranium dioxide, like several fluorite structured materials, is a superionic 

conductor at high temperatures (Clausen et al 1984), as is confirmed by neutron 

diffraction and quasi-elastic scattering measurements (Clausen et al 1984, Hutchins et al 

1985, Hutchins 1987). Ionic migration in the material has been modelled by shell-model 

Molecular Dynamics simulations which are discussed later in this chapter.

1.1.5 Pyrochlore Structured Oxides

These materials are fast-ion conductors with a structure related to that of the 

fluorite and are the main concern of this thesis. Their structure and properties are 

introduced and discussed in detail in chapter 2 .

Aspects of the experimental study of the materials discussed above raise questions 

relating to defects, structures and migration mechanisms. It is the central aim of this thesis 

to investigate these problems using computer simulation methods which have been 

applied extensively in recent years to the study of ionic conductors - as discussed in the 

next sections.
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1.2 Computer Simulation

The use of computer simulation techniques to guide, interpret and stimulate the 

investigation of chemical and/or physical properties of solid materials is well established 

and has yielded much qualitative and quantitative information (Catlow and Mackrodt 

1982, Mackrodt 1984, Catlow et al 1989, Catlow 1989, Xie & Cormack 1989, Mackrodt 

et al 1980, Catlow, Parker and Allen 1989, Harding 1990, Catlow, Bell and Gale 1994). 

The investigation of defect formation, migration and aggregation may be achieved using 

calculations of the energies associated with such defects (Harding 1990, Catlow 1983, 

Lidiard and Norgett 1972, Norgett 1974). Using static lattice simulation techniques it is 

possible to predict the structures of crystals i.e. unit cell dimensions, and atomic positions 

within the unit cell. These techniques may be used for the investigation of the distortion 

of a lattice from an ideal model or to distinguish between proposed structural models 

(Parker 1983, Bell, Jackson and Catlow 1990, Cormack, Catlow and Tasker 1983, 

Catlow, Cormack and Theobald 1984, Wright et al 1992). The effect upon the sümcture of 

a crystal lattice of point defects i.e. interstitial atoms or ions, vacancies and substitution of 

impurities - or combinations of these - and of extended defects such as grain boundaries, 

shear planes, surfaces and interfaces (the last two may be considered as defects as they 

break the periodicity of the lattice) may also be studied using simulation techniques and 

examples of these are given later. The underlying theory and computational methods 

employed are covered in chapter 3.

Physical properties of the crystal lattice, usually dielectric and elastic constants 

and phonon dispersion curves can also be calculated. These are often used to evaluate the 

quality of the interatomic potentials which are fundamental to all of the techniques 

discussed in this thesis. Indeed the comparison of these calculated values with observed 

values gives an indication of the accuracy with which the potential model represents the 

interactions within the material. Conversely one can also use these properties, together
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with the structural parameters, to determine parameters for a potential model by 

iteratively fitting the potential to reproduce the structure and properties of the material 

being modelled, a process known as empirical fitting.

Defect property calculations may be divided into three categories. Molecular 

Dynamics (MD), Monte Carlo simulations (MG), and static minimisation techniques. 

Static lattice energy calculations and Molecular Dynamics and Monte-Carlo techniques 

may be used to get information not easily obtained from experimental measurements 

(Mackrodt 1983, Soules 1982). One example of a field in which simulations can be used 

to extend the information available from direct measurements is in the study of the 

behaviour of systems at the limit of physical conditions, such as the very high 

temperatures and pressures experienced by phases of geological interest (Weidner and 

Price 1988, Catlow and Price 1990, Parker, Cormack and Catlow 1984).

The high cost of performing experiments at these elevated pressures and 

temperatures and in some cases the present inability to reproduce such conditions make 

simulation a useful complementary technique. Similarly in investigating the behaviour of 

materials such as the Uranium dioxide in nuclear reactor fuel pins and the Assion 

products produced during the operation of the reactor the large number of calculations 

performed (Catlow 1978, Jackson and Catlow 1985, Grimes 1988, Ball et al 1989, 

Grimes, Catlow and Stoneham 1989, Grimes and Catlow 1991) have provided 

information which could only be obtained experimentally with extreme difficulty showing 

that the defect chemistry is strongly dependent on the variable stoichiometry exhibited by 

uranium dioxide.

A brief description of the use Molecular Dynamics Monte-Carlo and static lattice 

minimisation techniques is presented for comparison. The Monte-Carlo simulation 

method is described briefly as the results of such calculations are not reported in this 

thesis and so a more detailed description is omitted. The techniques and underlying theory
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of Molecular Dynamics simulations and static lattice energy minimisation calculations 

are discussed in detail in chapter 3.

1.2.1 Molecular dynamics

The Molecular Dynamics technique has been used extensively to investigate 

transport properties in high temperature materials and a number of these simulations are 

discussed later in this chapter in the section dealing with simulation of fast-ion 

conduction. The application of this technique is very broad. For example Molecular 

Dynamics has also been used to determine the position of organic molecules in 

microporous hosts which may be difficult to achieve using diffraction methods due to the 

averaging of thermally disordered guest molecules. A recent illustration is the 

investigation of the location of l,4dibromobutane in Na-zeolite Y (Kazkur et al 

1993). Molecular Dynamics simulations yield information on the properties of materials 

which cannot be calculated using static lattice energy minimisation techniques e.g. 

diffusion rates and coefficients, amplitudes of thermal vibration and structural 

information (in the form of radial distribution functions) for amorphous materials such as 

glass and polymers. Molecular Dynamics has been successfully employed to study the 

structure of glasses by simulated quenching from the melt. The radial distribution 

functions obtained from neutron data can be accurately reproduced (Vessal et al 1989, 

Fueston and Garafolini 1988) and more complex alkali silicate glasses have also been 

successfully simulated using these techniques (Vessal et al 1993).

1.2.2 Monte-Carlo Simulations

The process involved in performing Monte-Carlo (so called because of the use of 

random numbers) simulation techniques may be summarised thus;
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An ensemble of configurations is generated for the system of interest by making a series 

of random moves. The new configuration is then accepted or rejected according to a 

procedure due to Metropolis et al (1953). Monte-Carlo techniques generally allow a 

broader exploration of configurational space than Molecular Dynamics. The lack of a 

time element, however, means that dynamic information may not be obtained directly.

Typically Monte-Carlo simulations are used for determining the distribution of 

sorbed molecules in microporous solids (Yashonath et al 1988) and atoms adsorbed on 

surfaces (Nicholson et al 1990) and investigation of magnetic properties in metallurgy 

and structure of amorphous polymers (Binder 1992 a,b). And,although Monte-Carlo 

simulations may not be used to get information directly on dynamic properties due to the 

lack of a time component in the simulation, it is possible to investigate diffusion

in complex solids by statistical sampling of the competing diffusion possibilities (Murch 

1982). The technique involved is;

(i) A simulation box containing lattice ions (and defects) is defined with periodic 

boundary conditions. Jump frequencies are defined which may be calculated from the 

activation energies.

(ii) A defect and a jump are selected at random and are allotted a

jump frequency by virtue of the local environment of the migrating ion.

(iii) Using the Metropolis algorithm referred to earlier, it is decided whether the 

jump is successful.

(iv) A new jump is then selected and these last two steps are repeated many 

(typically several thousand) times.

Information on the nature of the diffusion process can then be deduced from the 

drift of the atoms in the simulation box during the simulation.

This technique was used (Murray et al 1986) to investigate the variation of conductivity 

of yttrium-doped cerium dioxide with doping level, described in an earlier section. They 

were able to reproduce the maximum in conductivity at approximately 1 0  mol%.
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1.2.3 Static Lattice Techniques

Despite the obvious advantages of the Molecular Dynamics and Monte-Carlo 

techniques they are computationally expensive. Molecular Dynamics, as is discussed in 

detail later, uses small time steps (of the order of femtoseconds) to build up a simulation 

whose 'real time' duration must therefore be only of the order of nanoseconds. Static 

methods are still used where the defect formation or migration energies are too high for 

Molecular Dynamics to be able, in the time available, to exhibit the processes of interest 

spontaneously. Moreover, in situations where the polarisation is important, as is common 

in ionic materials. Molecular Dynamics may be inappropriate as the inclusion of the shell 

model (see section 2.4) is computationally expensive (Lindan and Gillan 1994).

Static lattice techniques are the simplest simulation approach, they essentially 

involve minimisation of the potential energy of the system (calculated by summation of 

the interatomic potentials). The reliability of these techniques may best be illustrated by a 

discussion of the calculation of point defect energies. The underlying theory and 

computational methods employed in these calculations is given in chapter 3 and there 

follows a description and examples of their application. First, however, we introduce the 

basic types of point defects.

1.2.3.1 Point defect structures

The two principle thermal defect structures are Frenkel disorder, where an atom or 

ion is displaced from a lattice site into an (adjacent) interstitial site and Schottky disorder 

(Wagner and Schottky 1930) where two (or more) vacancies are created in stoichiometric 

proportion.

These defects are generated thermally, and there will always be a finite 

concentration of these in a crystal above absolute zero, as was first realised by Frenkel 

(1926). However high the energy needed to create a point defect, the entropy gained
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because of the large number of possible configurations of the defective crystal will always 

ensure that the concentration of point defects is not zero.

Defects may also arise as a result of charge-compensation for a substitution of an 

aliovalent ion i.e. one whose charge differs from that of the ion for which it is substituted. 

Defects may also arise by mechanical processes or radiation damage (see Henderson 

1972) but these are not covered in this thesis and will not be considered further.

Thermal effects may be included in static simulations using free energy 

minimisations (Parker et al 1989) which calculate the dependence of properties on 

temperature in terms of their dependence on cell volume and the way that it varies with 

temperature using quasi-harmonic lattice Dynamics (Hautman and Klein 1989, 1990). 

The Mott-Littleton method for the study of defects are also being extended to the 

development of electronic structure techniques using either embedded cluster techniques 

e.g. the work by Shluger et al on excitons (Shluger et al 1992) or periodic boundary 

conditions e.g. the work of De Vita et al (1992) on defects in MgO. With the steady 

increase in computer power these methods are becoming available to a wider range of 

people and potentially applicable to an increasingly complex set of problems.

The static lattice technique presents us with the ability to calculate the 

macroscopic consequences of a postulated atomic-level mechanism or structure allowing 

us to assess the relative contributions of competing processes. Thus, for example, in the 

present work we have been able to support the proposal that the ionic conduction in 

pyrochlores proceeds via an anion 48f vacancy migration mechanism and that the 

existence of disorder on the cation sublattice is a significant contributory factor. By using 

simulation, these effects may be separated from other effects such as extended lattice 

defects and impurities, which is difficult to achieve experimentally. We now review some 

of the applications of static lattice methods to ionic materials.

1.2.4 Ionic Materials
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The static lattice technique has been used for calculation of defect energies and 

investigation of defect chemistry in a number of systems starting with the basic defect 

energies in simple ionic compounds e.g. NaCl, (Catlow et al 1979) Cap2  , (Catlow, 

Norgett and Ross 1977) and MgO (Mackrodt and Stewart 1979). Calculated values for a 

number of defects in ionic materials are given in table 1.1 (Mackrodt 1982) together with 

experimental values, where available, for comparison. Reviews of results of simulations 

of ionic materials is given by Catlow and Stoneham (1989) and Harding (1990).

Table 1.1 Calculated and Experimental Defect Formation Energies in Ionic Materials
(all energies are in eV)

Materials Theory Experiment
Lip (Schottky) 2.37 2.34-2.68

NaCl (Schottky) 2 . 2 2 2.20-2.75
2.32

KBr (Schottky) 2.27 2.37-2.53
Rbl (Schottky) 2.16 2 . 1

MgF? (Anion Frenkel) 3.12 -

CaF? (Anion Frenkel) 2.75 2.7
SrF? (Anion Frenkel) 2.38 2.5
BaF? (Anion Frenkel) 1.98 1.91
CaCl? (Anion Frenkel) 4.7 -

AgCl (Cation Frenkel) 1.4 1.45-1.57
y-CuCl (Cation Frenkel) 1.05 1 . 1 1

Li?0 (Cation Frenkel) 2.28 -

MgO (Schottky) 7.5 -5-7
BaO (Schottky) 3.4 -

a-Al^Oi (Schottky) 5.14 3.7
a-Fe^Oc, (Schottky) 4.46 -

MnO (Schottky) 4.6 -

FeO (Schottky) 6.5 -

MgAl^O^ (Schottky) 4.15 -

ZnO (Anion Frenkel) 2.51 -

UO9 (Anion Frenkel) 5.47 5.1
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Here I give a description of some more recent work on doping in MgO and defects 

in transition metal oxides as examples of the techniques used before going on to examine 

simulations of fast-ion conductors.

Defect energy calculations have been used to examine the behaviour of dopants in 

alkaline earth oxides, specifically MgO. These dominate the behaviour of the material as 

the energies for intrinsic defects are high. Calculations of Sangster and Stoneham (1981) 

of the solution energy, using techniques described in chapter 4, show an increase in the 

solution energy of divalent dopants in MgO as the difference in size between the dopant 

cations and the divalent Mg cation increases (see table 1.2). This effect is a direct result of 

the increasing strain energy to which the relationship between dopant radius and 

conductivity is attributed in doped ceria (Gerhardt-Anderson and Nowick 1981).

Table 1.2 Doping of MgO, all energies are in eV

Impurity Solution

Energy

Binding

Energy

Migration

Energy

Experiment

Be^+ 2.69 -1.48 1.48 1.60,1.68

Ca2 + 1.07 -0.09 2.29 2.13,2.76

Sr2 + 2.84 -0 . 2 0 1.78 2.91,3.09

Ba2 + 4.94 -0.31 1.17 1 .6 - 1 . 8

Work on defects in FeO and other transition metal oxides is reviewed by 

Tomlinson et al (1990). The principle defect here is the cation vacancies with charge 

balancing electron holes (Wuensch 1983). Catlow and Fender (1975) calculated that 

these defects should form defect clusters comprising an Fe^+ interstitial surrounded by 

four cation vacancies ( the 4:1 defect cluster). Larger defect complexes, built from this 

unit can then form. Later calculations (Mackrodt 1981, Tomlinson et al 1990) suggest that
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these clusters are stable by about 1.0-1.5 eV per interstitial, with respect to the isolated 

vacancies and interstitial. There is experimental evidence for the existence of such 

structures in FeO (Koch and Cohen 1969, Cheetham et al 1971). The situation in MnO, 

CoO and NiO has been examined further (Tomlinson et al 1990) and they predict that 

clusters will form in MnO and CoO but only as single 4:1 clusters whereas in FeO larger 

clusters will form. In NiO clustering is not predicted to occur and only the doubly and 

singly charged vacancies are believed to be important.
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1.2.5 Simulation o f Fast Ion Conductors

Most simulation studies of fast ion conductors have been performed on two types 

of system : the anionic conductors with fluorite structure, e.g. Cap2  (Gillan 1983, Catlow, 

Diller and Norgett 1977) and the cation conductors Agi and Cul. Dynamical simulations 

on Agi (Vashishta and Rahman 1982, Chiorotti et al 1986) have been performed using 

calculated dynamical structure factors which show that, in this case, the simple hopping 

model is valid. The Molecular Dynamics approach allows the study of complex 

mechanisms where static lattice simulations, which can only simulate simple hopping 

mechanisms and can not include temperature effects, are limited. A review of the 

application of Molecular Dynamics to fast-ion conduction in Agi is given by Rahman 

and Vashishta (1983).

There has also been some simulation studies of NaMgFg (perovskite), the layer 

compounds of p and P" alumina (Walker and Catlow 1981, Smith and Gillan 1992) and 

LigN (Gillan 1985, Wolf and Catlow 1984) and the 3D tunnel structured NASICON 

(Na3Zr2 PSi2 0 j2 ) (Choi et al 1995). We now consider individual systems in greater detail.

1.2.5.1 Na-p-aluminas

The conductivity of sodium beta alumina and its relation to stoichiometry have 

been investigated by simulation methods with calculations focussing on the Na ion 

mobility and the effect on this of the structural characteristics of the stoichiometric and 

non-stoichiometric materials. Calculations by Walker and Catlow (Walker and Catlow 

1981) found the most stable isolated interstitial to be that at the anti-Beevers-Ross site 

and that a migration proceeding by an interstitialcy mechanism gave an Activation Energy 

of 0.5 eV This agrees well with the data of Heyes et al described earlier for near 

stoichiometric Na-p-alumina as it is likely that there is a small excess of sodium ions, 

probably existing as interstitials in the conduction layer, in the materials on which the
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measurements were performed. The high conductivity of the greatly non-stoichiometric 

Na-p-alumina and the high occupancy of mid-oxygen sites described earlier can be 

explained in terms of defect clustering and the occurrence of an alternative vacancy 

migration mechanism. Calculations on Na-p”-alumina in which the Beevers-Ross and 

anti-Beevers-Ross sites are both occupied give low activation energies of 0.16eV for a Na 

vacancy migration in support of the model. Extensive Molecular Dynamics studies of Na- 

P"-Alumina have been performed (Smith and Gillan 1992). They have been able to 

reproduce the non-Arrhenius behaviour of the conductivity, which is accompanied by the 

breakdown of the vacancy superstructure in the conducting plane and its dependence on 

stoichiometry. By using long time simulations the spontaneous formation of this 

superstructure at low temperature has been observed in the simulation.

1.2.5.2 Lithium Nitride

Better understanding has been gained of the migration mechanisms at work in this 

material by the use of Molecular Dynamics techniques (see Gillan 1985). Molecular 

Dynamics simulations of the NVE type (i.e. in which the number of atoms, volume of the 

simulation box and total energy of the supercell are constant) has yielded the following 

information about the atomic level processes involved in the diffusion (Wolf and Catlow 

1984):

Lithium vacancies in the conduction plane can easily be generated by lithium ions 

moving into interstitial sites in the gaps between the LigN layers. The mobility of the 

resulting vacancies occurs as a result of the correlated motion of a number of lithium ions. 

There are more than one of these correlated motions available, one example involving the 

correlated motion of six lithium ions. This high degree of correlation and low activation 

energy for vacancy generation explains the high conductivity exhibited by this material 

even at relatively low temperatures.
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1.2.5.3 Fluorite structured materials

The fluorite structure oxides are the most well known and studied as they have 

relatively high conductivity and low activation energies (Gillan 1989, 1983). They are 

not, in general, intrinsic ionic conductors at lower temperatures and must be doped with 

acceptor dopants to have appreciable ionic conductivity. This means that the conductivity 

is reduced by dopant interactions and this can be seen from the relationship between 

dopant concentration and conductivity (Nowick 1979) which shows a maximum in ionic 

conductivity and a minimum in activation energy for a dopant level of a few mole 

percent. At higher dopant levels defect association becomes significant and the 

conductivity decreases.

The ionic radius has been shown to have a crucial effect on this phenomenon 

(Kilner 1983, Kilner 1982, Steele and Kilner, Kilner and Brook 1982) and it is suggested 

that the degree to which the ionic radius (Shannon and Prewitt 1969) of the dopant is 

close to the radius of the cation it replaces controls the binding energy of the defect 

created and hence the activation energy. We show in chapter 4 that the ionic radius of a 

dopant affects the solubility of dopant cations in pyrochlores

Computer simulations, calculating the elastic constants of fluorite structured fast- 

ion conductors and cubic zirconias have been compared with brillouin scattering 

experiments (Comins et al 1990) giving good agreement with measured values and have 

aided the understanding of the nature of the phase transition and ionic diffusion.

In a number of fluorite structured materials Molecular Dynamics has reproduced 

faithfully the behaviour of the materials and has been used to elucidate the mechanisms of 

fast-ion conduction (Gillan and Dixon 1980, Walker et al 1982, Gillan 1986a,1986b, 

1989).
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1.2.5.3.1 Strontium Chloride

As discussed in section 1.2.1 SrCl2  superionic conductivity is not best explained 

in terms of sub-lattice melting. Calculations support this conclusion (Catlow 1987). The 

enthalpy of the diffuse phase transition calculated from specific heat measurements is 

about 0.1 eV while Frenkel energies are calculated to be 2-3 eV. This discrepancy may be 

explained in terms of interactions between the vacancies and interstitials. Calculations 

have shown that this effect can reduce the energy of formation by up to 50%. This still 

leaves an excess of defect energy in the calculated values which may be explained by the 

formation of more complicated defect clusters (see Catlow 1987) which are also in 

agreement with Bragg scattering (Dickens et al 1982, 1984) and quasi-elastic scattering 

(Dickens et al 1978, 1982) data . At low temperatures the activation energies for vacancy 

migration are known to be less than that for interstitials and are of the order of 0.3-0.5 eV. 

Interstitials move by displacing an adjacent ion into an interstitial site. At higher 

temperatures, in the superionic region, the increased lattice parameter allows easier 

interstitial migration and there are contributions from both interstitials and vacancies to 

the migration process. Molecular Dynamics calculations ( Dixon and Gillan 1980) support 

the view that only limited disorder is involved in the migration process and validate the 

simple hopping mechanism for anion transport in this case, which is assumed by the static 

lattice calculations.

1.2.5.3.2 Rubidium Bismuth Fluoride.

This material is a highly cation disordered fluorite is described in section 1.1.2 

The migration mechanism for fast ion conduction has been investigated using Molecular 

Dynamics (Cox 1989). As with other fluorite structured materials the anion conductivity 

proceeds by the interstitialcy mechanism with the vacancy moving by successive 

displacements of lattice anions into interstitial sites. The picture in RbBiF^, however, is
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more complicated involving the correlated interstitial motion of several fluorine ions. As 

with LigN this is an example of the use of simulation techniques and experimental 

observations together to determine the migration mechanisms and defect generation 

processes involved in the conduction and diffusion characterictics of the material.

1.2.5.3.3 Uranium Dioxide

Uranium dioxide has been simulated using both rigid ion and shell models. The 

rigid ion simulations (Walker and Catlow 1981, Sindzingre and Gillan 1988, Gillan 

1989) have been able to model the behavour fairly well and have been used, for example, 

to interpret the thermal conductivity at high temperature. Rigid ion models cannot, 

however, be used to model phonon dispersion and the high polarizability of uranium 

dioxide is usually modelled using the shell model (Dick and Overhauser 1958) which has 

recently been incorporated into Molecular Dynamics (Lindan and Gillan 1993, 1994). 

These reproduce well the superionic behaviour of the material but exhibit a transition 

temperature about 200-300K higher than that observed experimentally.

Lindan and Gillan (1993) have performed similar shell-model and rigid ion 

simulations on calcium fluoride. Calcium fluoride shows a diffuse phase transition from 

normal to superionic conductivity at 1420 K with fluoride diffusion coefficients 

approaching liquid-like values (Derrington et al 1975, Hayes and Hutchings 1989). They 

find that, for this system the behaviour is modelled well and that the inclusion of the 

polarisation modelling shell model has little effect on the ability of the model to do so. 

This is not too surprising as neither the calcium nor the fluorine ion is strongly 

polaiizable.

1.2.5.3.4 Doped Fluorite Oxides

Calculations (Mackrodt and Stewart 1979) of the binding energies of a number of 

cation defects in MgO show a relationship between this energy and the size of the cation
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for isovalent dopants where no charge interactions between the cation and vacancies are 

involved. This effect has been calculated to also be exhibited by the doped fluorite 

structures (Butler et al 1983) and the results agree well with measurements (Gerhardt- 

Anderson and Nowick 1981) which show binding to be at a minimum when the dopant 

radius is closest to that of the host cation. For dopants larger than the host the increase is 

less than that for dopants smaller than the host, which is supported by the conductivity 

data.

1.2.5.3.5 Yttrium doped Ceria

Simulations have been performed (Catlow 1992) to investigate the processes 

underlying the relationship between dopant concentration and conductivity in yttrium 

doped Ce02 using Monte-Carlo Simulation methods. The results reproduce the 

conductivity data well qualitatively with the maximum in the conductivity at doping 

levels of 6 - 8  mol% being reproduced, as is the subsequent rapid decrease in the 

conductivity. Qualitative agreement is not achieved which is not expected due to the 

simplicity of the model and is, moreover, not essential to the understanding of the 

mechanisms involved. Analysis of the simulations shows that the decreased conductivity 

is caused by the vacancies undergoing a series of jumps which result in no net movement 

in any one direction, such as oscillation between two sites or movement around a single 

dopant cation, which therefore do not contribute to conduction.

It should be clear from the above accounts that simulation studies have played a 

central rôle in advancing our understanding of ionic transport, especially in fast ion 

conduction. This thesis is concerned with their application to pyrochlore structured 

materials and the final section of this introductory chapter reviews the motivation for this 

work.
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1.3 Motivation.

The finite and irreplaceable nature of fossil fuels together with the depletion of the 

ozone layer and greenhouse effect associated with the emission of carbon dioxide and loss 

of confidence in the ability to provide safe and economic nuclear power have led over the 

past couple of decades to increased interest in alternative means of power generation such 

as wind, solar and electrochemical, with which we are principally concerned here, and of 

storage. When considering 'renewable' energy sources electrochemical storage becomes an 

issue as these systems, by their nature, provide energy either constantly or in cycles which 

may not match demand. Thus interest in the materials for fuel cells and batteries has been 

prompted with a lot of the early interest coming from the nuclear industry for which 

storage is important due to the efficiency and safety considerations involved in varying 

the output of reactors.

As has been described earlier the phenomenon of fast ion conduction has been 

known for many years and has been widely studied in a number of different systems. The 

examples given of the application of computer modelling techniques to the investigation 

of the processes involved show that this is a useful complementary method in the 

elucidation of the mechanisms which underlie these processes. The pyrochlore structured 

oxides described in section 1.1.3 which display a wide range of ionic and electronic 

conductivity have a range of interesting potential applications. The existence of 

pyrochlores of almost identical structure with the high ionic conductivity required for an 

electrolyte and the mixed conductivity needed for an electrode material raises the 

possibility of having a fuel cell or battery electrolyte and anode whose interface involves 

minimal strain (Moon and Tuller 1989).

These materials also represent an interesting case compared with the other fast ion 

conductors described earlier. They are closely related to the fluorite structured materials 

but conduct at lower temperatures undoped without displaying the diffuse phase transition
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usually associated with fast-ion conduction in fluorite structured materials. This 

behaviour is thought to be due to the systematic vacancies present in the material and the 

consequent absence of dopant-vacancy interactions which cause problems in doped 

fluorite structured materials.

The strongly ionic nature of the material makes the application of static lattice 

energy minimisation techniques a logical choice and the high mobility of the oxide ions 

mean that it is possible to apply the Molecular Dynamics technique to the investigation of 

diffusion.

We recall that the oxide ion conduction in the group of pyrochlore structured 

compounds of general formula A2 B2 O7  (where A is Gd or Y and B is Zr or Ti) has been 

measured (Moon 1980) and a mechanism has been postulated for the diffusion of oxygen 

ions through the crystal which is outlined in chapter 2. The motivation for starting the 

project described in this thesis was to use computer simulation techniques to test this 

postulated migration mechanism and, by comparing the results with measured values for 

conductivity and activation energy, assess its validity and investigate the role of other 

factors such as disorder and doping on the conductivity.
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2. Pvrochlore Structure and Migration Mechanism

Pyrochlore structured oxide materials are the main concern of this thesis. Their 

structure and properties are introduced in this chapter and the defect model used in the 

investigation of their fast ion conductivity and the proposed migration mechanism are 

also presented.

2.1 Pyrochlore structure

2.1.1 Composition

In describing the pyrochlore structure it is useful to refer to the doped defect 

fluorite structure. The fluorite structure is shown in figure 2.2. If some of the cations are 

replaced by dopants of lower charge and these substitutions are randomly distributed an 

appropriate number of oxygen ion vacancies must be created to maintain charge balance. 

If these vacancies are distributed randomly the resulting structure is an ideal defective 

fluorite i.e. one in which there is no ordering of substitutional or vacancy defects with 

respect to themselves or each other.

The pyrochlore structure (figure 2.1) is very closely related to that of fluorite. The 

relationship between the two structures may be seen by comparing figures 2.1 and 2.3 

with figures 2.2 and 2.4.respectively; the last is a projection of part of four fluorite unit 

cells (2 x2 ) designed to illustrate the correspondence between atoms in the two structures.



Figure 2.1 F^iochlore Stmcture.

Red atoms are 4Sf Oxygen, Blue are 8a (Dxygen, 
Purple are ’B’ cation and W liite are ’A ’ Cation
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Figure 2.2 Fluorite Stmcture for Comparison With Figure 2.1



31

48 f 8 a  16C 16D
A nion A nion C ation Cation

Figure 2.3 Projection of that portion of a unit cell with z<= 0.25 of the pyrochlore structure The ionic radii
are as for Gd2Ti2 0 ?

Anion C ation

Figure 2.4 Projection of part of four unit cells of the fluorite structure onto the (1 0 0 ) plane

Compared to the defective fluorite the pyrochlore structure has the following 

characteristics: exactly half of the cations are of the trivalent type and there is ordering of 

the trivalent and tetravalent cations on the 16c and 16d sites and of the oxygen vacancies 

on the 8 b site. Oxygen ions occur on the 8 a and 48f sites, the former being the site of the 

X anion e.g. fluoride in (A+A2 +)(B5+)2 0 6 F.

The pyrochlore structure has space group Fd3m and a cubic unit cell with a lattice
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constant of around 10 Angstroms and a general molecular formula of A2 B2 O6 X where A 

and B are cations and O and X are anions. There are eight of these formula units in a full 

unit cell (Subramanian et al 1983, Knop et al 1969). There are a large number of possible 

compositions which satisfy the constraints of ionic charge and radii which determine 

whether the pyrochlore structure may be adopted. Ionic charges may be (A^+)2 (B'^+)2 0 7 , 

as with the materials studied in this thesis, (A^+)2 (B^+)2 0 7 , (A+A2+)(B5+)206F, 

(A+)(B5 +B6 + ) 0 5  and combinations of these. Additionally the ionic radii must fall within 

certain constraints both upon the absolute cation radius and of cation radius ratio. The 

cation radius ratio is Ra/Rb where Ra is the radius of the A cation and Rg is the radius of 

the B cation. In more complicated pyrochlores, such as the latter two quoted above, and 

solid solutions, such as those discussed later, the effective cation radius ratio depends on 

the relative populations and radii of the cations present, as discussed further later in this 

chapter. The absolute values of cation radius allow for most of the alkaU, alkaline earth 

and lanthanide elements as the A cation and almost any transition element as the B. For 

solid solutions of the form A2 (B'xB"i.x) 2 0 7  the relevant factors are the radius of the A 

cation R a and the average cation radius Rg. Rg is given by

Rg = xRg + (1-x) Rg"

and is a weighted average cation radius depending on the composition parameter, x, and 

the radii of the two B cations Rg* and Rg». Of the materials studied in this thesis the two 

gadolinium compounds (zirconate and titanate) both have pyrochlore structure at ambient 

temperature (Klee and Wietz 1969) as does yttrium titanate. Yttrium zirconate, however, 

adopts the fluorite structure (McCauley 1973) as it lies outside the pyrochlore structure 

stability field by virtue of the cation radius ratio illustrating the fact that materials having 

the correct proportions of permissible elements may still not adopt the pyrochlore 

structure if this condition is fulfilled.

2.1.2 Co-ordination

The A cations have eight nearest neighbour anions forming a distorted cube. The 

B cations, which lie adjacent to the vacant 8b sites, have six nearest neighbour oxygen 

ions which form a distorted octahedron. All the oxygen ions lie within a tetrahedron of
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nearest-neighbour cations as is characteristic of the fluorite structure. The 8 a site has four 

A cations and the 48f site has two A and two B cations. The vacant 8 b site has a 

tetrahedron of four B cations. Consideration of the oxygen ions' second nearest 

neighbours gives an indication of possible migration pathways. All of the oxygen sites 

have other oxygen sites as second nearest neighbours. It is therefore reasonable to suppose 

that these are the sites between which oxygen vacancy hopping will occur. As can be seen 

from figure 2 .3, the second nearest neighbours of the 8 a ions and 8 b sites are always 48f 

oxygen ions with neither forming a continuous network by which diffusion could 

proceed. The 48f sites, on the other hand, have 8 b, 8 a and 48f sites as second nearest 

neighbours, these last forming a continuous chain of oxygen second nearest neighbours 

along which oxygen vacancy-hopping diffusion may take place. This conclusion is 

supported by the results of doping experiments on Gd2 (ZrQ 3  Tio 7 ) 2 0 7  (which was found 

by Moon and Tuller (1988) to be the composition with optimum disorder for conduction) 

which show that the existence of 48f vacancies is instrumental in promoting conduction.

2.1.3 Disorder

The small energy difference between pyrochlore and 'fluorite' phases (by which 

we mean cation and oxygen vacancy disordered systems), especially for those materials 

which lie close to the edge of the stability field, means that structural disorder occurs 

easily (Barker and White 1976). There is evidence of micro domains of pyrochlore and 

fluorite existing in a single sample (Van Dijk et al 1983). In this thesis, as in earlier work 

(Moon 1980, Van Dijk et al 1985), disorder will be treated at an atomic level.

2.2 Properties

Compared to the fluorite structured ionic conductors described earlier pyrochloies 

such as Gd2 Zr2 0 7  possess both advantages and disadvantages for use as oxygen ion 

electrolytes. Stabilised zirconia has a higher ionic conductivity but is subject to dopant 

vacancy association (Wang et al 1981) leading to a reduction in the ionic conductivity. 

Also the metastable nature of doped fluorite structured materials can mean loss of 

performance due to annealing when held at high temperature for long periods during
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which cation ordering can occur.

Pyrochlores, especially zirconates, on the other hand, can be intrinsic anion 

conductors with substantial ionic conductivities when undoped (Moon 1980), which 

means that there is no loss of conductivity due to dopant-vacancy interactions.

Extensive measurements have been made of the electrical properties of rare earth 

zirconates pyrochlore and fluorite structured materials by study of the Gd2 0 g-Zr0 2  , 

Nd2 Û3 -Zr0 2  and Tb2 0 g-Zr0 2  solid solutions (Van Dijk et al 1983, Burggraaf et al 

1981, Van Dijk et al 1985, Van Dijk and Burggraaf 1981, De Vries et al 1982, Burggraaf 

et al 1986, Ter Maat et al 1984).

The important feature of the Gd2 0 g-Zr0 2  conductivity measurements (Van Dijk 

et al 1980) is the anomaly in conductivity exhibited around the pyrochlore composition 

i.e. 33 mol% Gd2 0 g for which there is an increase in the ionic conductivity, obtained 

from measurements of the total conductivity (using the methods described later in this 

chapter), of a factor of five from ~ 0.(X)1 to 0.005 S/cm when the structure changes from 

fluorite to pyrochlore. This is explained in terms of the activation energy and pre

exponential factor (which depends on the effective number of mobile species). The 

activation energy shows a minimum of 0.85 eV at the stoichiometric pyrochlore 

composition and it can be seen from equation I S  that this corresponds to a maximum in 

the ionic conductivity.

Measurements of the conductivity and activation energies for well-ordered 

pyrochlores give values of 70-80 KJ moT^ i.e. 0.73-0.83 eV (Van Dijk et al 1980, Moon 

1980) and it this low value which is achieved rapidly around the mole fraction of 

gadolinia doping corresponding to Gd2 Zr2 0 y which leads us to be interested in 

investigating the degree to which it is the special features of the pyrochlore structure 

which promote high oxygen ion mobility.

Work by Tuller and co-workers at Massachusetts Institute of Technology on the 

Gd2 Zr2 -xTix0 7  and Y2 Zr2 -xTixC>7 solid solutions has provided the following 

experimental data.
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(i) For those examples of the Gd2 Zr2 _xTix0 7  and Y2Zr2-xTixO? solid solutions 

with small values of x (i.e. those with predominantly zirconium cations on the B site) the 

ionic conductivity is higher than for those with large values of x. The latter class of 

compound, approximating to titanates, exhibit mixed conduction (Moon and Tuller 1989, 

Moon and Tuller 1988, Moon 1980, Kramer et al 1991).

(ii) In Gd2 Ti2 0 7  there is less intrinsic anion disorder (i.e. a low concentration of 

anion defects) leading to a low ionic conductivity (< 10"  ̂S/cm)(Moon and Tuller 1989).

(iii) When Gd2 Ti2 0 7  is doped with a series of different dopants of different sizes 

the preferred doping regimes are calcium (presumably on the A site) and Aluminium 

(presumably on the B site) (Tuller 1994, Tuller et al 1993, Kramer 1994). These results 

are consistent with the dopant-size effects observed by Kilner in fluorite systems 

described earlier. We return to the question of site substitution later in the thesis.

(iv) Conductivity measurements on doped gadolinium titanate for a range of 

doping levels (Kramer et al 1994) show similar trends to that described earlier for 

yttrium doped ceria with a maximum in the conductivity observed for approximately 5 

mol%. For A site doping with calcium the activation energy for ionic conductivity drops 

from 0.93eV to 0.63 eV and for aluminium doping on the B site to 0.74 eV.

(v) Oxygen ion mobility is deduced from experiments with calcium doped 

Gd2 Zr2 _xTix0 7  (Kramer and Tuller 1991, Moon and Tuller 1989) and these confirm that 

it is an increase in oxygen ion disorder (i.e. the presence of a greater number of oxygen 

anion vacancies) which leads to the increase in ionic conductivity with increased 

zirconium content. The Y2 Zr2 _xTix0 7  system shows a similar increase in the Frenkel 

disorder (Moon, Spears and Tuller 1989) but, because the migration activation energy is 

higher, the conductivity is lower. Neutron diffraction studies (Haile et al 1990, Heremens 

1993) confirm that the oxygen disorder does increase as the zirconia fraction decreases 

with a reversion to the fluorite structure at high titanium fraction ( -90%).

(vi) The increase in ionic conductivity with zirconia content is matched with a 

decrease in electronic conductivity associated with a narrowing of the Ti3d band (Spears 

et al 1991). The maximum electronic conductivity however, even at high titanium content



36

is limited by the low electron mobility. Addition of Ru on the Ti Site enhances this 

property by supporting electron hopping transport with an activation energy of 0.3 eV

(vii) The materials show varying levels of anti-site cation disorder which, as it 

increases, leads to the environment of the 48f and 8 b ions becoming more similar which 

would suggest that Frenkel defect formation would result. This was tested using the 

dependence of cation disorder on produce cation disordered solid solutions

which have conductivity of approximately 4.5 times that of the corresponding cation 

ordered material.

2.3 defect model

In order to make deductions about defect parameters from electrical measurements 

it is necessary to separate the concentration and mobility of defects. Conductivity 

measurements are nonetheless a worthwhile technique as they are rapid and accurate and 

can be made easily in-situ.

The measurements on which the simulations in this thesis are largely based (Moon 

1980) were made on polycrystalline samples and so it is first necessary to distinguish 

between the contributions made to the total conductivity by the separate electrical process 

such as bulk, grain-boundary and electrode impedance. These have different 

characteristic time constants and may be separated using complex impedance 

spectroscopy, which measures frequency dependent electrical impedance. The underlying 

theory involved in modelling this technique is described in a paper by Bauerle (1969). 

Data on impedances for the conventional model of a polycrystalline ceramic can be 

represented as a series of semicircles in a plot of real against imaginary impedance and 

the plots obtained for the pyrochlore samples measured by Moon correspond well to this 

pattern with little overlap of the different arches. The bulk resistance (from which the 

total bulk conductivity is calculated), corresponds to the intercept of one of these 

semicircles with the real impedance axis and so it is possible to determine this value 

accurately and unambiguously.

The conductivity is given by ;

a  = n ze |Li
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Where G = conductivity (S/cm),

n = defect concentration (cm'3),

Ze = defect charge and 

|I  = mobility (cm^ V" W  ’ l).

Having obtained a value for the total bulk conductivity as described above it is necessary, 

in order to deduce defect parameters, to separate the concentration and mobility terms in 

this expression, which require the development of a defect model.

This is done by consideration of the potential defect generation reactions and 

applying constraints to select the significant contributions. In the case of the pyrochlore 

several defect generation mechanisms are rejected. It is assumed that Schottky defects and 

cation Frenkel defects can be neglected due to their expected high formation energies. 

Cation anti-site defects are also excluded from the defect model for conduction as they 

are self charge compensating and the low mobility of cations at the temperatures of 

interest suggest that they are unlikely to be intrinsically formed except during sample 

preparation. The defect model does, however, include anion Frenkel defects as anion 

interstitials are know to occur easily. Intrinsic electronic defects are also included because 

the bandgap energy of 3-5 eV suggests a small but significant number of elec&on hole 

pairs at higher temperature. A reduction reaction is also included as experience shows that 

these materials can be significantly reduced or oxidised.

This set of assumptions leads to the following defect equations Using the Kroger 

Vink (Kroger and Vink 1955) notation.

0 Î—>Vo + oj', (2 .1 )

<î>—> e ' + h .  (2 2 )

Oo—>+l/2 0^+2e'. (2.3)

Where (|) represents a perfect lattice, Oq an oxygen ion on an oxygen ion site, Vq an 

Oxygen vacancy, O; an Oxygen interstitial, e an electron and h an electron hole. The x 

superscript means the defect is not charged and, where it is, the charge is represented by 

the number of dots or primes in the superscript, the former for a negative and the latter
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for a positive charge. Equations 2.1, 2.1 and 2.3 represent Frenkel defect formation, 

electron/hole pair generation and the reduction reaction respectively.

These equations can then be used to generate an expression for total conductivity 

in terms of electron, hole and ionic conductivity and oxygen partial pressure i.e.

Fitting this to the measured conductivity curves allows the separate contributions to be 

evaluated.

The Arrhenius energy can then be evaluated by plotting the conductivity for 

different temperatures against the reciprocal temperature giving a gradient of -E/k. This 

then gives the activation energy for the respective conductivities (Tannenberger 1966). 

The ionic conductivity for example can be expressed as a function of the temperature T 

and the activation energy for ionic conduction Eaj

GiX = aoexp(-Eai/KT) (X.5)

The migration mechanism proposed by Van Dijk et al (1985) consists of oxygen 

anion vacancy migration along the 48f anion chains. This may be deduced from the 

available data as follows. There are two crystallographically distinct anion sites, the 8 a 

and 48f (fig 2.1). For jumps between these sites to occur there needs to be a vacancy 

before migration can take place. If, however, the mechanism were to involve the 8 b site 

which is systematically vacant then, ueic&oucs, cxL th e  Scte this would not be 

necessary. It is not possible for a continuous migration path using only 8 b sites to be 

formed as the neighbours of the 8 b site on the anion sublattice are all occupied by 48f 

ions. It also turns out that the defect energy for a vacancy on a 48f site is less than that for 

one on an 8 a site, as will be shown in chapter 4.

Thus the proposed mechanism for the anion migration is as follows. An 8 b 

interstitial is created with a corresponding adjacent 48f vacancy as shown in figure 9-.2. 

This vacancy allows a second 48f anion adjacent to the first to migrate across into this 

vacancy. The vacancy has now moved one 48f-48f distance in the opposite direction to 

the migrating ion and it is now possible for the next anion to fill this vacancy causing it to
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move along the line of 48f ions. The details of the mechanism and defect energies 

involved will be discussed in chapter 4.
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3. Simulation Techniques
3.0 Introduction

In this chapter a fuller description of the simulation techniques used and of 

their theoretical basis is presented. Static lattice simulation techniques are reviewed in 

their application to the calculation of lattice energies for perfect lattices and their 

extension to include the Mott-Littleton method for the calculation of point defect 

energies for defects in ionic solids. We then extended our account to describe the 

theory underlying the calculation of the defect energy for extended defects, especially 

surfaces.

A short description of the technique of molecular dynamics then follows 

which we compare with the static techniques in terms of the information available, the 

time and energy required to perform such simulations and the physical significance of 

the results obtained.

There follows a discussion of the interionic potentials which are vital to the 

modelling of solids by these methods The potential models used are described and the 

parameters applied to the pyrochlores employed in these simulations are listed together 

with a discussion of the method by which they were obtained.
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3.1 Static Lattice Simulation of Perfect Lattices

3.1.1 Lattice Energy Calculations

Much of the work reported in this thesis involved the calculation of lattice 

energies and the application of static lattice energy minimisation techniques. The 

lattice energy is defined as the energy of a crystal with respect to its component ions at 

infinity. Its value El  can be written as

The first term on the right-hand side of the equation represents the Coulombic 

interaction between all pairs of ions (the i = j terms are, of course, not counted as ry is 

zero and the interaction between any two ions is counted only once - the meaning of 

the dash superscript in the summation sign).

The second and third terms in equation (3.1) represent the short-range interactions 

due to charge cloud overlap and dispersive interactions and any small degree of 

covalency in the bonding. The second term specifically represents the two-body 

contribution while the third covers three-body interactions such as those due to bond- 

bending. Higher order terms generally are omitted when the bonding is strongly ionic, 

as they contribute little to the lattice energy, although they may be significant in more 

covalent systems. It is necessary to include in the definition of a short range potential, 

a cut-off value. The interaction between atoms or ions separated by a distance greater 

than this cut-off value are not included in the calculation of lattice energy. This value 

is chosen to be of such a value that the contribution of the excluded interactions does 

not affect the calculated lattice energy to within the desired accuracy. The short-range 

interaction potential models are discussed in more detail in section 3.4. The summation 

of these terms presents little difficulty as they converge relatively quickly in real space 

and so the lattice energy may be calculated by adding this sum to that for the Coulomb
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interactions achieved using the summation technique described below.

The slow convergence of the Coulomb term is overcome using a technique 

developed by Ewald (Ewald 1921) (see also Tosi 1964) which involves splitting up the 

summation into real and reciprocal space parts. Each part of this summation converges 

more quickly allowing the total Coulombic interaction to be calculated for the infinite 

crystal.

The electrostatic potential may be re-written

p =  Pi +  P2 (3.2)

Each point charge is then replaced by a Gaussian charge distribution embedded in 

which are the point charges centred at the appropriate lattice site, having a potential p i 

as shown schematically for the one-dimensional case in figure 3.1(b). The difference 

between the point charges of the ions and the Gaussians by which they are substituted 

is provided by a second set of Gaussians p% as shown in 3.1(c).

t0 O(X)OO<\ XXXYXW
|b] [cj

Figure 3.1
(a) Charge distribution of a 1 dimensional lattice. The vertical lines represent the periodically arranged 

point charges, (b) and (c) are the two Ewald components of the charge distribution in (a). Each bell
shaped line represents a Gaussian centred on the lattice site normalised to unity. Note that those in (c)

are inverted with respect to those in (b).

The former summation converges rapidly in real space and the latter when handled in

reciprocal space. Mathematically the Ewald method can be formulated by using the

standard integral representation of r-i i.e. ;
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(3.3)

0

The integral is evaluated over two ranges, 0 to t | ,  and Tj to infinity i.e. we may write;

V o o  __

' J J
The upper range is

OO C>0

(-r^t^).dt ( -s^ ) .d s  (35)

-n v r

which reduces to

oO

^ J fiÇ !> (-r2 i2 ).d t = Terfc(l7r) (36)

V

where erfc is the complementary error function which converges rapidly in real space 

as large values of r\ are approached. The lower range is evaluated by performing a 

Fourier transform and summing over the reciprocal lattice vectors, k. i.e.

- o o

where k2 = I k |2 .The first integral may be evaluated by substituting s =-kV4t and 

ds = k2 dt/2t3 ,this gives.
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^  i f
-^ U ? > {-r 2 l2 ) .d t= -^  d k  « 2 id & 2 l ! l^ H k « r )  (3-8)

Jo L
the integral of d3k can be replaced by a summation of all k vectors with

k = 27c(niki + n2 k2  + ngkg) 

where ni,n2  and ng are integers. ki,k2  and kg satisfy the equation Iq.aj = dij/Ni/3 

where dy =1 for i=j and zero otherwise, aj is a fundamental lattice vector and N is the 

number of unit cells in the crystal. The value per k vector is (2tü)3/NVc where Vc is 

the volume of the unit cell. So
OO

NVc .
-c> o

2 =  |d^k (3-9)

is substituted in equation 3.7 giving

n
(-r212 ).dt = l l .  y  exp(-k%A exp(-ik.r) (310)

IT J H  ^
0

The Coulomb energy is given by

i j ' j

where M y is l/ry , the reciprocal of the distance between a pair of ions i and j in the 

crystal. It follows from the previous expansion of the 1/r identity that Mvj can be 

expressed in terms of two components.

Mij = MGy + MRy (3.12)

The real component is then

(3-13)
] «
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Where 1 is a lattice vector. The reciprocal part is

1|S = i i  2  « P l - k - r l  -  (ai4)

where r  is (ri - rj) ,the vector between the two sites.

The relatively rapid convergence of the two terms above allows the 

Coulomb sum to be calculated to the desired accuracy by truncation of the summations 

at an appropriately chosen point. This is achieved by using an appropriate value for "q, 

the Gaussian half width. The optimum value of t |  may be calculated by imposing the 

condition dN/dT) = 0, where Nt is the number of terms in both series and can be 

shown to be (Catlow and Norgett 1976) ;

i
7J =  (S7C^/Vç2)® (3 .15)

where s is the number of ions in the unit cell.

3.1.2 Minimisation Procedures

Having evaluated the lattice energy as a sum of Coulomb and short-range terms 

we next consider the minimisation of the lattice energy with respect to structural 

variables. Minimisation procedures may employ zero order search, gradients (first 

order) or Newton-like (second derivative) techniques.

Search methods involve a search of the configuration space for the minimum 

value of the energy function. Consequently they are only of use in very simple 

situations as they are too inefficient for complex systems. Compared to these, gradient 

methods have greatly increased efficiency. These work by calculating the first 

derivative of the energy function with respect to the structural variables and using 

them to decide the direction for minimisation. Two general methods are used which 

make such use of derivatives: steepest descent and conjugate gradients.

In the steepest descent method the minimisation follows the gradient. The values of the
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Structural parameter matrix, x, at iteration k+1 being given by;

x(k+l) = x(k) + a(k)S(k) (3.16)

where S(k) = -g(k) and g(k) is the partial derivative matrix i.e.

gi(k) = (dE/dx)i(k), (3.16a)

a(k) is a numerical constant which is chosen every iteration to make the updating as 

efficient as possible.

The second class of gradient technique is that of conjugate gradients. In this 

method, S(k) the displacement vector, is calculated using a combination of previous 

gradients to give a more sophisticated estimate and so faster convergence. The 

expression for S(k) is

S(k) = -g(k-l) + b(k)S(k-l) (3.17)

and

b(k) = (g‘̂ (k-l).S(k-l))/(gf(k-2).S(k-2)) (3.18)

Where g(k) are vectors of the derivatives with respect to the structural parameters and 

g"̂  (k) is the transpose of g(k).

The second derivative techniques have, however, proved particularly effective and 

many modem calculations employ the Newton-Raphson technique which uses first 

and second derivatives in an iterative procedure. The variables are updated using the 

formula,

x(P+l) = xP-(W P)-lgP (3.19)

where x(P+U is a vector of variables in the (p+l)th iteration, xP is the vector, gP is the 

gradient vector and WP is the second derivative matrix of the energy at the Pth 

iteration. The value converges rapidly using this method but, when there are a large 

number of ions with low symmetry, the large amount of data storage required for the 

W matrix can be a problem. The computational cost of calculating the second 

derivative matrix and its inverse can be considerably reduced using updating 

algorithms which mean that the re-calculation of the whole of the matrices for every 

iteration is not necessary. A commonly used algorithm is
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(p4) vPwvH vP>

The approximate nature of such algorithms means that a full recalculation is, however, 

necessary periodically, typically every 20-30 iterations.
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3.2 Static Lattice Simulation of Defective Bulk Lattices

In the investigation of the defect chemistry of solid state materials the concept 

of defect energy is of great importance. We may calculate the defect energy by 

comparing the lattice energy for a perfect lattice, as calculated using the methods 

described in section 3.1, with that for a lattice into which a defect has been introduced. 

The mere inclusion of the defect into the lattice energy calculation is not however 

sufficient to model the defective lattice as the lattice, in general, relaxes around the 

defect; that is to say that the lowest energy configuration for atoms or ions 

surrounding the defect differs from that for those atoms in a perfect lattice. This 

relaxation is modelled using energy minimisation techniques. The defective lattice 

does not however have the translational periodicity of the perfect lattice and different 

techniques are therefore necessary to arrive at a minimum energy configuration. The 

consideration of single point defects in a notionally infinite lattice is a commonly used 

approximation in defect chemistry and the method of arriving at defect energies for 

such arrangements is described in section 3.2.1.

For extended defects such as grain boundaries and for the simulation of 

surfaces which are two rather than three dimensionally periodic a modification of the 

perfect lattice technique described earlier may be used to calculate energy. The surface 

energy may be viewed as the difference in energy between a semi-infinite block with 

the appropriate surface and an infinite perfect crystal. Here again the atoms in layers 

adjacent to the surface are subject to different forces compared to those within 

comparable positions in the bulk of the lattice. Consequently a degree of surface re

arrangement occurs resulting in a difference in surface energy between relaxed and 

unrelaxed surfaces of the same miller index. It is possible to use the relative sizes of 

the surface energies for different surfaces to make predictions of the equilibrium 

morphology of crystals of the substance being modelled. The size of the face in the 

predicted morphology is proportional to the calculated surface energy. Thus, the 

relative sizes of the surfaces determine the relative sizes of the faces. The effect of
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relaxation must therefore be considered in such calculations as relaxation may not only 

change the surface energy of individual surfaces but also the relative values.

3.2.1 Point Defect Calculations

The most commonly used procedure is the Mott-Littleton (Mott and Littleton 

1938) two region strategy which is embodied in the HADES, CASCADE and GULP 

programs (Leslie 1982) (Gale 1995). Within a small region (containing 200-400 ions) 

immediately surrounding the defect (known as region I) the ions are relaxed 

atomistically under the action of the specific potentials using Newton-Raphson 

methods. The area outside region I (region II) is treated as a polarizable dielectric 

continuum, A boundary region Ha is also defined to maintain continuity between these 

two where defects with a net charge are being modelled. Within this region the Mott- 

Littleton calculation is performed to evaluate the displacements directly as the sum of 

those due to all charged defects in region I. For the rest of region n  Mott-Littleton 

displacements are calculated assuming that this region of the crystal responds only to 

the net charge on the defect.(fig 3.2).

Region Ilb extends to infinity 
in all directions

Region Ila

Region I

Figure 3.2 The Mott-Littleton 2 region strategy 

The energy of formation is then given by;

U = Ui(r) + Ui2 (r,Ç) + U2 (Ç) (3.21)

Where Ui refers to the contrihution to the energy purely from within region I, U2  that
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purely from within region n  and U 1 2  is the interaction energy. The energy Ui(r) is 

calculated by explicit summation following a minimisation using the techniques 

described earlier. Ü2 (Ç) is obtained by defining region II thus.

U2 (x) = 1 / 2 ^ T . A . ^  (3.22)

Where A is the force constant matrix. At the equilibrium configuration we have;

+A -| (3.23)

Which gives an expression for U2  at the equilibrium configuration in terms of U i2 -

• I '
(3.24)

combining this with equation 3.2 gives an expression for total energy ,

(3.25)

The defect energy, calculated from pairwise interactions, is the difference between the 

sum of such interactions for the perfect lattice and the same sum for the defective 

lattice in which ions have been added removed or displaced. It can be expressed, 

therefore as;

U = | [  4>ij(|rr rj|)-$^ (|R - Rjl)] <3.»)

where Ri and Rj are the perfect lattice positions of ions i and j respectively and ri and rj 

their positions in the defective lattice. It can be seen from this that the expression for 

Ui is therefore

2 2  H > „ (lrrr il)-® ij(lR rR il)] mz')
Jl
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The derivation of expressions for U 1 2  and U2  is more complex and is discussed in 

detail elsewhere (Catlow and Norgett 1976). The relevant equations are;

n n

and

k  I2

*1 Ï2 ^  j

If the defect has a net charge it becomes necessary to consider its effect on region n. 
The way of dealing with this is to divide up region U into an inner region Ua of finite 

radius about the defect centre and an outer region Ub which extends to infinity as 

before (see fig 3.1).Short-range interactions between regions I and Ua are summed 

explicitly and the size of region Ua is chosen so that such interactions between regions 

I and Ub lie outside the cut-off radius and are not significant.

The Coulombic interaction between regions I and Ub is assumed to be due only 

to the effective charge Q of the defect. This interaction then reduces to

( 3 3 .)

i2h I R j l

By consideration of the field due to the effective charge on the defect as an external 

field acting on region Ub an expression is obtained for the interaction between these 

two regions. For cubic materials like the pyrochlores this reduces to

(3.31)
J2b i r  I

For more dielectrically anisotropic materials the expression is more complicated

As the size of region I is increased the contribution from the lrl-4 term
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decreases rapidly. It is generally found (Catlow and Norgett 1976, Catlow 1977) that a 

region 1 of approximately 200-300 ions is sufficient to ensure convergence. i.e. that the 

defect energy calculated does not vary significantly when the region is expanded. The 

results quoted in chapter 4 were all obtained from calculations using a region 1 of 0.9 

lattice units in radius, containing approximately 2 0 0  ions.

These methods have been used, for a variety of calculations over a long period 

of time and are now a well established technique. (Lidiard and Norgett 1972, Norgett 

1974, Catlow 1983, Catlow and Mackrodt 1982, Mackrodt 1984, Catlow et al 1989). 

The use of these techniques on wide range of materials is discussed by Harding (1990) 

in a recent review.

3.3 Molecular dynamics technique.

Molecular dynamics is concerned with the time evolution, under the laws of 

Newtonian mechanics, of a system of particles representing the atoms or ions in a 

solid, liquid or gas interacting by specific interaction potentials. The equations of 

motion are integrated by specifying a timestep i.e. a small period of time ( usually 1-5 

femtoseconds) and after each timestep the properties are updated. Information on the 

velocities and positions of the ions in the simulation box for each time step may be 

stored and analysed later. The method allows us to study the specific dynamic 

behaviour of a model of a system and so, if the model is accurate, of the system itself. 

Its primary advantages over static lattice calculations are that the effects of 

temperature are taken into account and that a far greater amount of detail may be 

observed for the motions of the ions in the material. Thus as well as calculating 

activation energies for postulated processes one can obtain detailed information about 

migration pathways, diffusion rates and temperature dependence. The fact that the 

simulation can evolve according only to the nature of the model also means that the 

processes observed are not subject to any pre-supposed ideas about the processes
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involved which is by necessity the case in static lattice simulations where a particular 

defect configuration, believed to be appropriate is investigated exclusively.

The main disadvantage with the molecular dynamics approach is the large 

amount of computer time needed to perform even relatively simple calculations. Thus 

the inclusion of the shell model of polarizability which in effect doubles the number of 

particles concerned is not possible. The length of time which a simulation may 

represent must also be small as the updating algorithm only holds for small time 

periods (of the order of a femtosecond) and so even a large number of such timesteps 

will only represent a small portion of real time. This means that when a simulation of 

this nature is performed we are only sampling a small portion of 'real-time' and the 

processes of interest must take place in this time period. I n  practice, therefore, 

diffusion can only be studied if the diffusion coefficient is of the order of 10"® cm^ S'.* 

This means that relatively slow processes will not be observed during the period of 

the simulation and processes occurring at low temperatures and consequently having 

low diffusion co-efficients, will not be observed.

The diffusion of oxygen ions in a fast-ion conductor at relatively elevated 

temperatures however is a fast enough process to be amenable to investigation by this 

method. Many such simulations have been performed on a wide range of materials e.g. 

sorbed molecules in micropor<pu$ hosts (Kazkur et al 1983), glasses (Vessal et al 

1993), liquids and widely on fast-ion conductors of different types (Smith and Gillan 

1992, Gillan 1985, Wolf and Catlow 1984, Walker et al 1982, Cox 1989). With a 

small amount of modification to the potential model (as detailed in section 3.4) such 

simulations were performed on yttrium doped zirconia and on pyrochlore structured 

oxides. We now consider detailed aspects of this technique.

In Molecular Dynamics the evolution of a system of N particles, ions in this 

case, under given conditions of temperature, pressure and volume (the phase 

trajectory) is considered to be well approximated by a series of discrete phase points 

qN(t) separated in time by a timestep difference 5t.

Mathematically the phase point is given by
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qN(t) = (£N(t),vN(t) (3.48)

where

rN(t) = ( ri(t), I2 ( t) ... £N(t) ) (3.49)

xN(t) = ( Yi(t), i 2 ( t) ... VN(t) ) (3.50)

i.e. The system at a given time t may be described as a combination of the positions

and velocities of the particles of which it is composed. The basic process of molecular

dynamics is therefore to calculate the succeeding phase point qN(t+0 t) by updating all 

of the ion positions ii(t) (i=l > N) and velocities Yi(t) according to classical equations 

of motion. This process is then carried out iteratively many times. This is done as 

follows.

The force Fi(t) on an ion i at time t is given by

F i ( t ) = - 7 2 V ( r i i )  (3.511
j-i

where V(rij) is the potential for the interaction between the ion and another ion j. The 

acceleration ai(t) is then obtained using Newton's second law, thus,

Fi(t) = mi ai(t) for i = (1->N) (3.52)

The 'new' position and velocity can then be calculated using an appropriate integration 

algorithm from the 'old' position and velocity together with ai(t)As the process makes 

such heavy demands on computer time it can only be carried out on a relatively small 

number of ions and so would be dominated by surface effects. This is overcome by 

embedding the simulation box in a periodic array of identical boxes, thus simulating 

the conditions within the bulk of a regular solid.

The algorithm used for the integration described earlier influences the 

computer time required very considerably and so its form is of great importance.

The required values could be calculated simply using the following expressions.

ri(l+5t) = n(t) 4- St Vi(t) + 1/2 dt2 ai(t) & Vi(t+5t) = Vi(t) + St ai(t) (3.53)

This approximation is, however, too crude for most applications and, of several more
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complicated algorithms, the one implemented by FUNGUS is the Leapfrog algorithm 

which obtains ri(t+5t), Vi(t+5t) and ai(t+5t) as follows.

Expanding ri(t+St) in powers of 5t,

ri(t+0t) = ri(t) + St(vi(t)) + 5t2/2 (ai(t)) + ... (3.54)

= ri(t) + Ôt[(vi(t» + l/2 Ôt ai(t) +....]

Now expanding the velocities in the same fashion but in powers of 1/2 5t (half-step) 

rather than in 6 t, we get,

Vi(t+l/2St) = Vi(t) + l/25t ai(t)... (3.56)

If we disregard terms higher than the first order in dt in the velocity expansion we can 

use it in the coordinate expression to give

ri(t+5t) = ri(t) + 0t(vi(t+l/25t) (3.57)

Now an approximation for the velocities at half step is needed. We can get this by 

expanding the velocities backwards in time,

Vi(t- l/25t) = Vi(t) - l/28t a i ( t ) ...

From which we can solve for Vj(t), and substituting into equation 3.56 we get

Vi(t+l/2St) = Vi(t-l/25t) - 6 t ai(t)... (3.57a)

Where higher powers of 5t are neglected. The algorithm is based on equations 3.57 

and 3.57a. The acceleration is evaluated from the forces and the current velocity from 

the mean of the half-step velocities. The initial conditions, i.e. the first phase point 

must be set up and this is done as follows. The positions rN(0) of the ions are usually, 

as in the simulations described in chapter 6 , assigned as the crystallographically 

determined sites. The velocities are randomly assigned subject to the constraints that 

there should be no net momentum in the system and that the velocities should be 

distributed around the target temperature.

If the system is allowed a sufficient equilibration period all residual effects due to the 

choice of initial conditions will be lost and thermal equilibrium will be reached. No 

data is collected during this period as the system is in a non-equilibrium state during 

which there will be a re-distribution of potential and kinetic energy throughout the 

box. To assist the attainment of equilibrium and stop the temperature from drifting as
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a consequence the velocities are scaled periodically during the equilibration stage.
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3.4 Interatomic potentials

3.4.1 Potentials

All simulation techniques rely on our ability to represent the interactions 

between the ions in terms of an interionic potential. Summation of these terms gives 

the energy of the system. From the derivatives of the energy forces may be calculated 

for use in minimisation and dynamic simulations. In solids with a large degree of ionic 

character there are, as noted earlier, two components to this potential: the electrostatic 

or Coulombic interaction, and the short-range interactions. In strongly ionic solids 

such as those studied here it is normally a reasonable approximation to confine the 

description of the short-range interaction to a purely pair-potential form, although for 

semi-ionic solids such as silicates it is clearly necessary to include three-body terms 

(Bell, Jackson and Catlow 1990, Catlow et al 1988, Leslie 1984). The description of 

the pair potential may be either analytical or numerical and is parameterised by either 

empirical or theoretical methods. The former method involves the 'fitting' of the 

potential parameters to the properties of the material using an iterative minimization 

procedure (see Catlow et al 1982). The particular form used in the simulations 

described in chapters 4,5 and 6  is that proposed by Buckingham.

=  A c x p  - C (3.57)

where C is the attractive Van der Waals co-efficient • which may also include 

covalency and dispersion interactions. The first term models the Pauli repulsion 

between the closed shell spins. There is good evidence that an exponential function 

models this interaction well in ionic systems ( Lewis 1985, Harding 1990).

Reproduction of the dielectric properties of the material requires inclusion of 

the ionic polarizability and some account must be taken of the coupling between the 

polarizability and the short-range repulsion. To this end the description of the ions is
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extended to include the shell model (Dick and Overhauser 1958) (fig 3.4).

cation net
chaî ge
xi+Yi

anion net
charge
*2 *Y2

core 
charge Zj

shell 
charge Yj

3.1 Dick-Overhauser Shell model ( after Catlow 1987)

In this model the ion is represented by two entities: a core which contains all the mass 

of the ion surrounded by a spherical massless shell which represents the polarizable 

valence electrons. These are connected by an harmonic force usually represented by a 

spring with spring constant kj, i.e. the interaction between the core and the shell is 

given by

$ c r  kiC n- (3.58)

Where ki is the spring constant and rc - r$ is the core-shell separation. The charge on 

the ion is distributed between the core and shell. The charge, Y, on the shell (which is 

usually negative) and the spring constant are variable parameters. The free-ion 

polarizability, a, is given by a  = Y2/k where YIel is the shell charge and k is the 

spring constant. The shell is in fact a point entity and short-range interactions are 

calculated between shells which is a crucial feature of the model as it allows for 

coupling between the short range energies and polarizabilities - an effect which serves 

to dampen excessive polarisation. Inclusion of the shell model, in simulations of ionic 

materials has been shown to be important if behaviour and properties are to be 

modelled accurately. A good example of this is the monoclinic distortion of 

silicalite which has been modelled. It was found (Bell, Jackson and Catlow 1990) that 

the inclusion of polarizability via the shell model was essential if this distortion was to
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be simulated. The use of shell model in Molecular dynamics is also beginning

and has been shown (Lindan and Gillan 1994) to be important for dynamic 

simulation of polarizable materials.

3.4.2 Parameterisation

The terms A ,p and C in equation 3.52 and ki in equation 3.53, together with 

the shell charge (i.e. the distribution of the charge on the ion between the shell and 

core) described in section 3.4.1, are the parameters in the potential model which are 

specific to the interaction being modelled. Appropriate values for these must therefore 

be deduced for each significant ion-ion interaction so that a pair potential can be 

included in the model used to calculate the structure and properties of the crystal. 

Parameters are also necessary for interactions between any dopant species included in 

defect calculations and the ions in the crystal.

These may be calculated using one of two broad classes of techniques, i.e. 

either theoretical methods or empirical fitting. The latter method, which is used for all 

the potentials featured in the present work, involves adjusting the parameters, using a 

'best fit' algorithm of some kind, until the agreement between calculated and observed 

structure and properties is as as possible. In fitting potential parameters to 

structure the bulk strains on the unit cell and the individual strains on the ions in the 

unit cell are taken as the observables, to which the potential parameters are the 

variables being fitted. In a unit cell at lowest energy these net strains will all be zero 

and so the measure of the 'goodness of fit' for such calculations is given by the 

smallness of the sum of the squares of these values, and the parameters are adjusted so 

as to give the smallest value of this sum of squares for the potential model being fitted. 

Other properties of the crystal being modelled such as the elastic and dielectric 

constants ( where these are available) are incorporated in this sum of squares by 

including the square of the difference between calculated and observed values into the 

summation. The relative importance of the different observables in the fitting process 

can be taken into account by including a weighting factor into the algorithm which
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controls the process by which the parameters are adjusted to obtain a minimum sum of 

squares.

The drawback with this type of parameter calculation is that it necessarily fits 

the parameters to a small region of the potential (i.e. a small range of interionic 

distances) around the equilibrium spacing in the crystal from which the data is 

obtained (Lewis 1983, 1985). The problem of system specificity which arises from 

such empirical methods of potential derivation can be partially alleviated by using data 

from a number of different environments and fitting the parameters to multiple 

structures simultaneously (Lewis and Catlow (1985). However when empirically fitted 

potentials are transferred to another structure or are used in defect calculations, 

especially interstitials, where the interionic distances are different from those in the 

crystal to whose structure they were fitted care must be taken to ensure that the 

potential model remains appropriate.

The other broad class of methods by which potential parameters are calculated, 

theoretical methods, avoid this problem by calculating potentials ab initio which is 

becoming more routine.Le. they do not rely upon any experimentally obtained data but 

use the electronic structure of the ions in question and calculate the form of the 

potential quantum mechanically. The major disadvantage with such methods is the 

large amount of computer time needed to perform calculations for all but the lightest 

ions. In view of this more approximate methods have been devised which make certain 

assumptions for example the 'electron gas ' method (Harding and Harker 1982, Gordon 

and Kim 1972).
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3.5 potentials for binary oxides and pyrochlores

The potentials used for the work described in this thesis were derived for the 

binary oxides of the cations and dopants with the Oxygen-Oxygen interactions due to 

Catlow (1976). These were then tested to check their applicability to the pyrochlores 

as described in chapter 4. The cation-oxygen C parameters are all zero and therefore 

the potential model is in effect of the Bom-Mayer form. Cation-Cation short-range 

interactions were omitted with the interaction assumed to be purely coulombic it 

should be noted that there are no adjacent cation pairs in the structures here under 

consideration.

The potentials used were derived using the empirical fitting technique 

described above together with an extrapolation technique where only structural data 

was available. The assumptions made for those oxides where little data was measured 

were tested by making analogous calculations for oxides with available experimental 

data and comparing calculated and observed properties.

The potential parameters thus derived are listed in tables 3.1 and 3.2 below a 

cut off for the short range interactions of 5.5 angstroms was used.

Table 3.1 Potential Parameters.

Ions A/eV p/A C/eVA^ Source

Gd^+ - 0 -̂ 1336.8 0.3551 0 . 0 Lewis 1983

- O^’ 1345.1 0.3491 0 . 0 Cormack 1984
Ti4+ _ q 2 - 656.74 0.4043 0 . 0 Catlow, James et al 

1982

Zr"̂ + - O^- 985.8692 0.37616 0 . 0 Cormack 1984

O^" - 0 ^’ 22764.3 0.1490 27.89 Cormack 1984
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Table 3.2 Shell Model Parameters

Ion Shell Charge/lel Spring Constant Source

G d ^ -0.25 145.0 Cormack 1984
Y3+ -0.25 145.0 Cormack 1984
Ti4+ -35.863 65974.0 Catlow, James et al 

1982

2x** -1.35 169.617 Cormack 1984

0^- -2 . 2 1 27.29 Lewis 1983



4. Static Lattice Simulations

4.1 Perfect Lattice Calculations
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All the calculations reported in this chapter used the potentials reported in section 

3.4. The values of the variable parameters, defining the structure i.e. the cubic lattice 

parameter and the oxygen ion 48f parameter, were used as the starting point for perfect 

lattice energy minimisation calculations using the THBREL code (Leslie 1982) (which 

employs the techniques discussed in section 3.1). The minimised parameters for the 

relaxed lattices are compared with these empirical values in Table 4.1 below.The 

experimental values are taken from Subramanian et al (1983) and Brixner (1964).(We 

note that for Y2 Zr2 0 7  there is some uncertainty as to the stability of the compound in the 

pyrochlore structure relative to a disordered fluorite structure. With the addition of a 

small amount of titanium, however, the pyrochlore structure is adopted .)

Table 4.1 Perfect Lattice Results

Compound Parameter u u ttice . parameter CA)

Experiment Calculated Experiment Calculated

Gd2 Ti2 0 7 0.4203 0.4233 10.1852 10.0443

Gd2 Zr2 0 7 + 0.4263 0.4204 10.5404 10.5840

Y2Ti207 0.4201 0.4215 10.0949 9.9592

Y2 Zr2 0 7 + 0.4201 0.4185 10.4129 10.4207

* The observed value for the Oxygen 48f 'x' parameters for the titanates are used in both cases as those for
the Zirconates were not available.
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Only small relaxations from the starting structure are observed in all cases 

encouraging confidence in the potentials used and their 'portability' from the binary 

oxides to which they were fitted. The calculations also indicate the stability of Y2Zr2 0 7  

in the pyrochlore structure, although they do not, of course, demonstrate that this is more 

thermodynamically stable than the doped fluorite structure.

4.2 Point Defect Calculations

Oxygen anion point defect energies appropriate to the investigation of the 

migration mechanism described in section 2.2 were calculated using the Mott-Littleton 

methods coded in the CASCADE program described in section 3.2. The particular defects 

studied comprise vacancies on the 48f and 8 a sites and an interstitial at the 8 b site as 

illustrated in figure 4.2 b, c and d respectively.

7 "

|a) Perlect lattice (b) 48f Vacancy

. 7

(c) 8b Interstitial |d| Ba vacancy

figure 4.1 Anion defects

The results are presented in Table 4.2. We note that the vacancy at the 48f site has 

a substantially lower energy than at the 8 a site. Thus, by combining the 48f vacancy and 

8 b interstitial we can calculate the energy for Frenkel defect formation, which is also 

reported in Table 4.2.
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Table 4.2 energies (eV) of vacancy and interstitial defects in pyrochlore structured oxides

o2" Defect Gd2 Ti2 C>7 Gd2 Zr2 0 7 Y2 T1 2 0 7 Y2 Zr2 C>7

8 a Vacancy 20.47 2 0 . 1 0 20.38 19.88

48f Vacancy 16.96 17.96 17.02 17.91

8 b Interstitial -11.64 -13.75 -12.42 -14.64

Frenkel Pair 5.32 4.21 4.60 3.27

The Frenkel energy is, however in all cases, high. We would predict, therefore, 

that in the system as modelled, oxygen migration cannot be effected to any significant 

extent by this mode of anion Frenkel disorder except perhaps at the highest temperatures. 

The consequences of this are discussed in sections 4.4 and 4.6. The trend for the titanates 

to exhibit higher Frenkel energies can be seen to be in agreement with the observations of 

Moon and Tuller who found that the anion disorder on the titanates oxygen sublattice was 

lower than that for the zirconates indicating a higher Frenkel pair formation energy.
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4.3 Defects and Migration Energy

The activation energy for the 48f-48f 'vacancy hopping' mechanism described in 

section 2 . 2  was calculated using static lattice point defect energy calculations in which 

the following arrangement of defects was considered. The saddle point of the migration 

was first assumed to occur at the point at which an 02- ion from a 48f site adjacent to a 

48f vacancy has travelled half way along a line Joining the two sites ( fig 4.2 ). This 

saddle point energy was therefore calculated by fixing an Q2 - ion in the mid-point 

position and creating two 48f site 02- ion vacancies on either side, representing the 

arrangement of highest energy experienced during the migration. The activation energy 

was calculated as the difference between this energy and that for a single vacancy.

• 0 ! ,

4.2 The vacancy migration. The 48f vacancy moves from bottom left to top right and the centre diagram
represents the saddle point calculated

The energies thus calculated are shown in Table 4.3 together with those for the 

migrating ion at non-central points 0.1, 0.3, 0.7 and 0.9 of the way along the line joining 

the two 48f sites. It can be seen from figures 4.3 to 4.6 that the mid point is indeed the 

point of highest energy and that the energy profile of the migration is, as expected, 

symmetrical about this point. The migration activation energy is small for all cases in line 

with the high measured ionic conductivity (Moon 1980), as discussed in greater detail in 

section 4.7. The trend for the migration energy in the gadolinum compounds to be 

marginally higher (the two values for the titanates are the same but that for gadolinium 

zirconate is slightly higher that for yttrium zirconate) corresponds to the experimental
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findings (Kramer and Tuller 1991, Moon and Tuller 1989) which predict a lower 

activation energy for the gadolinium compound. This conclusion should not be considered 

as too significant, however as the difference is small and doesn't take account of the 

predominantly fluorite structure of the stoichiometric yttrium zirconate.

Table 4.3 migration activation energy calculation results. All energies are in eV

0^" Defect Gd2 Ti2 0 7 Gd2 Zr2 0 7 Y2Ti207 Y  2 ^ 2 ^ !

0.1 Interstitial 16.97 17.78 16.98 16.90

0.3 Interstitial 17.04 18.19 17.06 17.45

0.7 Interstitial 17.04 18.19 17.06 17.45

0.9 Interstitial 16.97 17.78 16.98 16.90

mid-point Interstitial 17.13 18.69 17.19 18.76

48f Vacancy 16.96 17.96 17.02 17.91

Energy Barrier 0.17 0.73 0.17 0.85

4.4 Solution Energy Calculations

In order to investigate the role of extrinsic defects in creating vacancies on the 

anion sublattice, calculations were performed to evaluate the solution energy of a number 

of aliovalent cations (from their binary oxides). The solution energy was calculated for 

the replacement of each of the pyrochlore cations by the dopant cations Ca2+, Mg2+, Sr2+, 

A13+, Sc3+ and K+. The equations in the first table represent the process simulated 

whereby an ion is on a lattice site and the dopant is in the form of a  binary oxide. As the 

solution reaction proceeds the dopant oxide dissociates and is adsorbed onto the relevent 

site while the host cation forms its oxide and any necessary oxygen vacancies are also 

created.We present in Table 4.4a the relevant reactions involved in the solution processes 

while the energy expressions for the solution processes of the dopant oxides are given in
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Table 4.4b. The notation used in the tables is the standard Kroge-r Vink notation. The 

substitution of an ion on the site usually occupied by another is represented by the symbol 

for the dopant with the symbol for the usual occupant of the site as a subscript. The 

resulting charge is represented by primes or dots in the superscript the former 

representing a positive charge and the latter a negative.# symbol x is used to represent no 

net charge. I have used the symbol D for a dopant ion. Thus , for instance D /^  = a 

trivalent dopant on the trivalent A site with no net charge.The following terms are also 

used in the tables.

and

Eg = Solution energy,

Eiati = Lattice energy,

Edef = Point defect energy.

Vo = Oxygen ion vacancy,

DO = Divalent dopant oxide, 

D2 O3 = Trivalent dopant oxide.

Table 4.4a
Solution reactions for doping of pyrochlore structured oxides.

Cation Valency
+3 +4

V 

0 1 

g Ê
n c
t y

+2 Aa+DO + jVq Bg+DO —> B0^+l)g4Vo

+1 Aa + 2- KgO — Ag%+Ka + Vo Bg + y  KgO Og+Kj +-| Vo

+3 Ai + ̂ üg(^ >2Ag(^+D;j
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Figure 4.3 Migration energy profile for gadolinium titanate
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Figure 4.5 Migration Energy profile for Yttrium titanate
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Table 4.4b
Energy expressions for doping of pyrochlore structured oxides

D
0
Pa
n
t

V
a
1e
n
c
y

+2

+1

+3

+2

+3

Cation Valency +3

Cation Valency +4

EfEÏ+E^I-iE&^BÏ

Es=C+i)B«-Elt(

As can be seen from the formulae, the calculation of these energies requires values for 

the perfect lattice energies of the binary oxides of both of the pyrochlore cations and 

all of the dopant cations. These calculations were performed using the same potentials 

as used for the pyrochlore structure and the resulting energies are shown in Table 4.5. 

The defect energies for the oxygen vacancies used were those for the 48f 02- vacancy 

which, as was shown earlier, is the more stable vacancy species.

The results of the solution energy calculations are shown in Table 4.6. from 

which it is clear that, in most cases, substitution takes place at the trivalent 'A' cation 

site It is also clear that for some dopants, especially calcium and strontium, solution 

energies are low -less than leV indicating high dopant solubility and hence suggesting 

that the extrinsic production of vacancies by dopant solution is possible.
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Table 4.5 Binary Oxide Lattice Energies (per formula unit)

Oxide Lattice energy (eV)
CaO -36.47

MgO -40.97

SrO -33.33

K2 O -23.19

AI2 O3 -160.85

SC2 O3 -145.20

Gd2 0 3 -132.75

Y2 O3 -135.35

Ti0 2 -110.35

Z1O 2 -109.67

Table 4.6 Dopant Oxide Solution Energies For substitution of the cation at the 
trivalent (A) and tetravalent(B) site All energies in eV

Dopant Site Gd2 Ti2 0 y Y2 Ti2 0 7 Y2 Zr2 0 y Gd2 Zr2 0 y

Ca2 + A 0.125 -0.042 0.551 0.840

B 3.146 3.056 4.207 4.673

Sr2 + A 0.549 0.446 0.724 0.980

B 4.164 4.199 5.166 5.561

Sc3+ A 1.183 1.017 1.281 1.518

B 1.593 1.494 2.086 2.346

Al^+ A 3.470 3.600 4.060 4.278

B 2.564 2.180 2.730 3.080

Mg2+ A 1.723 1.537 2.465 2.774

B 3.338 3.030 4.326 4.938

K+ A 2.310 2.141 2.855 3.288

B 6.994 9.045 8.330 6.907

These results are in excellent agreement with the observations of Tuller and co

workers for gadolinium titanate doping (Tuller 1994) (Tuller et al 1993)
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(Kramer1994) where they found that, of the dopants tried calcium was the most 

favourable and was observed to be absorbed on the A site. The favourable absorbed 

ion on the B site is aluminium, and the order of conductivity for the different doping 

was Ca>Si>Mg>K corresponding exactly with our results. This suggests that the 

factors affecting the solubility, dopant including dopaab size, are also the controlling 

factors in the conduction.
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4.5 Band Gap Calculations

It is possible to use the static lattice energy minimisation technique to obtain 

crude estimates of the electronic band gap in ionic materials by assuming a localised 

(small polaron) description of the hole and electron states in which the charge will be 

localised on oxygen and cation sites respectively (Lewis and Catlow 1986) (Tomlinson 

et al 1990). We then calculate 'defect’ energies associated with the formation of 

monovalent oxygen and trivalent titanium or zirconium ions.

The energy of the top of the valence band is thus estimated by

E f  E j g + E a g   ̂ (41)

where the first term on the right hand side of the equation is the defect energy of a 

monovalent oxygen ion and the second is the second electron affinity of oxygen. The 

energy of the bottom of the conduction band is estimated by

t B
(4.2)

c

where the first term is the defect energy of the appropriate trivalent ion and the second 

is the fourth ionisation energy of that element The band gap is the difference between 

the two. The results of the defect energy calculations are given in Table 4.7 together 

with the calculated bandgaps (all energies are given in eV).
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Table 4.7 Bandgap calculation results (All energies in eV)

Compound 0" Defect Defect Bandgap

Gd2 Ti2 0 7 16.60 38.68 3.264

YzTilO? 16.71 38.75 3.448

Gd2 Zr2 0 7 16.68 37.96 11.55

Y 2Z1 2 O1 16.72 37.90 11.52

We see that both gadolinium and yttrium zirconate have bandgaps for 

electronic conduction large enough to suggest that the are effective insulators and so 

all the conduction exhibited by these will be of an ionic nature. For the titanates 

however the bandgap values are of the same order as those for semiconductors which 

is in line with the observations of Spears et al (1991) who observed that the in the 

GZT and YZT solid solutions the larger the zirconium fraction the smaller was the 

electronic conductivity which they associate with a narrowing of the Ti3d conduction 

band. This is also consistent with the property of the titanates that they exhibit mixed 

conduction while the zirconates are almost exclusively ionic conductors. This 

combination of properties across the solid solution as has been discussed earlier makes 

these pyrochlores potentially very useful in the construction of devices where the 

electrodes and electrolyte are constructed of materials of similar structure.
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4.6 Effect of Cation Sublattice Disorder

The Frenkel energies reported in section 4.2 suggest that there will be a very 

low concentration of such defects in the pure stoichiometric pyrochlores. The work of 

Tuller et al (1993) (Tuller 1994) suggests that cation anti-site disorder which results in 

an increase in the similarity between the 48f and 8 b site environments, could facilitate 

anion disorder in the form of Frenkel defect formation.We therefore investigated the 

role of cation disorder in the promotion of such defects. In the limiting case of total 

cation disorder the structure is that of a heavily defective fluorite and the 8 b and 48f 

sites become crystallographically equivalent. We therefore first examine the 

occurrence of a small degree of local cation disorder around the 8 b site. In particular 

we arranged the cations so that the first nearest neighbours of an 8 b site are equivalent 

to those of an adjacent 48f site as shown in figure 4.3.

Fig 4.3 cation disorder about the 8b site.
(a) shows the arrangement in the ordered pyrochlore and the swapping of one pair of adjacent cations 
results in the arrangement in (b). a further swap gives the arrangement in (c) where the 8b site has the 

same nearest neighbour arrangement as the 48f. the white circles are Oxygen ions , the gadolinium ions
are shaded and the titanium ions are back.

This model was therefore revised to investigate the effect on the Frenkel defect 

formation energies of disorder on the cation sublattice adjacent to the anion vacancies. 

Table 4.8 contains the results of Frenkel energy calculations performed adjacent to the 

cation swaps described. The 'one-swap' energy corresponds to the situation 

represented in fig 4.3(b) and the 'two-swap' energy corresponds to that in fig 4.3(c)



77

Table 4.8 Frenkel Energies for Disordered Pyrochlores (eV)

Compound Gd2Ti207 Gd2Zr207 Y2Zr207 Y2Ti207

One-Swap 2.98 2.30 2.78 1.29

Two-Swap 1.89 1.51 1.44 1.75

The presence of disorder on the cation sublattice can be seen to have 

drastically reduced the Frenkel defect formation energy and is therefore significant. 

The effect that it has on the defect energy for the frenkel defect consisting of a 48f 

oxygen vacancy and an 8 b interstitial i.e. a 48f ion moving into the adjacent interstitial 

site suggests that the discrepancy between the energies calculated from the ordered 

lattice frenkel defect formation energy and that consistent with the observed 

conductivity is due to the presence of cation disorder in the samples for which the 

conductivity was measured. This was investigated further using molecular dynamics 

simulations as described in the next chapter.
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5. Molecular dynamics calculations

The simulations reported in this chapter are of the type described in section 

3.3. They were performed using the FUNGUS code, discussed in chapter 3, on the 

i860 hypercube at the S.E.R.C. Daresbury Laboratory each calculation using 8  nodes 

and approximately 150 node-hours of computer time* The use of parallel computers is 

well suited to the Molecular Dynamics technique where a large number of non

sequential calculations must be performed. Due to the different natine of molecular 

dynamics simulations it was not possible to include the shell model part of the 

potential model and rigid ion potentials were used as otherwise the amount of 

computer time needed to perform the calculations would have been so large as to be 

prohibitive.

In order to test the suitability of these potentials for molecular dynamic 

simulations,static lattice calculations of the defect energies similar to those described 

in chapter four but using rigid ion potentials were performed and the results are given 

in table 5.1. The results obtained for the shell model potential calculations, reported 

earlier, are included for comparison.

The difference between the energies obtained and those calculated using the 

the shell model can be seen to be small, suggesting that the loss of accuracy that the 

use of the simpler rigid ion potentials entails is small enough that they may still be 

used with confidence. As a further test, and in order to gain experience in the use of 

the molecular dynamics technique, simulations of oxygen ion diffusion in yttrium and 

gadolinium doped zirconia were performed using these potentials. The results of these 

simulations, in the form of mean square displacement curves and Arrhenius plots of 

the diffusion coefficients are given in figures 5.1 to 5.9. The details of these 

simulations are given below.
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5.1 Doped Zirconia Simulations

In order to simulate yttrium and gadolinium doped zirconia using molecular 

dynamics it was necessary to construct a simulation cell, which is a supercell of the 

zirconia unit cell. A proportion of the zirconium ions are replaced by dopant ions, and 

appropriate charge-compensating oxygen ion vacancies are created. Due to the fact 

that the simulation box is of finite size the level of doping which can be simulated is 

restricted by the amount of computer time available which in turn determines how big 

the simulation box can be.

Table 5.1 comparison of Oxygen ion defect energies for rigid ion and shell model 

potential calculations (all energies in eV)

Gd2Ti207 Gd2Zr207 Y2 Ti2 0 7 Y2 Zr2 0 7

Rigid

Ion

Potential

48f Vacancy 16.62 18.69 17.70 18.68

8a Vacancy 21.38 21.21 21.27 21.00

8b Interstitial -11.05 -13.09 -11.75 -13.91

Frenkel 5.57 5.60 5.95 4.77

Saddle-Point 16.71 19.48 17.93 19.35

Barrier 0.09 0.79 0.23 0.67

SheU

Model

Potential

48f Vacancy 16.96 17.96 17.02 17.92

8a Vacancy 20.47 20.10 20.38 19.88

8b Interstitial -11.64 -13.75 -12.42 -14.64

Frenkel 5.32 4.21 4.60 3.27

Saddle Point 17.13 18.69 17.19 18.76

Barrier 0.17 0.73 0.17 0.85
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The supercell used consisted of a cubic array of 64 zirconia unit cells containing 768 

ions in total. The doping was modelled by replacing 32 of the zirconium cations, 

randomly selected, with a dopant cation and removing 16 of the oxygen ions to 

produce charge compensating vacancies. These were also chosen randomly so as not 

to impose any defect-defect interactions on the system. The simulation box then 

consisted of 752 ions i.e. 224 zirconium ions, 32 dopant cations and 496 oxygen ions. 

The simulations were run for 30000 iterations with a timestep of 2.5 fS. the total 

productive time for the simulations was therefore 70000 fS i.e. 70pS with 5000 fS 

being allowed first as an equilibration period. The length of the equilibration period 

was arrived at by monitoring the temperature and total energy of the simulation after 

scaling was switched off. The data was extracted in the form of a set of ion co

ordinate files, collected at regular intervals, from the simulations and was analysed to 

give mean square displacements for the oxygen ions as the simulation progressed. 

These were plotted to give a value for diffusion co-efficient as discussed in chapter 2. 

This pTocechri was repeated for a number of different temperatures and the diffusion 

coefficients were then plotted against temperature in an Arrhenius plot The gradient 

of this plot is -E^/k where is the activation energy for the diffusion process and k is 

the Boltzmann constant. The fitting of the data to a defect model to get defect 

parameters from the conductivity measurements, as described in chapter 2  allows us to 

compare this directly with the activation energies deduced from the conductivity 

measurements.

5.1.1 Yttrium Doped Zirconia simulations.

Simulations were performed at four temperatures 1200, 1500, 1800 and 

2000K. The oxygen ion mean square displacements (MSD) are plotted against time in 

figures 5.1 to 5.4. These graphs show a good fit to linear behaviour as can be seen 

from the low values for deviation in the line of best f it There is evidence, especially in 

the case of the lower temperatures of a deviation towards the end of the simulation. 

This is a result of the statistical method by which the mean square deviation is
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calculated. The statistics and hence the smoothing of the mean square displacement 

depends on the amount of previous data available and these are excluded from the 

fitting. The gradients of these lines which represent the diffusion rates at the different 

temperatures were included in an Arrhenius plot shown in figure 5.5.

The gradient of this plot, which is proportional to the activation energy for 

diffusion as described earlier, is -9577K giving an Arrhenius energy of 1.3225 xlO’^̂  

J or 0.827 eV. This compares well with literature values of 0.97 for 16% Vttrium 

doped zirconia (Sotomitsu et al 1985) and 1.05 eV for 12% yttrium doped zirconia 

(Ioffe Rutman and Karpachov 1978). The value is very good even though we do not 

allow for defect aggregation in our model and the fact that these measurements were 

madeÆtlower temperatures. Due to the high temperatures necessary in the simulation 

to achiti^ve appreciable dif^»c>fv in a short time, the influence of cation vibration on 

the anion migration could also be a factor but seems not to have had any significant 

effect..

5.7.2 Gadolinium doped zirconia simulations

The results of the gadolinium doped zirconia are summarised, as in the case of 

the yttrium doped zirconia, by MSD Versus time plots (figures 5.6-5.8) and an 

Arrhenius plot of the diffusion co-efficients (figure 5.9). Simulations were performed 

for three temperatures 12(X)K, 1500K and 2(XX)K and the Arrhenius plot gives a 

gradient of -119(X) K which corresponds to an activation energy of 1.64 x 10 J or

1.02 eV. There is little experimental data available on the conductivity of gadolinium 

doped zirconia compared to that for the yttrium doped analogue which has foimd wide 

application and has therefore been studied more extensively. Measurements made of 

the solid solution of Gd2 0 g and Zr0 2  have concentrated on higher concentrations of 

gadolinium dioxide at doping levels approaching stoichiometric gadolinium zirconate 

(Gd2Zr2 0 "y) where the transition between the fluorite and pyrochlore phase occurs. 

Conductivity measurements made in the fluorite phase suggest an activation energy at 

this level of Gd^+ substitution of ~ 110 KJ Mol or 1.14eV ( Van Dijk et al 1978). The
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value we obtain is, again, in good agreement with the observed properties.

The satisfactory nature of the results for both the yttrium and gadolinium 

doped zirconia calculations suggests that the transfer of the potentials used for the 

static lattice calculations to molecular dynamics simulations is valid. The use of rigid 

ion potentials necessitated by the restrictions on computer time does not appear to 

have significantly affected the ability of the model to reproduce the mass transport 

process.

5.2 Gadolinium Zirconate Simulations.

The diffusion of oxygen ions in the pyrochlore oxides by molecular dynamics 

was investigated for the case of gadolinium zirconate as this is the system which most 

data is available and it was only possible to treat one system due to the large amount of 

computer time required. The simulation used a supercell of the gadolinium zirconate 

unit cell containing eight unit cell in all (i.e. a 2x2x2 supercell). There are 8 8  ions in a 

full unit cell which has 16 gadolinium ions, 16 zirconium and 56 oxygen ions. The 

simulation box therefore contained 704 ions of which 128 were gadolinium, 128 

zirconium and 448 oxygen. The results are presented, as before, as a series of mean 

square displacement Versus Time plots. The displacement of the 8 a oxygen ions and 

the cations is included in all of the gadolinium zirconate simulation plots to show that 

there is no appreciable displacement of these ions even when the diffusion of the 48f 

oxygen ions is large as will be seen later.

5.2.1 Perfectly Ordered Gadolinium Zirconate

The results presented in figures 5.10 and 5.11 show that, even at elevated 

temperatures there is no appreciable diffusion of any of the ions in the perfectly 

ordered gadolinium zirconate, in agreement with the results of the earlier work 

discussed in chapter 2  and with the results of the static lattice simulations reported in 

chapter 4. The experimental measurements suggest that in the real materials there will 

be appreciable diffusion at temperatures substantially lower than these suggesting that
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there must therefore be a contribution to the activation of the migration from either 

cation disorder or the existence of impurities. We would not expect to see any of the 

former arising spontaneously due to the high energy associated with anti site disorder 

as a thermally activated process. The static lattice calculations of defect clusters 

modelling local disorder reported in chapter 4 would tend to support this view and in 

order to further investigate this the next set of simulations performed involved the 

introduction of cation sublattice disorder into the supercell described above.
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5.3 Disordered Gadolinium Zirconate.

The aim of these simulations was to introduce disorder into the cation 

sublattice in such a way as to be able to compare the results with the simulations of 

local disorder reported in chapter 4. In order to investigate the effect of disorder on the 

migration activation energy a supercell was constructed as follows. One in eight of the 

vacant 8b positions were chosen randomly and one of the two zirconium-gadolinium 

pairs surrounding it were swapped. This corresponds to one 8b position in each of the 

eight unit cells which go to make the supercell. Care was taken to avoid treating the 

corresponding ions in each of the unit cells as it would be undesirable to introduce 

extra periodicity to the supercell. The results of these simulations are presented for 

simulations at temperatures of 1200K, 1540K, 2130K and 3500K in figures 5.12, 

5.13, 5.14 and 5.15 respectively. As can be seen from figure 5.12 the lowering of the 

activation energy does not have any appreciable effect at 1200K but the diffusion 

observed in figures 5 .13, 5.14, and 5.15 shows that the activation energy for 

migration has been reduced by the introduction of this level of disorder. The diffusion 

co-efficients from these simulations are included in an A/rh enius plot in figure 5.16 

and this gives a gradient of 13600 K corresponding to an activation energy of 1.77 eV. 

This is lower than that predicted by the static lattice calculations but reflects the 

downward trend in the activation energy caused by the introduction of the disorder.

A greater level of disorder was then introduced, corresponding to the 'two- 

swap' static lattice simulations described in chapter 4. This was done by swapping the 

other pair of ions surrounding the selected 8b positions, resulting in the creation of a 

vacant site adjacent to a 48f position with the same nearest-neighbour configuration as 

the 48f site itself. The static lattice calculations suggest that this results in a vacant site 

with a relatively low defect energy for a 'Pseudo-schottky' defect in which there is a 

vacant 48f site with an oxygen ion occupying the adjacent 8b position.

The results of these simulations are presented in figures 5.17, 5.18, 5.19 and 

5.20. There is appreciable diffusion in all cases including at 1200K which was not
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observed for the less disordered simulation. The diffusion co-efficients are included in 

the Arrhenius plot (figure 5.21) and give a gradient of 12000K which is equivalent to 

an activation energy of 1.035 eV. This is again slightly lower than the value calculated 

with static lattice calculations but is in good agreement with the measured value for 

the activation energy obtained from measurements of the conductivity of pyrochlore 

phase gadolinium zirconate referred to earlier of 70-85 KJ mol-1 or ~ 0.9 eV.

5.4 Doped Gadolinium Zirconate Calculations

In order to investigate the effect of 48f oxygen vacancies present for dopant 

cations and charge compensating oxygen vacancies a supercell of gadolinium 

zirconate was constructed containing calcium substitutions on the gadolinium 

positions . This was chosen as the static lattice calculations for the solubility of binary 

oxides indicate that this is the most soluble of the substitutions and that the 

gadolinium site is the more likely for cation substitution. Two levels of doping were 

simulated referred to as 12% and 25%. The supercells used for these are described 

below.

The 12% substitution involved the replacing of one in eight of the gadolinium 

ions in the supercell, sixteen in all. These were chosen randomly and the eight charge- 

compensating oxygen vacancies were also chosen randomly with no account being 

taken of their position in relation to the dopant cations. This arrangement means that, 

at least initially, the anion vacancies are not bound to the dopant cations but 

may become so during the diffusion process. This was done so as to introduce no 

artificial condition on the diffusion of the oxygen ions (and hence the vacancies).

The results of these simulations are presented in figures 5.22, 5.23, 5.24 and 

5.25. As with the disordered supercell there is no significant diffusion of the cations 

and the 8a oxygen ions. This is consistent with the static lattice calculation results. The 

mean square displacement of the 48f oxygen ions shows good linear behaviour and the 

diffusion co-efficients are used in an Arrhenius plot in figure 5.26 to give a gradient 

of -5345 K which corresponds to an activation energy of 0.567eV. This value is
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lower than that for the disordered supercell simulations but this would be expected as 

the vacancies necessary for migration are already present The activation energy 

compares well with the calculated value of 0.73 eV for the migration barrier and so is 

consistent with the vacancy diffusion model proposed.

To further investigate the effect of cation substitution a final set of simulations 

were performed with a doping level of 25% i.e. one in four of the gadolinium ions, 32 

in all, were substituted by calcium and 16 charge-compensating oxygen ion vacancies 

were created. The results of these simulations are presented in figures 5.27, 5.28, 5.29 

and 5.30. The diffusion can again be seen to follow straight-line behaviour and the 

Arrhenius plot of the diffusion co-efficients, figure 5.31, gives a gradient of -7424K 

corresponding to an activation energy of 0.64 eV. This value is, surprisingly, higher 

than that for the 12% doped gadolinium zirconate but still corresponds well with the 

calculated value for the migration barrier. This may be due to the vacancy-dopant 

binding energy coming into effect and contributing to the energy necessary for the 

ions to diffuse along the 48f chains.This dopant binding as observed in doped ceria 

(Gerhardt-Anderson and Nowick 1981, Wang et al 1981) could well be the cause of 

the drop in diffusion rate with increasing conductivity.
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5.5 Discussion

The molecular dynamics simulations performed have tended to support the 

results obtained from static lattice calculations and are generally in agreement with the 

observations of experiment (Tuller et al 1993, Tuller 1994, Kramer 1994) and the 

proposed migration mechanism described in chapter 2 (Van Dijk, et al 1985) of 

vacancy diffusion along the oxygen ion 48f chains. The lack of diffusion observed in 

the perfectly ordered gadolinium zirconate simulation, when compared with the 

measured conductivity (Moon 1980) shows that this model is not sufficient to explain 

the diffusion process. The intrinsic creation of the vacancies necessary for this 

diffusion to start by the moving of a 48f ion into the vacant 8b position is not 

observed, as predicted by the static lattice calculations and the observed dependence 

on disorder in the conductivity. It is therefore likely that there must be some other 

factor involved in the production of these vacancies. The simulations involving cation 

disorder suggest that this intrinsic defect creation can occur in the presence of cation 

sublattice disorder of the type suggested. This proposal is supported by the diffusion 

which takes place in the doped gadolinium zirconate simulations in which the 

vacancies are created by charge compensation. To summarize - the results of these 

simulations support the model that diffusion takes place of oxygen ion vacancies along 

the 48f ion chains but that the these vacancies do not arise intrinsically in the perfectly 

ordered gadolinium zirconate. The existence of cation sublattice disorder houjéoer 

facilitates this process and diffusion is also promoted by the presence of lower valence 

dopants.



Figure 5.1 Oxygen Ion MSD in 12% Yttrium Doped Zircoonia at 1200K
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Figure 5.2 Oxygen Ion MSD in 12% Yttrium Doped Zircoonia at 1500K
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Figure 5.3 Oxygen Ion MSD Vs Time in 12% Yttrium Doped Zirconia at 1800K
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Figure 5.4 Oxygen Ion MSD Vs Time in 12% Yttrium Doped Zirconia at 2000K
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Figure 5.5 Arrhenius Plot of Diffusion Co-efficients for 12% YDZ
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Figure 5.6 Oxygen Ion MSD Vs Time in 12% Gadolinium Doped Zirconia at 1200K
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Figure 5.7 Oxygen Ion MSD Vs Time in 12% Gadolinium Doped Zirconia at 1500K
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Figure 5.8 Oxygen Ion MSD Vs Time in 12% Gadolinium Doped Zirconia at 2000K
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Figure 5.9 Arrhenius Plot of Diffusion Co-efficients for 12% GDZ
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Figure 5.11 MSD Vs Time for Perfectly Ordered Gd^Zr^Oy at 3500K
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Figure 5.12 MSD Vs Time For Disordered Gd^Zr^Oy at 1200K, 1st Pattern
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Figure 5.13 MSD Vs Time for Disordered Gd^Zr^Oy at 1540K, 1st Pattern.
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Figure 5.14 MSD Vs Time for Disordered Gd^Zr^Oy at 2130K,1st Pattern.
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Figure 5.15 MSD Vs Time for Disordered Gd^Zr^O  ̂at 3500K,1st Pattern.
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Fig 5.16 Arrhenius Plot of Diffusion Coefficients for disordered Gd^Zr^Oy
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Figure 5.17 MSD Vs Time for disordered Gd^Zr^Oy at 1200K,2nd pattern
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Figure 5.18 MSD Vs Time for Disordered Gd^Zr^Oy at 1540K,2nd Pattern.
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Figure 5.19 MSD Vs Time for Disordered Gd^Zr^Oy at 2130K,2nd Pattern
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Figure 5.20 MSD Vs Time for Disordered Gd^Zr^O^ at 3500K,2nd Pattern

30

y = +3.59E-4x^ -0.471, var:0.0544, maxdev:0.704

(/>
E
2

Line of Best Fit
20

</)
O )

<
2
co=j
c r
CO
c
Û
CO
2

Cations

0

Time in fS

O



Fig 5.21 Arrhenius Plot of Diffusion Coefficients for 25% disordered Gd^Zr^Oy
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Figure 5.22 MSD Vs Time for Gd^Zr^Oy Doped with 12% Calcium at 1200K
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Figure 5.23 MSD Vs Time for Gd^Zr^Oy doped with 12% calcium at 1540K
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Figure 5.24 MSD Vs Time for Gd^Zr^Oy Doped with 12% Calcium at 2130K
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Figure 5.25 MSD Vs Time for Gd^Zr^Oy Doped with 12% Calcium at 3500K
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Fig 5.26 Arrehnius Plot of Diffusion Coefficients for 12% Ca Doped Gd^Zr^Oy
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Figure 5.27 MSD Vs Time for Gd^Zr^Oy Doped with 25% Calcium at 1200K
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Figure 5.28 MSD VS Time for Gd^Zr^Oy Doped with 25% Calcium at 1540K
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Figure 5.29 MSD Vs Time for Gd^Ti^Oy Doped with 25% Calcium at 2130K
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Figure 5.30 MSD Vs Time for Gd^Zr^Oy Doped with 25% Calcium at 3500K
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Fig 5.31 Arrehnius Plot of Diffusion Coefficients for 25% Ca Doped Gd^Zr^Oy
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6. Conclusions

We have used computer simulation techniques to investigate the ionic conductivity 

of pyrochlore structured oxides by simulation of the migration of oxygen ions. Our 

simulations have produced results which support several conclusions previously drawn 

from consideration of experimental observations and suggest further investigations to 

elucidate the nature of the processes involved and the factors affecting the conductivity. 

These observations are listed below with those of our results which support them.

The pyrochlore structured solid solutions, described in chapter 2, with high 

zirconium content have higher ionic conductivity than those with lower zirconium and 

higher titanium content. This observation is supported by the static lattice calculations, 

reported in chapter 4, which give a higher migration energy barrier for the titanates than 

for the zirconates.

A lesser degree of anion disorder is reported for the titanate materials as compared 

with the zirconates which is supported by the results of point defect energy calculations 

which give higher energies for the formation of isolated Frenkel defects in the titanate 

materials. The values of these defect energies are, however, too high to explain the 

existence of ionic conductivity in the cation ordered materials and, prompted by the 

observations of Tuller et al which suggest the importance of cation disorder in these 

materials, we investigated the contribution of cation disorder to the formation of these 

intrinsic defects.

An increase in cation disorder leads to the environment of the 48f and 8b oxygen 

ions becoming more similar, which leads to an increase in conductivity. The results of 

static lattice calculations on cation disordered materials, presented in chapter 4, show a 

significant decrease in the anion Frenkel defect formation energies and the energies of 

these defects also show the same trend as the cation ordered material, i.e. the lower 

Frenkel defect energy of the zirconate materials with respect to the titanates. Molecular
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dynamics calculations for the cation ordered material show no diffusion, consistent with 

the high static lattice calculated Frenkel defect formation energies. The molecular 

dynamic simulations for cation disordered systems do show, however, that diffusion takes 

place, indicating the creation of the intrinsic anion defects under these conditions.

The conclusions we can draw from these results are:

(i) The controlling factor in the ionic conductivity is the energy of formation of the 

anion defects necessary for the 48f-48f vacancy hopping mechanism, as the migration 

energy barrier has a much smaller value.

(ii) The creation of the intrinsic defects is greatly facilitated by the presence of 

disorder on the cation sublattice and this is significant as manipulation of the cation ionic 

radius ratio can be used to control the cation disorder.

The increase in ionic conductivity with increasing zirconium content is matched 

by a decrease in electronic conductivity associated with a narrowing of the Ti3d band. 

This observation is supported by our calculations which give bandgaps of about 3.5 eV 

for the titanates and 11.5 eV for the zirconates. The use of the titanate mixed conductor 

and the corresponding zirconate ionic conductor ( and electronic insulator) together in 

applications such as solid oxide fuel cells makes this feature a useful property of the 

materials.

The validity of the 48f-48f vacancy hopping mechanism and the suggestion that 

the process is controlled by the energy of formation of anion defects is also supported by 

our simulations of defects and diffusion in doped pyrochlore materials. The calculations 

reported in chapter 4, in which solution energies for a number of dopant cations at the two 

different cation sites, also support the view that dopant cation radius is a crucial factor in 

determining the solubility of the binary oxides in these materials and also their
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conductivity. The molecular dynamics simulations of doped pyrochlore materials reported 

in chapter 5 show that diffusion is facilitated by the presence of these dopants and their 

associated charge-balancing vacancies. This observation further supports the view that it 

is the production, or presence, of 48f anion vacancies, which is the determining factor in 

the conductivity of these materials.

Another interesting point is the higher value for activation energy calculated from 

those simulations at the higher dopant level. We propose that this effect, which is also 

observed in doped zirconia measurements, is due to the influence of dopant-vacancy 

interactions.

Thus we can conclude that the diffusion mechanism underlying the conductivity 

observed in the pyrochlore structured oxides is an oxygen ion 48f vacancy hopping 

mechanism. The vacancies necessary for this process to proceed are unlikely to arise 

intrinsically in the perfectly ordered material and so its presence in real samples indicates 

that there is cation disorder. This information may be used to manipulate the conductivity 

indirectly by using the relationship between cation ionic radius ratio and disorder. The 

solubility of dopants such as calcium and aluminium and the consequent presence of 

oxygen vacancies allows for extrinsic control of the conductivity.
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Future work

Our suggestions for future work in the simulation of oxide pyrochlore conduction are as 

follows:

(i) Supercell and molecular dynamic simulations of the gadolinia /  zirconia solid 

solution to investigate the relationship between gadolinia fraction and conductivity which 

displays the maximum at the pyrochlore composition.

(ii) Static lattice energy minimisation calculations of the binding energy of dopant 

cations to compensating oxygen vacancies for the pyrochlore oxides. These calculations 

would be useful in investigating the relationship between dopant concentration and 

conductivity.

(iii) Molecular dynamics calculations of longer duration allowing a larger range of 

temperatures to be simulated and hence a closer investigation of the formation of intrinsic 

defects in cation disordered materials.

(iv) The use of larger supercells in molecular dynamics simulations to allow these to 

be performed for lower concentrations of dopant cations. The variation of conductivity 

with dopant concentration could thus be investigated more fully.

(v) The use of supercell type calculations to simulate the solid solutions described in 

chapter 2 for which a large amount of data is available. Such studies would allow the 

relationship between the composition of the pyrochlore materials and the conductivity to 

be investigated both by static lattice and molecular dynamic methods.
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(vi) The use of Monte-Carlo techniques as described in chapter 1 to simulate the 

diffusion process which would allow the migration path to be examined in a more detailed 

way. Investigations of this type could be undertaken for both the ordered and disordered 

titanate and zirconate materials studied here and the solid solutions referred to in section v 

above.

(vii) The simulations proposed in section vi above could be extended to more directly 

simulate doping in gadolinium titanate/zirconate and yttrium titanate/zirconate solid 

solutions.



Appendix- Surface structure

Introduction

Interest has been shown in the development of oxides with high oxygen ion 

mobility as oxidation catalysts for the conversion of plentiful hydrocarbons into useful 

products. This process involves the oxide anions being given up, and the catalyst passing 

through a non-stoichiometric phase, before being replaced from the gaseous oxygen 

which is a reactant in the catalysed process. It is therefore desirable to understand more 

about the surface structure and surface defect formation processes in these materials of 

which pyrochlores form one possible group.

For this reason we set out to perform calculations of the surface energy for 

surfaces of the Gd2 Zr2 0 ? structure to investigate the defect chemistry in the region of 

these surfaces. The techniques used in such calculations is described below. To obtain an 

energy for the surface in question with respect to the bulk crystal we must calculate the 

energy required, per unit surface area, to form such a surface by cleaving the crystal at the 

appropriate point and in the appropriate direction. The method of these calculations and 

some observations on the surface structure of the gadolinium zirconate simulated are 

presented below.

The first stage in performing surface calculations is to construct a slab which is 

finite in the direction perpendicular to the surface and notionally infinite in the other two 

directions. The program takes as input the Miller indices of the surface to be simulated 

together with the co-ordinates of the ions in the unit cell. It then generates a new set of co

ordinates which represent such a slab bounded by two surfaces of the appropriate index. It 

may then be used to calculate the lattice energy of this block and of a block with half the 

thickness where the new surface created has been allowed to relax using the techniques 

described in chapter 3.



Surface types

The surfaces of ionic materials may be divided into three types known as type I 

,type n  and type m . These are exemplified by the (1,1,0), (1,1,1), and (1,0,0) surfaces of 

Ce0 2  (which has the fluorite structure described in chapter 2) respectively.

In the (1,1,0) direction Ce02 has planes of ions with twice as many oxygen ions as 

Cerium ions (see flgure A l) in each repeating unit (or surface unit cell). This means that 

each plane has zero net charge and hence that there is no net dipole across any slab that 

can be cut perpendicular to the surface defined by these indices. This is known as a type I 

surface i.e. one with neutrally charged planes of ions which can therefore be cut at any 

point without resulting in a net dipole across the resulting slab.

If cut in the (1,1,1) direction, however, CeOi exhibits planes of ions of the same 

type (as shown in figure A2) either oxygen or cerium and so each plane has a net charge 

which depends on which of these two it contains. If one considers a repeating unit, 

perpendicular to the surface however it can be seen that there is the correct ratio of ions 

for charge neutrality in a surface unit cell and closer inspection shows that the interplanar 

distances are such that, a repeating unit perpendicular to the siuface has no net dipole 

across it. So, if cut in the appropriate places a non-dipolar slab may be constructed which 

is bound by (1,1,1) surfaces in CeC>2 This is a therefore a type II surface.

The (1,0,0) surface of Cerium dioxide (figure A3) however exhibits the properties 

of a type m  surface in that the crystal cannot be cut perpendicular to this surface and not 

result in a net dipole. That is to say that the planes of ions in this direction are arranged so 

that they not only carry a net charge but the result of the combination of the charges that 

they do carry and the distances between them makes it impossible to construct a non- 

dipolar slab.

The problem encountered in simulating surfaces of the pyrochlore structure is that 

all possible surfaces considered (i.e. those having all of their indices < 5) are of this last
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type and are therefore in the non-defective form not stable. The 111, 110 and 100 

surfaces (figures A.4,A.5 and A.6) cannot be cleaved so as to create a type I or Type II 

surface.The only way a surface can therefore form in these materials is by the 

introduction of point defects on or near the surface which 'pin' the surface by neutralising 

the net dipole. This presents us with the problem of deciding which particular defect or 

combination of defects is most likely to occur from a very large number of possibilities. 

The added complication that the usual way of constructing such a surface, by removing 

ions from the surface such that the charge is halved and placing them on the bottom of the 

slab is not possible because of the surface structure. It was therefore decided that surface 

calculations could not be performed except as a major project, and indeed they would be a 

fascinating topic for future study.



l;'



XT



'  —



L



'LA LCÙ

Figure A5 (1,1,0) Surface of Pÿiochlore





References

R.GJ Ball, W.G Bums, J. Henshaw, M.A. Mignanelli and P.E. Potter, J. Nucl. Chem. 
167 (1989) 191

E. Barsis and A. Taylor, J.Chem Phys. 45 (1966) 1154

E. Barsis and A. Taylor, J.Chem Phys. 48 (1968) 4362

E. Bauer and H. Pries, Z  Electrochem. 43 (137) 727 

I.E. Bauerle, J. Phys. Chem. Solids 30 (1969) 2657 

C.A. Beevers and M.A.S. Ross, Z  Kryst. 77 (1931) 255

R.G. Bell, R.A. Jackson and C.R.A. Catlow, J. Chem.Soc.,Chem.Comms. (1990) 782

L. Bernard, A.N. Fitch, A.T. Howe A.F. Wright and B.E.F. Fender, J.Chem.Soc., 
Chem. Comm. (1981) 1974

K. 'QindiQXy Advanced Materials, 4(9) (1992a) 540

K. Binder, (Ed) 'The Monte-carlo Method in Condensed Matter Physics.', Springer, 
Berlin (1992b)

W. Bollmann, P. Gorlick, W. Hauk and H.Mothes, Phys. Stat. Solidi 2 (1970) 157 

W. Bollman and H. Henniger, Phys. Stat. Solidi A 11 (1972) 367 

W. Bollman and R. Reimann, Phys. Stat. Solidi A 16 (1973) 187 

W. Bollman, Phys.StatSolidi A 18 (1973) 313 

L.H. Brixner Inorganic Chemistry 3 (1964) 1271

A.J. Burggraaf, T. Van Dijk and M.J. Verkerk, Solid State Ionics 5 (1981) 519

A.J. Burggraaf, M.P. Van Dijk and K.J. De Vries, Solid State Ionics 18/19 (1986) 807

V. Butler, C.R.A. Catlow, B.E.F. Fender, and J.H. Harding Solid State Ionics 8 (1983) 
109

C.R.A. Catlow Proc. Roy. Soc. Lond. Series A 364 (1978) 437 

C.R.A. Catlow Solid State Ionics 8 (1983) 89



C.R.A. Catlow Ann. Rev. Mater. Sci. (1986) 16 517-548

C.R.A. Catlow in 'Solid State Chemistry, Techniques’ Eds A.K. Cheetham and P. Day 
OUP (1987) 237

C.R.A. Catlow, Crystal Lattice Defects and Amorphous Materials 1987 14(3-4) 223

C.R.A. Catlow J. Chem. Soc. Faraday Trans. 2 85(5) 335-360

C.R.A. Catlow in 'Solid State Ionics' M. Balkaski et al Eds. Elsevier (1992) 219-231

C.R.A. Catlow, J. Corish, K.M.DiUer, P.W.Jacobs and M.J. Norgett J. Phys C  12
(1979) 451

C.R.A. Catlow, A.N. Cormack and F. Theobald Acfa Cryst B40 (1984) 195

C.R.A.Catlow, P.A.COX, R.A. Jackson, S.C. Parker G.D.Price, S.M. Tomlinson and R. 
Vetrivel Industrial Applications of Simulation Studies in Solid State Chemistry' Mol. 
Sim. 3 (1989) 49-69

C.R.A. Catlow and B.E.F. Fender J. Phys C: Solid state Physics 8 (1975) 3267

C.R.A. Catlow and A.B. Lidiard, in 'Proceedings, Thermodynamics of Nuclear 
Materials, v l 1 IAEA Symposium IAEA sm-190 (IAEA Vienna 1975) p27

C.R.A. Catlow, K.M. Oilier and M.J. Norgett J. Phys C. 10 (1977) 1395

C.R.A. Catlow and W.C. Mackrodt (Eds) 'Computer Simulation of Solids' Lecture 
Notes in Physics V I66 Springer, Berlin (1982)

C.R.A. Catlow, W.C. Mackrodt, M.J. Norgett and A.M. Stoneham, Phil Mag 35
(1977)177

C.R.A. Catlow, I.D.Faux and M.J. Norgett, J.Phys.C 9 (1976) 419

C.R.A Catlow and M.J. Norgett ,Harwell Report AERE-M 2936 (1976)

C.R.A. Catlow, M.J. Norgett and T.A. Ross J.Phys.C 10 (1977) 1627

C.R.A Catlow, S.C. Parker and M.P. Allen, Eds ' Computer Simulation of Fluids, 
Polymers and Solids', Oxford Academic Press (1989).

C.R.A. Catlow and G.D. Price Nature 347 (1990) 243

C.R.A. Catlow and A.M Stoneham J. Phys C: Solid State Physics 16 (1989) 4321

A.V. Chadwick and M.R. Warboys in Polymer Electrolyte Reviews' C.A.Vincent and



J.R Macallum (Eds) North Holland (1987) 275

A.K. Cheetham, B.E.F. Fender and R.I. Taylor J. Phys. C:Solid State Physics 4 (1971) 
2160

G.L. Chiorotti, G. Jacucci and A. Rahman Phys. Rev. Lett 57 2395

J.S. Choi, Y.G. Seo and E.T. Kang Synthetic Materials 71 (1-3) (1995) 1859

K.Clausen, W.Hayes, I.E. Macdonald, R.Osbom and M.T. Hutchins, Phys Rev. Lett. 
52 (1984) 128

P. Colomban and G J  Lucazeau. J Chem Phys 72 (1980) 1213

J.D.Comins, P.E. Ngoepe and C.R.A. Catlow J. Chem. Soc. Faraday Trans. 86(8) 
(1990)1183

A.N. Cormack, C.R.A. Catlow and P.W. Tasker. 74 (1983)237

P.A.Cox, PhD Thesis, University of Keele. (1989)

P.A. Cox, C.R.A.Catlow and A.V.Chadwick, J. Mater. Chem. 29(10) (1994) 2725

M.H. Dickens, W. Hayes, M.T. Hutchins and C. Smith. 7 p/zyj C 15 4043 (1982).

M.H. Dickens, W. Hayes, J.K. Kjems, P.G. Schnabel and C. Smith. J Phys C 17 
3903 (1984)

M.H Dickens, M.T. Hutchins, J.K. Kjems and R.E. Lechner. J. Phys C 11 L583
(1978)

M.P. van Dijk, A.J. Burggraaf, A.N. Cormack and C.R.A. Catlow Solid State Ionics 
17 (1985) 159-167

M.P. van Dijk, K.J. de Vries and A.J. Burggraaf, Solid State Ionics 9/10 (1983) 913 

M.P. van Dijk, K.J. de Vries and A.J. Burggraaf Phys. Stat Solidi. A 58 (1980) 115

T.Van Dijk and A.J.Burggraaf Physica Status Solidi 63 (1981) 229

T. Van Dijk, H.H.L. Den Ouden, K.J. De Vries and A.J. Burggraaf. Ber Dtsch Keram 

Ggj (1978) 55(6) 311-13

B.G. Dick and A.W. Overhauser, Phys. Rev. 112 (1958) 90.

M. Dixon and M.J. Gillan, J.Phys.C 11 (1978) L165



M. Dixon and M J. Gillan., J.Phys C 13 (1980)1919 

P.P. Ewald, Ann. Physik 64 (1921) 253.

B.F. Feuston and S.H. Garafolini, J. Chem. Phys. 89 (1988) 5818 

W.L. Fielder, N.A.S.A. tech. report TND 3816 (1967)

A.N. Fitch Materials Science Forum 9 (1986) 113

A.N. Fitch, L. Bernard, A.T.Howe, A.F.Wright and B.E.F. Fender Acta Cryst. C 39 
(1983)159

D.J. Fray Chemistry and Industry 12 (1992) 445-448 

J. Frenkel Z  Phys. 35 (1926) 652

G Gattow and Z Schroeder Anorg. Allg. Chem. 318 (1962) 176

R. Gerhardt-Anderson and A.S. Nowick. Solid State Ionics 5 (1981) 547

R. Gerhardt-Anderson and A.S. Nowick, in ’ Transport in Non-stoichiometric 
compounds' G. Simkovitch and V.S. Stubican (Eds) Plenum Press, New York, (1985) 
111

R. Gerhardt-Anderson, W.K.Lee and A.S. Nowick. J.Phys. Chem. Solids 48 (1987) 
563

M.J.Gillan, 'Ionic Solids at High Temperature' Ed A,M,Stoneham Singapore 
World Scientific (1989) 170

M.J.Gillan Solid State Ionics 9&10 (1983) 755-764

M.J. Gillan. Physica B&C 131 (1985) 157

M.J. Gillan. J. Phys C 19 (1986a) 3391

M.J. Gillan. J. Phys C 19 (1986b) 3517

M.J. Gillan Molecular Simulation 3 (1989) 7033



M J. Gillan and M. Dixon J.Phys C 13 (1980) 1901

D. Goldschmdt and H.L. Tuller Phys. Rev. B 34 (1986) 5558

J.B. Goodenough, H. Y.-P Hong and J.A. Kafalas Mater Res Bull 11 (1976) 203-223

W.Van Gool, (Ed) 'Fast Ion Transport in Solids' North-HoUand ^Amsterdam (1973)

R.G. Gordon and Y.S. Kim J. Chem Phys 56(6) (1972) 3122

R.W Grimes and C.R.A. Catlow Phil. Trans. R. Soc. Lond. A 335 (1991) 609-634

S.M. Haile, B.J. Weunsch and E. Prince in 'Neutron Scatterring for Material Science' 
S.M. Shapiro, S.C. Moss and J.D. Jorgensen (Eds) Vol 166 Material Research Society 
Proceedings. Pittsburgh (1990) 81.

J.H. Harding Rep Prog Phys 53 (1990) 1403-1466

C. Heremens PhD Thesis Massachusetts Institute of Technology (1993)

J. Hautman and M.L. Klein J. Chem Phys. 91 (1989) 4994 

J. Hautman and M.L. Klein J. Chem Phys. 93 (1990) 7483 

W. Heyes, L. Holden and B.C. Tolfield, Solid State Ionics 1 373 (1980)

H. Y.-P. Hong Mat Res Bull 11 (1976) 173 

S. Hoshino 7 P/iy.s Soc. Jap 12 (1957) 315

R.A. Huggins in 'Diffusion in Solids' A.S. Nowick and J.J. Burton (Eds) Academic 
New York (1975) 445-86

M.T. Hutchins, K. Clausen, W. Hayes, J.E. Macdonald, R. Osborn and P. Schnabel, 
High Temp. Sci. 20 (1985) 97

M.T. Hutchins, J.Chem Soc Faraday Trans II 83 (1987) 1083

K. Iwauchi and Y. Ikeda Physica Status Solidi A 130(2) (1992) 449

Z.A. Kazkur, R.H.Jones, D. Waller, C.R.A. Catlow and J.M. Thomas, J. Phys. Chem.



97 (1993) 426

J.A.Kilner in 'Solid State Chemistry 1982', R. Metselaar, HJ.M . Heijligers and J. 
Schoonman, (Eds)., Elsevier, Amsterdam. 1983

J.A. Kilner Solid State Ionics 8 (1983) 201-207

J.A. Kilner and B.C.H. Steele in 'Non-Stoichiometric Oxides' O. Toft Sorensen (Ed) 
Academic Press, New York, 1981

J.A. Kilner and R.J. Brook, Solid State Ionics^ 6 (1982) 237

J.A. Kilner and G.D. Waters , Solid State Ionics^ 6 (1982) 253

W.E.Klee and G. Weitz, J. Inorg. Nucl. Chenuy 31 (1969) 2367-2372

O. Knop ,F. Brisse and L. Castelliz, Canadian Journal o f Chemistry 47 (1969) 971

F. Koch and J.B.Cohen. Acta. Cryst. B 25 (1969) 275.

S.A. Kramer PhD Thesis, Massachusetts Institute of Technology (1994)

S.Kramer, M. Spears and H.L. Tuller, Solid State Ionics 72 (1994) 59 

K.D.Kreuer, A.Rabenau and W. Weppner Ag/zfw. Chem. Int. Ed. Eng. 21 (1982) 208 

K.D.Kreuer, A.Rabenau and R. Messer App/. Phys. A 32 (1983) 155

F.A. Kroger and H.J. Vink ,Solid State Physics , Advances in Research and 
Applications Ed. D. Turnbull, Academic Press Inc., New York (1955) 307-435

K. Kiukkola and C. Wagner, /. Electrochem. Soc. 104 (1957a) 308

K. Kiukkola and C. Wagner, J. Electrochem. Soc. 104 (1957b) 379

M. Leslie, Daresbury Laboratory Report, DL/SCI/TM3IT, (1982).

M.Leslie Daresbury Technical memorandum DL/SCI/TM36T (1984)

G.V.Lewis PhD Thesis, University of London (University College) (1984)

G.V. Lewis Physica 131B (1985) 114



G.V. Lewis and C.R.A. Catlow J.Phys C : Solid state Physics 18 (1985) 1149

A.B. Lidiard and M.J. Norgett in 'Computational Solid State Physics' Eds N.W. 
Dalton and T. Koehler (Plenum Press, New York, 1972) 385

P.J.D Lindan and M.J. Gillan Phil Mag B 69(3) (1994) 535

P.J.D. Lindan and M.J. Gillan J.Phys: Condens Matter 5 (1993) 1019

R. J. Lysiak and P.P. Mahendroo, J. Chem. Phys. 44 (1966) 4025

J.H.H. Ter Maat, M.P.Van Dijk, G. Roelfs, H. Bosch, G.H.M. Van Der Velde, P.J. 
Gellinhs and A.J. Burggraaf. Mat Res Bull 19 (1984) 1149

J.H.H. Ter Maat, M.P.Van Dijk, G. Roelfs, H. Bosch, G.H.M. Van Der Velde, P.J. 
Gellinhs and A.J. Burggraaf. Mat Res Bull 19 (1984) 1271

W.C. Mackrodt, Mol Sim. 3 (1983) 1-14 

W.C. Mackrodt, Solid State Ionics 12 (1984) 175

W.C. Mackrodt and R.F. Stewart, J Phys C 12 (1979) 5015

W.C. Mackrodt, R.F.Stewart, J.C.Campbell and I.H.Hillier., Journal De Physique, 
Supplement to No 7,41 (1980) 64-67

W.C. Mackrodt in 'Computer Simulation of Solids' (Eds C.R.A. Catlow and 
W.C.Mackrodt), Lecture Notes in Physics Vol. 166. Springer-Verlag, Berlin (1982).

S. Matar, J.M. Reau, G. Demazeau, J. Leuat and P. HagenmuUer. Mat Res Bull 15
(1980)1295

S. Matar and J.M. Reau. C.R.Seances Acad. Sci. Paris. 294 (1982) 649

H. Matzke, J. Mat. Sci. 5 (1970) 831

H. Matzke, J. Phys. Paris 34 (1973) 317

H. Matzke, Adv Ceram Am Ceram Soc 17 (1986) 1

H. Ma.tzk& J.ChenuSoc. Faraday T r a n s . I I (1987) 1124



H. Matzke and R. Lindner, Z  Naturf, 19a, (1964) 1178

R.A.McCauley, Journal of the Optical Society o f America, 61 (1971) 209

N Metropolis, H.W. Rosenbluth, M.N. Rosenbluth, A.H. Teller and G. Teller. J. Phys. 
Chem. 21 (1953) 1087

D. Michel, M. Ferez Y. Yorba and R. Collongues, Mat.Res. Bull., 9 (1974) 1457 

J.R. Miller and P.P. Mahendroo, Phys Rev 174 (1968) 369

Y. Michiue and M. Watanabe J. Solid State Chem. 116(2) (1995) 296

P.K.Moon, PhD Thesis, Massachusetts Institute of Technology, (1988)

P.K. Moon and H.L. Tuller Solid State Ionics 28-30 (1988) 470

P.K. Moon and H.L. Tuller in 'Solid State Ionics' G. Nazri, R.A. Huggins and
D.F.Shrivel (Eds) MRS Vol 135 Materials Research Society, Pittsburgh (1989) 149

P.K. Moon and H.L.TuUer in 'Solid Oxide Fuel Cells' Proc 1st Int Symp 89(11) 
S.Singham (Ed) Electrochem. Soc. Pennington N.J. (1989b) p30

P.K, Moon, M.A. Spears and H.L. Tuller in 'Characterization of the Structure and 
Chemistry of Defects in Materials.' B.C. Larson, M. Ruhle and D.N. Seidman (Eds) 
vl38 Materials Research Society Proceedings Pittsburgh (1989) 157

N.F. Mott and M.J. Littleton, Trans. Faraday Soc. 34 (1938) 485.

G.E. Murch Phil. Mag. A 46 (1982)

A.D. Murray, G.E. Murch and C.R.A. Catlow, Solid State Ionics, 18-19 (1986) 196 

W. NemstZ. Electrochem. 6 (1899) 41

D. Nicholson, R.F. Cracknel and N.G. Parsonage, Mol. Sim. 5 (1990) 307

M.J. Norgett A.E.R.E. Report R 7650 (1974)

A.S. Nowick, Comms in Solid State Physics 9 (1979) 85-91

A.S. Nowick and D.S. Park, in 'Superionic Conductors' G.S. Mahan and W.S. Roth 
(Eds) Plenum Press New York (1976) 395

A.S. Nowick, D.Y. Wang, D.S. Park and J Griffiths in ' Fast Ion Transport in Solids' 
Eds P. Vashishta et al ( North-Holland, Amsterdam, 1979) p673



S.C.Parker Prediction of Mineral Crystal Structures' Solid State Ionics 8 (1983) 179- 
186

S.C. Parker, A,N, Cormack and C.R.A. Catlow, Acta. Cryst. B 40 (1984) 200

S.C. Parker and G.D.Price in 'Advances in Solid State Chemistry' C.R.A. Catlow (Ed) 
J.A.I. Press London (1989) vl

C.R. Peters, M. Bettman, J. Moon and M. Click. Acta Cryst B 27 (1971) 1826 

A Rabenau. Solid State Ionics (1982) 277.

A. Rahman and P. Vashishta in The Physics of Superionic conductors and electrode 
Materials' J.W.Perram (Ed) Plenum New York (1983) 53

B. Reuter, J Pickardt and K Hardel Z.Phys Cheniy 56 (1967) 309

A.L. Schluger, R.W. Grimes, C.R.A. Catlow and N Itoh, Phil Trans Roy Soc Lond 
Series A 341 (1992) 221

W. Schroeder and J. Nolting. J. Phys. (Paris) 41 C 6-20 (1980)

P. Sindzingre and M.J. Gillan J.Phys C 21 (1988) 4017 

R.D. Shannon and C.T. Prewitt, Acta Cryst B 25 (1969) 925.

W. Smith and M.J.Gillan J. Phys. Condens. Matter 4 (1992) 3215 

T.F. Soules, J. Non-Crystalline Solids. 49 (1982) 29

M.A. Spears, S. Kramer, H.L. Tuller and P.K. Moon in Ionic and Mixed Conducting 
Ceramics' T.A. Ramanarayanan and H.L. Tuller (Eds) vol 91(12) Electrochemical 
society Proceedings Pennington N.J. (1991) 32

B.C.H. Steele and J.A. Kilner, 'Energetics of Oxygen Ionic Transport in Fluorite, 
Perovskite and Other Oxide Structures'. 141-155

M.A. Subramanian, G,Aravamudan and G.V. Subba Rao. Prog. Solid St. Chem. 15 
(1983)55-143

H. Tannerberger, H. Schachner and P.Kovacs. Rev Energie Primaire 2 (1966) 19

S. M. Tomlinson C.R.A. Catlow and J.H. Harding. J. Phys. Chem Solids 51(6) (1990) 
477



M.P. Tosi. Solid St. Physics 16 (1964) 1

H.L. Tuller in 'Fast Ion Conductors', Academic Press Kluwer (1989)

H.L. Tuller, J. Phys. Chem. Solids 55(12) (1994) 1393

H.L. Tuller, S. Kramer and M.A. Spears in 'High Temperature Electrochemical 
Behaviour of Fast-Ion and Mixed Conductors.' F.W. Poulsen, J.J. Bentzen, T. 
Jacobsen E. Skou and M.J.L. Ostergard. (Eds) Riso National Laboratory, Denmark 
(1993)pl51

R.W. Ure, J. Chem. Phys 26 (1957) 1363

P. Vashishta, and A. Rahman in Past ion transport in Solids' (Eds P. Vashishta et al) 
p527 North Holland, Amsterdam. (1982).

B.Vessal, M. Amini, D. Fincham and C.R.A. Catlow, Phil. Mag. 60 (1989) 753

B.Vessal, M. Amini, D. Fincham and C.R.A. Catlow, J. Non-Crytalline Solids 159 
(1-2) (1993) 184

A. De Vita, M.J. Gillan, J.S. Lin, M.C. Payne, I. Stitch and L.J. Clarke Phys. Rev. 
Lett. 68 (1992) 3319

K.J. De Vries, M.P. Van Dijk and A.J. Burggraaf in 'Solid state chemistry 1982' R. 
Metselaar, H.J.Heijligers and J. Schoonman (Eds) Elsevier Amsterdam (1983) 283

Wagner C. and Schottky W. Z.Phys. Chem. B 11 163

A.B. Walker M. Dixon and M.J. GiUan J. Phys C 15 (9182) 4061

J.R. Walker and C.R.A. Catlow. 7 P/zyf C 15 (1981) 1651.

J.R. Walker and C.R.A. Catlow. J.Phys.C.'Solid State Phys. 14 (1981) L979-L983

D.Y. Wang, D.S. Park, J. Griffiths and A.S. Nowick. Solid State Ionics 2 (1981) 95

N. Weber and J.T. Kummer, Proc Annu Power Sources Conf 21 (1967) 37

D.J. Weidner and G.D. Price, Phys. Chem. Minerals. 16 (1988) 42-50.

M.L. Wolf and C.R.A. Catlow, J. Phys. C. 17 (1984) 6623

M.L. Wolf and C.R. A. Catlow, J. Phys. C. 17 (1984) 6635



P.A. Wright S. Natarajan, J.M. Thomas, R.G. Bell, P.L. Gai-boyes and R.H. Jones and 
J. Chen Angew Chem Int Ed Engl 31 (1992) 1472

B J. Wuensch in 'Mass Transport in Solids' C.R.A. Catlow and F. Beniere (Eds) 
NATO ASI Series Series B: Physics V 97 Plenum New York (1983)

L. Xie and A.N.Cormack. J. Solid State Chemistry (1989) 293-291

S. Yashonath, J.M. Thomas, A.K. Novak and A.K. Cheetham. Nature 331 (1988) 601


