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Abstract 

Metal oxide thin films feature prominently in virtually every 

optoelectronic device including photovoltaics, for harnessing solar 

energy, and LED displays, as seen ubiquitously in every smartphone, 

television, smartwatch, information display, etc.. These materials 

perform an important function in such devices as transparent electrodes 

enabling the flow of current through the device whilst permitting incident 

or emitted light to pass freely and uncoloured between the central 

optoelectronic element and the external medium. Such materials are 

known as transparent conducting oxides (TCOs), and owe their 

transparency to a wide optical band gap exceeding the energy of visible 

photons (> 3.1 eV), and their electrical conductivity to a sufficiently high 

free electron density and mobility. Free electrons in these materials 

originate from crystal defects, which can be deliberately introduced by 

doping. Transition metal (TM) dopants have recently come to light as 

enabling greater electron mobility in TCOs compared to traditional main-

group dopants, while widening their optical transparency window into 

both the UV and IR. The commercial standard TCO material for most 

applications is Sn-doped In2O3, therefore the first objective of this thesis 

is to explore and compare to Sn some transition metal dopants (Zr, Hf, 

Mo) for In2O3 in terms of electronic and optical behaviour. The 

commercial supply risk associated with indium, being a naturally scarce 

element, leads to the second objective, which is to explore TM doping of 

SnO2 using Ta. This is carried out using commercial scale-up syntheses 

via atmospheric-pressure chemical vapour deposition (APCVD) with a 

view to creating a more competitive indium-free TCO. Finally, gallium(III) 

antimonates (Ga2xSb2-2xO4) are explored via APCVD as ternary indium-

free, wide-bandgap host matrices for TCO and TFT applications. 
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Statement of Impact 

The work set out in this thesis represents a number of small but 

important steps in the development of a class of materials which today 

the world could not do without. Thin films (less than 5 × 10-7 m thick) of 

metal oxides are the backbone of virtually all modern planar technologies 

at the confluence of light and electronics, or “optoelectronics”. Photons 

entering a solar array must reach the absorbing layer, and light emitted 

from an LED must reach the eye. This necessitates a thin, transparent 

electrode with electrical conductivity. 

At the time of writing this thesis, this role is fulfilled in the vast 

majority of applications using tin-doped indium(III) oxide films, however 

the critical supply risk associated with raw indium extraction has led to 

profound efforts by researchers to find workable, more earth-abundant 

alternative materials. 

The work in this thesis addresses two key questions surrounding 

the development of such materials. The first concerns whether there are 

new materials within this category which are yet to either be made, or be 

made viable. In this work, transition metal dopants for In2O3 and SnO2 

have been investigated to answer this question, as well as a set of 

ternary gallium antimony oxides. The In2O3 depositions were carried out 

during a two-month collaborative visit to the Hosono laboratory at Tokyo 

Institute of Technology in 2018. The outcome of this collaboration was 

communicated in talk at the 2019 Spring Meeting of the European 

Materials Research Society in Nice, France. A pair of publications 

concerning each of these topics are in preparation at the time of 

submitting this thesis. The second question regards the practical manner 

in which they are made or “deposited”, with a particular view to how the 

deposition variables affect the physical behaviour of the material. There 

are both physical and chemical techniques for doing this, and the work 
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herein investigates both, with a focus on the shift from laboratory- to 

commercial-scale deposition. This generated two publications in 2018, 

one in Applied Physics Letters1 and the other in ACS Applied Nano 

Materials,2 which was also presented at the International Conference on 

Materials Science and Engineering Technology in 2016. Some of this 

work also contributed to a patent in 2016 (WO2016132100A1). Overall, 

the key outcomes of this work are as follows: 

1. Transition metal dopants in In2O3 were shown to give lower 

conduction electron masses than conventional Sn-doping, 

pointing to the potential for much higher mobility in electrodes 

fabricated using these. There are many advantages to this, which 

are given in greater detail within. 

2. A commercial-scale synthesis for Ta-doped SnO2 using dynamic 

atmospheric-pressure chemical vapour deposition was devised 

and demonstrated in association with industrial sponsors at 

Pilkington NSG Ltd.. 

3. A range of mixed gallium-antimony oxides (Ga2xSb2-2xO4) were 

conceived and synthesised, whose amorphous phase exhibited 

electron mobilities competitive with current indium-based market-

leading materials. 

4. A synthetic route to vapour deposition of scandium(III) oxide films 

without the need for vacuum was demonstrated using aerosol-

assisted precursor delivery. 
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Chapter I: Challenges and Design Principles for Metal Oxide 
Optoelectronic Materials 

 Optoelectronics in the Information Age 

The modern world is awash with information, and digital displays 

stand at the interface between endless banks of it on one side, and the 

end users on the other. Virtually every person living in the developed 

world interfaces between the ‘real’ and ‘digital’ worlds through at least 

one digital display every day, while most also carry with them their own 

personal and portable interfaces in the form of smartphones, tablets 

and/or laptop computers. Miniaturised, power-efficient, bright and high-

resolution digital displays have been made possible through decades of 

research into thin-film transistor (TFT) technology, which continues to 

drive technological innovation at break-neck pace. Once the reserve of 

niche, high-value technologies in the e.g. military industry, TFT 

technology has over the years replaced ‘lo-tech’ solutions of bygone eras 

with smarter, clearer, more intuitive and immersive alternatives (cf. the 

desktop computer for the typewriter, the television for the dissemination 

of information and entertainment, the tablet computer for the notepad, 

and the mobile phone for a raft of other applications). These items have 

become commonplace in daily life, but the advancing front of ‘smart’ 

technology has not stopped there. The last few years have ushered in 

new technologies not long ago committed to the imaginations of sci-fi 

fans: smartwatches, virtual reality, smart and artificially-intelligent 

displays on car dashboards, smart white goods, smart domestic 

thermostats and smart advertisements in public places, flexible colour-

changing electronic clothes, all of which owe their realisation, at least in 
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part, to the continual development and affordability of TFTs, a schematic 

of which is drawn in Figure 1.1. 

 
Figure 1.1 Schematic illustrating generic optoelectronic device architecture. The position of the 

transparent conductor is shown in bold as “TRANSPARENT ANODE”. 

Every one of these devices is electronic, and it is widely 

understood that electronic devices must form a circuit in order for 

electrical current to flow, allowing the device to function. TFTs are a 

member of a broader genus of devices often referred to as 

optoelectronics, due to the co-operation of electrons with photons in their 

function. Many optoelectronic devices are arranged vertically, so as to 

maximise e.g. pixel density, as shown in Figure 1.1. In the case of many 

TFT devices, current is delivered to the pixel from a rear contact. This is 

usually a metal such as Al or Cu. The current is passed through the 

photoemitting layer, where electrons lose energy in the form of photons, 

whose colour varies depending on the energetic character of the layer. 

Electrons are then extracted at the front electrode.3 An important 

characteristic of this front electrode is transparency to the photons 

emitted from the layer beneath, in order that the light is visible and the 
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device is hence able to perform its intended function. Likewise, for 

devices such as photovoltaics (PVs) which absorb rather than emit 

photons, the front electrode must instead be transparent to incoming 

light, admitting as wide a portion of useful radiation as possible.4 

 The Trouble with Indium: Supply and Substitution 

Indium-based materials such as tin-doped indium oxide (ITO) for 

transparent electrodes5 and indium-gallium-zinc oxides (IGZOs) for TFT 

channel layers6 are most commonly used for these applications, due to 

the high optoelectronic performance of indium-containing materials due 

to factors which will be parsed in more detail below. While the ITO 

portion of most optoelectronic devices only accounts for a relatively small 

fraction of their cost, the problem with indium-based devices is more a 

question of supply risk. The demand for optoelectronic devices 

continues to grow, as a result of numerous factors including population 

growth, the increasing popularity of photovoltaic power generation, and 

diversification of TFT applications within the Internet of Things (IoT), e.g. 

smart watches, domestic thermostats, refrigerators, car dashboards, 

etc..7 In addition, raw indium demand is set to be further boosted if 

copper-indium-gallium-selenide (CIGS) and In-based III-V photovoltaics 

become the technology of choice for solar power.8 In Figure 1.2 is 

shown a 2012 forecast for indium production, demonstrating its continual 

rise at current growth rates. However, this forecast does not account for 

those future indium-based technologies, which could produce further 

spikes in indium demand. 
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Figure 1.2 Production trends for indium. Reproduced from Biliouris et al..8 

In spite of its vast economic importance, the primary use of indium 

is in thin films (< 300 nm), meaning that the actual market for raw indium 

is relatively small at only about 1000 tonnes per annum (tpa, see Figure 
1.2).9 It is currently produced almost exclusively as a by-product of the 

zinc refining process, so the quantity of indium able to be refined in a 

given year is limited by infrastructure; this is shown in Figure 1.3(a), in 

which beyond a certain supply threshold the unit cost of indium is highly 

inelastic. If demand for indium continues to grow at current rates, a shift 

will soon be required to primary indium refining. This is likely to be more 

costly than the current means of sourcing indium, which shares some 

production costs with zinc. This shift will take some time to implement, 

and a report by the National Renewable Energy Laboratory in the US 

finds that in the interim between boosted indium demand and the roll-out 

of primary indium refining, supply is likely to struggle to meet demand.10 

This effect is shown in Figure 1.3(b), in which indium demand is forecast 

to outstrip supply in the near future in the absence of improved indium 

refining infrastructure. This will result in a high and volatile cost to 

sourcing indium, directly impacting the cost to the consumer of devices 

which depend on it. In the longer term, continued indium extraction will 

eventually face difficulty with the availability of indium-containing ores, 

being a relatively scarce element in terms of natural abundance in the 

Earth’s crust.  
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(a) 

 
(b) 

 
Figure 1.3 (a) The cost of meeting high indium demand rises sharply in the absence of large 

primary indium refining infrastructure; (b) Indium supply and demand forecasts. Reproduced 

from Lokanc et al. 2015 (NREL).10 

Thus, the need to find alternatives to indium-based materials is 

pressing. Since one of the largest uses for indium is for transparent 

conducting oxide (TCO) electrode materials in the form of ITO, an 

alternative transparent conductor would go a long way to quelling the 
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soaring demand for indium; more than 80% of the demand for indium 

comes from the flat-panel display industry, whose demand was 

predicted to grow a substantial 13% from 192 million square metres of 

display units in 2018 to 217 million square metres by 2021.11,12 

 Transparent conducting oxides in context 

Since other inorganic compound semiconductors such as metal 

nitrides, sulphides and phosphides tend to have smaller band gaps than 

oxides (and therefore inferior transparency),13 this question of 

transparent conductors has invited contributions from other types of 

material entirely. For instance, ultrathin metal contacts (particularly Ag) 

are used in preference to TCOs as cathodes in transparent PVs and 

OLEDs, due to the low work function necessary for efficient electron 

injection. However, even very thin metals can only achieve optical 

transmittance of around 50 %,14 compared with the >90 % achievable 

with TCOs.15 It is possible to only partially cover the contact area with 

metal in either a nanowire or grid-like array, and these have shown 

impressive transparency and conductivity characteristics on par with ITO 

(see Figure 1.4). However, these raise the question of their current-

spreading ability due to their incomplete coverage of the surface, and 

face complications in their implicit roughness and inability to be 

patterned.16 Polymer transparent conductors such as PEDOT:PSS have 

resisted widespread adoption due to their instability to exposure to 

humidity, high temperature processing and UV light.16 The most 

promising alternative transparent conductor to TCOs is graphene, which 

exhibits exceedingly high optical transparency above 97% spanning the 

spectrum from UV through IR, electron mobility often in excess of  

10 000 cm2 V-1 s-1, and durability to high-temperature processing.17 

However, its sensitivity to humidity exposure and its requirement to be 

grown on metal foils and transferred to the substrate of choice, 
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complicate its widespread adoption into fabrication processes.18 As 

such, until graphene can be grown directly onto device structures without 

the need for ex-situ manual handling, TCOs will likely remain the 

transparent conductor of choice for most device fabrication purposes. A 

TCO replacement for ITO would need to have comparable performance. 

In order to achieve this, it is necessary to understand and assess the 

physical characteristics of indium which make its products so 

competitive as optoelectronic materials. 

 

Figure 1.4 Comparison of optoelectronic characteristics of the most widely adopted transparent 

conductors. Reproduced from Cao et al. 2014.16 

 Design Principles of Transparent Electrodes: Metal Oxides 

When engineering these transparent front electrodes, it is 

therefore important to proceed with a material which is readily available, 

stable during preparation, operation and throughout the useful lifetime of 
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the device and easily manipulated through e.g. synthesis conditions and 

etching in order to obtain the necessary intrinsic properties and 

architecture respectively. There is a raft of other desirable characteristics 

for useful transparent electrodes spanning toxicity to photostability, but 

most importantly the material must be high-performance; for a 

transparent electrical conductor, this of course means high transparency 

and high electrical conductivity. 

One important class of transparent materials is metal oxides. 

These tend to be chemically and thermally stable and inert, easily 

synthesised often by simple oxidation of chemical precursors, etchable 

by a number of means and mechanically robust. Their transparency 

meanwhile arises due to the effect of mixing valence orbitals of the metal 

and the oxygen atoms; in the case of non-transition metal oxides M, this 

occurs between the ns orbitals on the metal and the 2p orbitals on O, 

such as that shown in Figure 1.5. For transition metal (TM) oxides, a 

further contribution to bonding is made from the incomplete nd valence 

subshell on the metal. In the case of the post-transition metal oxides 

(with valence electron configuration (n-1)d10ns0np0), this interaction is 

largely ionic, with the vacant ns-derived orbitals predominantly localised 

at M, and filled 2p-derived orbitals lying closer to O.3,19 While Figure 1.5 

resembles a molecular orbital diagram between two discrete species, in 

a periodic solid this orbital overlap is occurring in three dimensions, such 

that those occupied and unoccupied states can be considered to form 

energetic ‘bands’, whereby the upper edge of the energetically 

uppermost band of occupied electronic states is referred to as the 

valence band maximum (VBM), and the lower edge of the energetically 

lowest-lying band of unoccupied electronic states is referred to as the 

conduction band minimum (CBM, nota bene the CB minimum always 

lies higher in energy than the VB maximum). The conduction band is so-
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called since a continuum of vacant states available for occupation by 

propagating electrons leaves them able to move (i.e. to be conducted) 

through the solid.  

 
Figure 1.5 Molecular orbital schematic illustrating formation of the band gap in post-transition 

metal oxides M2Oy from energetic separation of valence orbitals on the cationic (metal) and 

anionic (oxide) species. V0 denotes the Madelung potential.  

With no electronic energy levels lying in-between the VBM and 

CBM, there is a gap in the allowed energy of electrons in the system. 

This is suitably referred to as the electronic band gap (Eg). Since 

electrons are capable of absorbing the energy of incident photons, the 

minimum quantity of light energy required to excite an electron from the 

valence band (VB) to the conduction band (CB) is given as the optical 

band gap (Eg
opt), and is equivalent to Eg when the VBM→CBM electronic 

transition is optically allowed. Since the visible portion of the 

electromagnetic spectrum is generally accepted to span photon 

wavelengths between 400-750 nm (i.e. energies between 3.1-1.7 eV), 

an optical band gap Eg
opt > 3.1 eV results in visible transparency. 
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 Band Gap Engineering in Ionic Solids 

Trends in Eg of the post-transition metal oxides can be understood 

in terms of the Madelung potential V0 acting on lattice positions in an 

ionic solid, as given using the summation given in Equation 1.1,19 where 

qi denotes the charge on a species at a distance of r0-i. 

 %& =(
)*
+&,*

-

*./

 Equation 1.1 

The Madelung potential V0 is proportional to the magnitude of the 

Coulombic stabilising effect on O2-, and destabilisation of the cationic 

metal site, as was illustrated in Figure 1.5. This directly influences the 

magnitude of Eg in the metal oxide. As such, moving across the period, 

cations with a greater charge qi (say, Ga versus Zn), will result in a larger 

V0 and therefore larger Eg. On the other hand, moving down the group, 

larger cations (e.g. In versus Ga) will result in a greater separation r0-i 

between ions, reducing V0 and yielding smaller gaps. The effect of this 

on the optical band gaps of post-transition metal oxides is shown in 

Figure 1.6. It is apparent that among these, ZnO, Ga2O3, In2O3 and 

SnO2 are the only candidates with Eg
opt > 3.1 eV, such that these are 

fully transparent to all visible wavelengths of light. 

 
Figure 1.6 Optical band gaps for dominant oxide phase of each d10 metal. Actual values and 

sources can be found in Table S 1. 
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 Electron Mass and Mobility in Metal Oxides 

Many of the metal oxides shown in Figure 1.6 are widely 

recognised as being capable of exhibiting simultaneous transparency 

and electrical conductivity. Materials of this class are most commonly 

referred to as transparent conducting oxides (TCOs). In2O3 performs 

particularly well due to the large spatial distribution of the In5s orbitals 

which contribute most significantly to the CBM. Then, In-In overlap of 5s 

orbitals at the CBM as illustrated in Figure 1.7 enables far-reaching band 

dispersion which facilitates high electron mobility in the CB through low 

electron effective mass.20–22  

 

Figure 1.7 Schematic illustrating overlap of spherical In5s orbitals between neighbouring metal 

cations in solid In2O3, creating electron pathways which form the conduction band. 

The electron effective mass m* is a parameter used to simplify 

the physical treatment of electrons in a periodic solid, in which the 

momentum of electrons cannot be treated in isolation due its 

entanglement with the momentum of the crystal lattice. For this reason 

the inertial mass of electrons in a crystal system is not necessarily 

equivalent to the rest mass of an isolated electron m0. The effective 

mass is usually expressed relative to m0 and in In2O3 typically takes 
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values between m* = 0.18-0.25 m0. Low electron masses m* directly 

result in greater electron mobility μ as per Equation 1.2, where e is the 

fundamental electronic charge and 0 is the carrier relaxation time in 

seconds. Due to the spherical nature of In5s orbitals and the ionicity of 

In2O3, this conduction mechanism does not demand high 

crystallographic order,23 and has also given rise to a class of In-based 

amorphous optoelectronic materials.20  

 1 =
20
3∗ Equation 1.2 

Indeed, a similar conduction mechanism exists for indium’s 

neighbouring d10 metal oxides (Zn, Ga, Cd, Sn, Hg, Tl), all of which have 

predominant ns character of the CBM (with the exception of PbO, whose 

CBM is largely 6p in character).24 In the simplest terms, for this set of 

metal oxides, the ability of electrons to propagate through the lattice 

depends on the dispersion of cation ns orbitals at the CBM; this means 

having large, soft cations. However, the smaller band gaps of the heavier 

oxides Hg2O, Tl2O3, and PbO makes them less visibly transparent and 

therefore less useful as TCOs, which combined with their serious toxicity 

precludes their widespread adoption.  

Other metal oxides with strong ns character at the CBM but also 

a large density of d-states due to incomplete dn shells in the CB (i.e. the 

transition metal oxides) experience a much stronger degree of electron 

localisation at the metal site, which results in poor conduction band 

dispersion, high electron effective masses and low electron mobilities.22 

The effect of this is especially apparent in TiO2, which in its rutile 

structure has a high density of non-bonding d-states close to the CBM, 

while these sit ca. 1 eV above the CBM in anatase, resulting in poorer 

band dispersion for rutile compared with anatase (m*rutile = 5.1 m0 vs. 

m*anatase = 0.9 m0).22 
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 Charge Carrier Creation in Metal Oxides Through Doping 

The electron pathways thus far discussed provide a route for 

conduction electrons to permeate the metal oxide. Free electrons or 

charge carriers can be introduced in two ways. The first is intrinsic 

doping, in which the metal oxide synthesis is carried out in e.g. an 

oxygen-poor environment in order to favour the formation of n-type 

intrinsic defects; traditionally this has been thought to be due to the 

presence of oxygen vacancies (VO⦁⦁), as per Equation 1.3.25 Note that 

Equation 1.3 uses Kröger-Vink notation, whereby a superscript bullet (⦁)	

denotes positive charge, and the prime symbol (′) is negative charge, as 

is standard for electronic description of point defects. The cross symbol 

(×) denotes an uncharged species.3 The main symbol is the chemical 

symbol for the species in question (while V is used for vacancies), and 

the subscript denotes the crystallographic site occupied by the species 

(where i is used for interstitial sites). Therefore, OO× represents an 

overall uncharged oxygen lattice site occupied by an oxygen atom, and 

VO⦁⦁ represents a doubly positively-charged oxygen vacancy site. 

 O8
× →%8

⦁⦁ + 22< +
1
2
O> Equation 1.3 

However, computational findings suggest that in many oxides, 

VO⦁⦁ is a ‘deep’ electron donor, i.e. the donor level lies far enough below 

the CB that the contribution to the free electron concentration by the VO⦁⦁ 

donor is likely to be minimal.26 The only exception to this amongst the 

TCOs discussed is the CdO system, where VO⦁⦁ is a shallow donor 

defect.27 Meanwhile, another computational study points to conductivity 

arising from metastable photoexcited VO⦁⦁ states, where the deep VO⦁⦁ 

can lead to persistent n-type conductivity whereby the emptied ground 

state moves deep into the conduction band, while the excited electrons 

move to a shallow state close to the CBM.28 A further study yet indicates 
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that adventitious doping by H in the chemical synthesis leads to shallow 

interstitial Hi⦁ states, which supposedly account for the greatest 

contribution to n-type conductivity in nominally undoped TCOs, as 

supported by density functional theory computation in the case of SnO2
26 

and by muon spectroscopy for ZnO.29 In all cases however, metal oxide 

synthesis under O-poor conditions is consistently favourable for n-type 

defect formation.  

While there is little consensus on the origin of electrical 

conductivity in the case of nominally undoped (i.e. intrinsically doped) 

TCOs, the picture is much clearer for extrinsically-doped systems. 

Introduction of an aliovalent dopant species is the most common means 

by which to dope metal oxide matrices, whereby electrons are artificially 

introduced to the matrix by placement of a species of a more positive 

oxidation state onto a crystallographic site by a process widely referred 

to as substitutional doping. This can be cation doping, e.g. Sn(IV) on an 

In(III) site in ITO. Alternatively, anion doping such as e.g. F(I-) on an  

O(II-) site in fluorine-doped tin(IV) or zinc(II) oxides (FTO and FZO) can 

achieve a similar effect. In either case, an effective local excess of 

electrons is created at the defect site, creating a shallow electron donor 

level close to the CBM and therefore enabling electrical conductivity. 

There is less ambiguity as to the source of conductivity in extrinsically-

doped TCOs, as long-standing experimental evidence points to 

substitutional doping forming the basis for the electrical behaviour of 

TCOs,30 while computation has repeatedly indicated the dopant to be 

the dominant donor defect in n-type systems.26,31 The mechanism for 

electron injection via aliovalent doping is shown in Equation 1.4, where 

substitution of a single In site in In2O3 liberates a single electron, which 

enters the conduction band (being the lowest unoccupied electronic 

state) and thereby contributes to electrical conductivity.  
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 InAB
× CB,DEFGBH
I⎯⎯⎯⎯⎯⎯KSnAB

⦁ + 2< Equation 1.4 

 Challenges in Metal Oxide Doping 

One of the key challenges to TCO development is minimising the 

electrical resistivity, ρ, which is given by Equation 1.5. It can be seen 

that the key factors affecting the electrical resistivity (and likewise the 

conductivity, σ) of a material are the electron density n and the electron 

mobility µ.  

 M = N,/ = (P21),/ Equation 1.5 

In the simplest terms, by increasing the dopant quantity in an 

extrinsically n-type doped TCO, one can introduce more electrons n into 

the material, while the electron mobility μ is concomitantly reduced by 

increased scattering by point defects at dopant sites; as such an 

optimum dopant quantity for minimum resistivity is implied.32 However, 

there are also limitations on the number of free charge carriers that can 

be introduced, and this limit depends partly on the electron affinity of the 

material (or, the energetic ‘depth’ of the CBM); a larger electron affinity 

generally implies a greater ease with which electron injection into the CB 

can occur. However, the dopability can also be varied depending on the 

chemical environment. For instance, in Figure 1.8(a), Yim et al. show 

using density functional theory that, in the case of Al-doped ZnO, an O-

rich crystallographic environment (relative to Zn) will result in donor 

dopants (AlZn⦁) being fully counterbalanced (or “compensated”) by 

intrinsic acceptor defects (zinc vacancies, VZn′′). In such an instance, 

there will be a low net density of free charge carriers. This effect traps 

the Fermi level below the CBM,33 resulting in a material with poor 

electrical conductivity. Therefore, it might be expected that ZnO:Al grown 
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under O-rich conditions would be approaching electrically insulating 

behaviour. On the other hand, Figure 1.8(b) also shows that in an O-

poor (Zn-rich) environment, the donor dopant is not compensated by 

intrinsic acceptor defects as it would be under an O-rich regime. 

Therefore, ZnO:Al grown in such an environment would therefore be 

expected to be significantly more electrically conducting, up to a 

maximum carrier density as determined by the Fermi energy value at 

which the donor dopants are fully compensated by the formation of 

intrinsic acceptor defects (i.e. where the AlZn⦁ and VZn′′ lines overlap in 

Figure 1.8(a)).  

As doping increases and the Fermi level rises, one moves from 

left-to-right along the plots in Figure 1.8. The stages along the lines at 

which the formation energy gradient experiences a sudden change are 

referred to as charge transition levels. These correspond to the Fermi 

energy at which a crystallographic defect changes its charge state; for 

instance, interstitial Zn (Zni) in Zn-rich ZnO (see Figure 1.8(b)) exists in 

the 2+ charge state for Fermi energies between the VBM and VBM + 1.5 

eV. However, at Fermi energies higher than this, the gradient shifts to a 

flat line, corresponding to a charge state of zero. This means electron 

donation from Zni cannot raise the Fermi level beyond this point; 

however, in order to obtain high electrical conductivity in ZnO, its Fermi 

energy needs to be close to or above the CBM. It can be seen in Figure 
1.8(b) that for the AlZn⦁ donor dopant, the 1+/0 charge transition level 

does not occur between the VBM and the CBM (i.e. within the band gap), 

so must occur above the CBM (inside the CB); this dopant can be 

considered ‘resonant’ and should contribute strongly to the electron 

concentration in ZnO:Al. It should also be noted from both Figure 1.8(a) 
and (b) that in ZnO:Al, the AlZn⦁ line appears at the lowest formation 

energy and therefore is clearly the dominant donor defect, followed by 
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VO⦁⦁ then interstitial Zni⦁⦁ in terms of formation energy; however it is also 

evident that VO⦁⦁ is a “deep” donor (i.e. the 2+/0 charge transition level is 

ca. 2 eV below the CBM), while Zni⦁⦁ is “shallower” (1+/0 at 0.5 eV below 

CBM) but with a higher formation energy (ca. 4 eV higher than AlZn⦁), 

and would therefore not be expected to contribute significantly to the 

conductivity of ZnO:Al (while the contribution from adventitious H-doping 

was not shown in this study).  

(a) (b) 

 
Figure 1.8 Defect formation energies in Al-doped ZnO grown under (a) O-rich and (b) Zn-rich 

conditions, as calculated using first-principles DFT. Reproduced from Yim et al..33 

Therefore, for effective dopants like Al in ZnO, raising the dopant 

level results in a concomitant rise in the Fermi level EF, and moving EF 

deeper into the CB one is faced with shifting formation energies of donor 

and acceptor defects – the formation energy of donor defects rises with 

EF, counterbalanced by a falling formation energy of acceptor defects. 

There is therefore an implied limit to how far a material can be doped 

before the host matrix resists further doping. Increasing donor formation 

energy would hamper a rising free electron density, as would decreasing 

acceptor defect formation energy; and vice versa. Likewise heavy 
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doping can also hamper conductivity due to solubility limits of extrinsic 

dopants, with secondary phase formation and dopant clustering being 

key mechanisms to consider for mobility reduction.31 

Main-group dopants for post-transition metal oxides are most 

often used, owing to their solubility, availability, stability and ease of 

deposition – e.g. Al or Ga for ZnO, Sn, Sb or F for SnO2, and Sn for 

In2O3. There are certain instances where one TCO is preferred over 

another, e.g. FTO is preferred over ITO for dye-sensitised solar cells 

(DSSCs) due to the resistance of FTO to degradation by I3- originating 

from the device.34 Recent work has investigated in greater depth the 

possibility of transition metal dopants for TCOs. Their particular benefits 

are that the high energy and (n-1)d-character of their valence orbitals 

keeps the dopant energetically and symmetrically separated from the ns-

derived CBM of the main group host TCO matrix, minimising 

hybridisation there and enabling better band dispersion and lower 

electron mass.35 This is manifested as exceedingly high electron mobility 

in Mo-doped In2O3,36 and low electron mass and better UV transmittance 

in Ta-doped SnO2.37 Recent computational study and previous 

experimental work has identified Hf and Zr dopants as also being of 

benefit to doped In2O3, which will be assessed against Mo and Sn 

dopants herein. The potential for improved performance from SnO2 

through Ta doping also warrants investigation into the possibility of 

scaling up its growth to industrial scale, which forms the basis for some 

more of the work presented in this thesis. Given that growth and 

patterning processes for In and Sn oxides are already well-established 

in the optoelectronics industry, substantial improvements to these 

existing materials is likely to be highly valuable and relatively readily 

implemented into application.  
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 Application of Design Principles 

Tying these principles together, the development of new high-

performance optoelectronic materials will focus on using post-transition 

metal oxides with an (n-1)d10ns0np0 valence configuration in order to 

provide an ns-derived CBM for high electron mobility: 

1. The first section will deal with reducing the electron mass in In2O3 

relative to Sn-doping. In2O3 has a wide optical band gap so is 

intrinsically transparent. Since the Sn5s on the dopant reduces 

the conduction band dispersion by hybridising with the host In5s 

orbitals, transition metal dopants (revealed by recent 

computational studies to be resonant donors35) will be used 

instead. The donor level in these is higher in energy and has  

d-orbital character, so would not be expected to hybridise as 

strongly with the In5s-derived CBM. The expected lower electron 

masses obtained as a result should ultimately lead to higher 

electron mobilities, reducing the quantity of indium required to 

obtain a conductive layer, among various other benefits. This 

addresses the indium scarcity issue by potentially enabling raw 

indium stockpiles to last substantially longer, which on a 

commercial scale could be of serious value to the optoelectronics 

industry. 

2. The second section focuses on using Ta (electron configuration 

[Xe]4f145d36s2) as a transition metal dopant for SnO2, presenting 

an indium-free alternative to indium-based TCOs. This is to 

investigate whether the low electron mass effect can sufficiently 

boost the performance of SnO2 in order that it may compete with 

In2O3, while its preferred V+ oxidation state makes it ideal for 

substituting Sn(IV+) crystallographic sites. A commercial scale-
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up synthesis study is carried out, presenting the possibility of 

producing these materials on an industrial level. 

3. While gallium(III) oxide has a band gap too wide for donor doping 

to result in significant free electron densities, its 4s-derived CBM 

results in high electron mobility. Antimony(V) oxide is another 

post-transition metal oxide with an s-derived CBM, but its band 

gap is too narrow for applications demanding transparency. The 

third section of this thesis sets out to show that, by combining the 

two into ternary Ga2xSb2-2xO4, tuneability of the band gap between 

the two extremes should be possible, while the electron mobility 

ought to be a direct function of the s-character of the CBM. This 

material may yet prove another promising alternative to indium-

based metal oxide materials. 

Therefore, by combining the fundamental principles underlying 

the optoelectronic behaviour of metal oxides, the work in this thesis sets 

out to present a number of new materials designed with a view to either 

mitigating or eliminating indium demand. 
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Chapter II : Understanding electrical mobility trends in 
polycrystalline transition metal doped In2O3:M (M = Mo, Hf, Zr, Sn) 

 Introduction 

Indium(III) oxide is a semiconductor most commonly used in its 

cubic (bixbyite) crystalline form, which has a direct parity-forbidden 

fundamental band gap of 2.9 eV, and an allowed direct optical gap of 

3.75 eV.21 Indium(III) oxide, amongst its neighbouring d10 metal oxides 

(Zn, Ga, Cd, Sn, Hg, Tl, Pb), provides the best available combination of 

low electron mass, wide band gap and low toxicity. Meanwhile its large 

electron affinity makes it readily doped by a wide range of dopants (Sn,5 

H,38 Zr,39 Mo,36 Hf,40 etc.) to yield strongly n-type conducting behaviour.23 

This indispensable combination of physical characteristics, coupled with 

the ease with which it may be deposited and patterned, makes ITO 

immensely commercially valuable due to its applicability in the majority 

of electronic devices where both transparency and high electrical 

conductivity are demanded of the topside electrode. In 2016, the flat 

panel display market alone generated revenues of US$ 109 Bn, 

projected to increase to US$ 135 Bn by 2020. Around half of all primary 

indium produced globally is used in the form of ITO.41 

Currently, ITO is the material of choice for virtually all modern 

digital display technologies (LCD, OLED, AMOLED etc.42) and many 

photovoltaics,15 as well as some other applications such as infrared 

reflective (or ‘heat-mirroring’) but visibly transparent smart fenestration43 

and, increasingly, transparent electronics.44 As such, the global 

commercial importance of ITO in the modern world is clear. 
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Although ITO is well-established as a high-performing material, it 

is not without its limitations. In particular, Sn-doping of In2O3 inevitably 

and invariably effects a reduction in the bulk mobility of electrons 

propagating through the material. Electron scattering by ionised dopant 

sites limits electron mobility in all heavily-doped metal oxide systems (an 

effect known widely as ionised impurity scattering),3 but in single-

crystalline ITO films even very light doping of 0.3 at% Sn:In causes a 

strong reduction in bulk mobility from about 90 cm2 V-1 s-1 in undoped 

In2O3 to 75 cm2 V-1 s-1 in ITO; in the same study, doping In2O3 with the 

same quantity of Zr instead of Sn gave a mobility increase to over  

110 cm2 V-1 s-1.45 Density functional calculations indicate that the 

mobility-suppressing effect of Sn doping is due to Sn5s states 

hybridising at the CBM, which produces an increased degree of electron 

localisation at the dopant site. The resulting increased scattering by 

dopant sites is sketched in Figure 2.1. This localisation reduces the 

CBM dispersion, thereby increasing the electron effective mass, m* and 

limiting the maximum attainable carrier mobility μ, as evident from the 

relation shown in Equation 2.1, where e is the fundamental electronic 

charge and 0 is the carrier relaxation time. 

 1 =
20
3∗ Equation 2.1 

This has been observed experimentally as an increase from m* = 0.31 

m0 in undoped In2O3 to m* = 0.43 m0 upon Sn-doping (where m0 

represents the rest mass of an electron),46 while density functional 

calculations find a similar result.47 Therefore, Sn-doping limits electron 

mobility in ITO. The emergence of the mechanism for this observation 

through recent computational study has spurred the search for 

alternatives to ITO in which the maximum attainable electron mobility 
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may be raised, where reducing the degree of hybridisation of dopant s-

states near the CBM is key.  

 
Figure 2.1 Schematic illustrating scattering of propagating electrons in Sn-doped In2O3. 

A computational study by Bhachu et al.36 shown in Figure 2.2 

revealed that transition metal (TM) doping enables electron donation 

from d-orbitals at energies higher above the CBM, allowing higher 

electron mobility to be achieved by having virtually no electron 

localisation on the dopant site at the CBM. To date, Mo-doped In2O3 

(IMO) has attracted particular attention for this behaviour;36,48–51 it has 

been shown experimentally that even relatively heavy Mo-doping has 

virtually no impact on the electron effective mass in In2O3, which 

remained at around m*/m0 = 0.32 up to 5 at% Mo (given as 4 wt%) 

without any sign of increasing. With higher mobility but an unchanged 

m*, it can be inferred from Equation 2.1 that the electron relaxation time 

0 is increasing. This can be interpreted as a reduced degree of scattering 

of propagating electrons at the dopant site; this effect is sketched in 

Figure 2.3. 
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Figure 2.2 Calculated band structures for (a) undoped In2O3, and Mo-doped In2O3 in the (b) 
spin-up and (c) spin-down configurations. The electron donor level is shown as a red dashed 

line. Reproduced from Bhachu et al. 2015.36 

 

 
Figure 2.3 Schematic illustrating reduced scattering of propagating electrons in Mo-doped In2O3. 

This behaviour has enabled exceedingly high electron room-

temperature mobilities of μ = 125 cm2 V-1 s-1 at carrier density  

N = 1.9 × 1020 cm-3 to be achieved in single-crystal samples,52 and 

mobility μ = 119 cm2 V-1 s-1 at N = 4.4 × 1020 cm-3 reported in some of 

the best polycrystalline materials.36 In contrast, the single-crystal ITO 

mentioned above has a maximum μ = 75 cm2 V-1 s-1 at  

N ≈ 1 × 1020 cm-3 and μ = 40 cm2 V-1 s-1 at N ≈ 1 × 1021 cm-3 in 
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polycrystalline form.53 Further examples of single-crystal carrier 

mobilities measured include the Hall effect-measured mobility  

μH = 90 cm2 V-1 s-1 in nominally undoped In2O3,45 μH = 97 cm2 V-1 s-1 in 

ITO,54 μH = 125 cm2 V-1 s-1 in IMO,52 μH = 134 cm2 V-1 s-1 in Zr-doped 

In2O3 (ZIO),54 and μH = 135 cm2 V-1 s-1 in Hf-doped In2O3 (HIO).54 As 

such it is clear the advantage that transition metal doping has over Sn-

doping for electron mobility in In2O3. The pattern of increased electron 

mobility for all doped systems, as compared with the nominally undoped 

In2O3, is also an interesting result which will be investigated later in this 

chapter. 

The spectral profile of IMO differs strongly from ITO. Firstly, the 

greater band curvature of IMO as compared with ITO means that as 

carrier density rises, the band gap in IMO widens more than ITO due to 

the Moss-Burstein shift ΔEg,MB associated with conduction band filling, 

as given by Equation 2.2.36,47,55  

 ∆RS,UV =
ℎ>

83∗ Y
3[
\
]
>_̂

 Equation 2.2 

Thus, for a given carrier density N, IMO with a lower m* has a wider band 

gap than ITO, enabling greater transmission in the ultraviolet portion of 

the spectrum. This effect is illustrated in Figure 2.4.  
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Figure 2.4 Illustration depicting effect of electron effective mass and conduction band curvature 

on Moss-Burstein band gap shift with doping. Assumes the valence band is unperturbed and 

there are no renormalisation effects. The VBM is shown above the optical ground state as per 

Walsh et al. 2008.21 

The sheet resistance Rsh of a thin film can be expressed as per 

Equation 2.3 where d is the film thickness. 

 `ab =
M
c

 Equation 2.3 

Then with reference to Equation 1.2 and Equation 1.5, Rsh becomes: 

 `ab =
1

c[21
=

3d
∗

c[2>0
 Equation 2.4 

Therefore, a reduction in the electron mass m* reduces the thickness of 

the film required to obtain a desired Rsh for a given application. When 

the film is doped In2O3, this translates to a reduction in the quantity of 

indium required; for instance, LED TFTs typically require an ITO layer of 

around 150 nm. However, a TM-doped In2O3 layer with half the m* will 

only need to be 75 nm thick in order to give the same Rsh. This directly 

mitigates the requirement for indium.  

On the other hand, the relation given in Equation 2.4 also 

indicates that the greatly increased electron mobility μ of IMO means that 
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a lower charge carrier density N is required to achieve a particular 

electrical resistivity ⍴. The spectral outcome of this is that IMO can be 

much more transparent in the infrared portion of the spectrum than ITO. 

The square of the plasma frequency ωp
2 associated with free electron 

absorption is proportional to the carrier density N by Equation 2.5, 

where e is the electron charge, ε0 is the permittivity of a vacuum, εopt is 

the optical dielectric constant and mvc* is the reduced effective mass for 

the optical band gap.46  

 ef> =
[2>

g&ghfi3jd
∗  Equation 2.5 

Since it has been seen that m* is unchanged by doping in IMO (while 

increasing concomitantly with N in ITO56), a smaller carrier density N 

compared with ITO will red-shift the plasma frequency deeper into the 

IR, widening the optical transmission window in the UV/Vis/NIR range. 

This has important implications for applications where maximum 

transmission of the spectrum is desirable, e.g. photovoltaics.57,58  

However, Mo doping of In2O3 has been shown to strongly reduce 

optical transmission in the visible.49 Works on solar absorbers have 

noted that chalcogenides containing a combination of d0 and d10 metal 

sites feature strong metal-to-metal d-d transitions with a broad 

absorption profile across the visible, especially when the d0 metal 

produces subgap d-states close to the CBM.59 In IMO, d0 Mo6+ can 

produce just such a subgap state.36 Therefore, if heavy Mo doping 

results in a large density of d0 Mo6+ cations, it is possible that electron 

exchange with neighbouring d10 In3+ cations produces the observed 

effect, limiting visible transparency in heavily doped IMO. This presents 

obvious limitations to its applicability as a transparent electrode. Xu et 

al. argue that high mobility can be achieved while retaining optical 



60 

transparency by moving toward single-electron transition metal donors 

Zr and Hf, while eliminating the spin-up/down configurational dichotomy 

extant in Mo-doped systems which creates complications with defect site 

nature.35 While Zr and Hf donor sites in In2O3 would also be d0, their  

d-electron density lies deep in the CB as shown in Figure 2.5, subverting 

the subgap absorption effects present in IMO.35,59  

 
Figure 2.5 Calculated defect energy levels for transition metal dopants on most 

thermodynamically stable sites in In2O3 (tetragonally distorted InO6 octahedra, or In24d in Wyckoff 

notation). Adapted from Xu et al. to only show dopants relevant to this work.35 

Indeed, previous experimental works have been published in 

which high-mobility single-crystal Zr-45 and polycrystalline Hf-doped40 

In2O3 films have been produced, however with little understanding of the 

mechanism nor any evaluation of the impact on electron effective mass. 

Furthermore, the adoption of such dopants into polycrystalline In2O3 

films, which accounts for the vast majority of its industrial relevance, 

remains to be fully explored. This work aims to provide a direct 
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experimental comparison of Zr-, Hf-, Mo- and Sn-doped In2O3, with 

particular reference to the donor level, the conduction band curvature, 

the relationship between electron effective mass and carrier density, the 

maximum optical transmission and electron mobility attainable, 

alongside an investigation into the key differences between its single-

crystal and polycrystalline forms. 

 Experimental 

Thin films of Zr-, Hf-, Mo- and Sn- doped In2O3 were deposited 

during a visit to Tokyo Institute of Technology, Japan, on fused silica 

substrates (10 × 10 mm) from ZrO2, HfO2, MoO3, SnO2 and In2O3 targets. 

These were held in a combinatorial arrangement using an Eiko sputter 

system with an RF power source at a fixed sputter power of 90 W for the 

In2O3 target, and variable sputter power and target-substrate height 

between 10-120 W and 60-150 mm respectively for the dopant targets. 

A schematic of this apparatus is shown in Figure 2.6. A base pressure 

of 1.0 × 10-6 Pa was attained in the sputter chamber prior to flushing with 

a 0.5%v/v O2/Ar mixture to a pressure of 1 Pa. All depositions were 

carried out for a period of 60 min at a substrate temperature of 723 K 

(450°C), resulting in films about 500 nm thick. Depositions deviating from 

these conditions will be explicitly noted herein. A summary of the growth 

conditions used for samples studied herein is given in Table S 2. 
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Figure 2.6 Schematic of combinatorial RF sputter chamber, where MxOy is the dopant oxide 

target mounted on a holder with a variable substrate-to-target height of Δh and RF sputter power 

!	W. The In2O3 target is fixed in position and kept at a constant RF power of 90 W. The substrate 

is on a rotating stage with an opening on the underside whose exposure to the plasma is 

controlled by a shutter.	

Elemental characterisation was carried out using a Bruker S8 

Tiger X-ray fluorescence (XRF) spectrometer fitted with a Rh anode, at 

an incidence angle of 63°. Samples were mounted into holders without 

any other preparation necessary and loaded into an autosampler for 

analysis. 

Hall effect measurements were carried out in a square van der 

Pauw geometry using Ag contacts (100 nm) deposited by thermal 

evaporation to facilitate Ohmic contact between the Au electrodes of the 

Hall instrument and the doped In2O3 films. Measurements were 

performed under a 0.5 T magnetic field using a 20 mA drive current.  

X-ray diffractometry was measured between detector angles  

2θ = 10-66° at a glancing X-ray source angle (θ = 1.0°) in air on a Bruker 

D8 Discover diffractometer with a Lynxeye strip detector, using 
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monochromatic Cu Kα1 and Kα2 radiation wavelengths of 1.54056 and 

1.54439 Å respectively.  

Atomic force microscopy was carried out using a Seiko SPI-

3800N instrument.  

UV/Vis/NIR reflection and transmission spectroscopy were 

carried out using a Shimadzu dual-beam spectrophotometer against a 

barium sulphate reflection standard.  

X-ray photoelectron spectroscopy was performed using a Thermo 

Scientific K-alpha spectrometer with monochromated Al Kɑ radiation 

(1486.68 eV), a dual-beam charge compensation system and a constant 

pass energy of 50 eV with spot size 400 μm.  

Hard X-ray photoelectron spectroscopy was performed at 

Diamond Light Source, UK, with hν = 5921.75 eV. Data were calibrated 

against C 1s (284.5 eV) and fitted using CASA XPS software.  

Photoluminescence was performed using a Horiba FluoroMax-4 

spectrometer fitted with a Xe light source and a variable monochromator 

capable of emitting a range of excitation wavelengths.  

 Results 

1.3.1. RF Magnetron Sputter Deposition 

Thin films of In2O3:M (M = Zr, Hf, Mo, Sn) were deposited using 

combinatorial RF magnetron sputtering from targets of the pure binary 

oxides. Thicknesses and stoichiometric compositions were determined 

using X-ray fluorescence (XRF) spectroscopy, which are shown in 

Figure 2.7.  
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(a) (b) 

  
(c) (d) 

  
Figure 2.7 Control over doping quantity (M:In /at%) in In2O3:M (M = Hf, Zr, Mo, Sn) thin films by 

varying the deposition parameters of sputter power applied to dopant target, and its distance 

from the substrate. Hf-doping was carried out at a fixed dopant target-substrate distance of 120 

mm. Tabulated values are available in Table S 2. 

Films were deposited relatively thick (ca. 500 nm) in order to limit 

the effects of surface scattering and grain interface scattering.60 The RF 

power applied to the In2O3 target was held constant, while variation of 

the RF sputter power applied to the dopant target and its distance from 

the substrate enabled fine control over the quantity of dopant 

incorporated, as detailed in Figure 2.7. 
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1.3.2. X-ray Diffractometry 

Crystallographic information was obtained by X-ray diffractometry 

(XRD), as summarised in Figure 2.8. Crucially, XRD revealed no 

secondary phases in any of the films deposited, even at very high Sn 

doping levels of 27.0 at%, so neutral complex formation rather than 

phase segregation must be assumed. 

(a) (b) 

  
(c) (d) 

  
Figure 2.8 Powder X-ray diffraction patterns for the four doped In2O3:M systems investigated  

(M = (a) Sn, (b) Zr, (c) Mo, (d) Hf). Peak positions for the main peaks annotated in (a) are 

summarised in Table S 3. 

Le Bail refinement shown in Figure 2.9 was performed using the 

GSAS software package,61,62 which revealed patterns pertaining to the 

contraction of the unit cell parameter at low doping levels for the TM 

dopants, due to the smaller ionic radii of the TM dopant cations 
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compared with In (In3+ = 0.79, Zr4+ = 0.72, Hf4+ = 0.71, Sn4+ = 0.69,  

Mo4+ = 0.65, Mo6+ = 0.60 Å).63 There were two distinct patterns here for 

the effect of doping on the unit cell as shown in Figure 2.9(a). The first 

is a gradual contraction, characteristic of Mo and Sn. On the other hand, 

Zr and Hf doping resulted in a more sudden reduction in the lattice 

parameter, followed by an increase as interstitial sites become occupied 

by the dopant. 

 
(a) (b) 

 
 

 
Figure 2.9(a) Lattice parameter shift as determined by Le Bail refinement. Tabulated values are 

available in Table S 2. (b) Diagram illustrating the two different cation sites in cubic In2O3. 

Reproduced from Huang et al..64  

This likely arises due to the different nature of In site occupied by 

each dopant in the ordered cubic vacancy lattice of In2O3; it has been 

shown computationally that Mo and Sn prefer to occupy the trigonally-

distorted In8b octahedra, while Zr and Hf prefer the tetragonally-distorted 

octahedra at In24d (as shown in Figure 2.9(b)), so it stands to reason 

that substitution at each of these sites would result in different unit cell 

expansion/contraction behaviours.35  
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1.3.3. Atomic Force Microscopy 

Atomic force microscopy (AFM) as shown in Figure 2.10 reveals 

rough polycrystalline growth. Low doping levels generally had little effect 

on the film microstructure. The root-mean-square (RMS) roughness 

values for In2O3:M (M = Zr, Hf, Mo, Sn) thin films with  

NH = 4 × 1019 cm-3 are shown inset on the micrographs, and were 

consistently within the range 16.8-18.4 nm.  

 

Figure 2.10 Atomic force micrographs of In2O3:M thin films with NH = 4 × 1019 cm-3, where  

M= (a) Hf, (b) Zr, (c) Mo and (d) Sn. Tabulated roughness values are available in Table S 2. 

1.3.4. Hall Effect Measurement of Electrical Properties 

Hall effect measurements as shown in Figure 2.11 enabled 

quantification of electrical behaviour, by yielding the electrical resistivity 



68 

⍴, charge carrier mobility μ and carrier density NH for each material. For 

each “system” In2O3:M (M = Zr, Hf, Mo, Sn), a range of films containing 

varying concentrations of dopant were deposited as per Section 1.3 and 

measured herein. Dealing firstly with the resistivity trends shown in 

Figure 2.11(a), there is a clear pattern in each series where the 

resistivity decreases with increased doping at low doping levels. This is 

easily rationalised since the resistivity ⍴ is given by Equation 1.5, where 

e is the electronic charge, N is the charge carrier (electron) density and 

μ is the carrier mobility. Where these are determined using the Hall effect 

method, there will herein be a subscript H attached to each of these 

quantities. Indium tends to have a valency of +3, whereas e.g. Sn can 

have a valency of +4. Therefore, by replacing a trivalent In 

crystallographic site in In2O3 with a dopant species yielding four 

electrons, such as Sn, Zr, Hf or Mo, it is possible to raise the density of 

free electrons in the lattice. This doping process is outlined in Equation 
2.6, where InIn× represents a neutrally-charged In crystallographic site in 

In2O3, with SnIn⦁ a positively-charged site where a Sn dopant cation has 

replaced an In cation to free up an electron e- (or e′ as per the Kröger-

Vink notation system). 

 InAB
× CB,DEFGBH
I⎯⎯⎯⎯⎯⎯K SnAB

∙ + 2< Equation 2.6 

Therefore, doping In2O3 here with Zr, Hf, Mo and Sn raises the 

measurable free carrier density NH. This has the effect of lowering the 

electrical resistivity ⍴ as per Equation 1.5. The Hall effect method 

enables disentanglement of the contributions to ⍴ from μ and N, and 

each is plotted as a function of doping density in Figure 2.11(b) and (c), 
respectively. Figure 2.11(d) shows both parameters simultaneously, 

with resistivity domains delineated. 
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(a) (b) 

  
(c) (d) 

  
Figure 2.11 Hall effect measurements for quantification of electrical properties of the In2O3:M  

(M = Zr (black closed circles), Hf (teal closed triangles), Mo (purple upright crosses), Sn (orange 

diagonal crosses)) thin films, showing room-temperature observables (a) electrical resistivity, (b) 
carrier mobility (with single-crystal data points shown as black open circles, teal open triangles, 

orange open squares and purple open diamonds for ZIO,45,54 HIO,54 ITO45 and IMO52 

respectively) and (c) carrier density with the dopant concentration in cm-3 shown on the dotted 

diagonal line, and (d) mobility versus carrier density with resistivity domains delineated by black 

curves. Tabulated values are available in Table S 2. 

It can be seen that the charge carrier density N cannot continue 

to increase with doping ad infinitum, and reaches a maximum in each 

system, before decreasing upon further doping. The maximum N 

achievable in each system depends on the nature of the dopant but here 

follows the trend Zr < Hf < Mo < Sn. In general, the reduction in carrier 
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density upon heavy doping is due to the formation of electron-accepting 

“killer” defects in a process widely referred to as “charge compensation”. 

The exact nature of these defects tends to vary by system, however in 

the case of dopants such as Sn which have multiple stable valencies (+4 

and +2), the most likely killer defect is divalent Sn on an In site per 

Equation 2.7, where SnIn′ is a negatively-charged acceptor dopant site 

formed by the substitution of In3+ for Sn2+ concurrent with the trapping of 

a single electron. Indeed, this can be shown later using X-ray 

photoelectron spectroscopy. 

 InAB
× +2<

mnopq	CB,DEFGBH
I⎯⎯⎯⎯⎯⎯⎯⎯⎯⎯⎯⎯K SnAB′  Equation 2.7 

The formation energy of electron-killing SnIn′ and interstitial 

oxygen Oi′′ defects would be expected to decrease with rising Fermi 

level,64 such that these would form more readily at heavier doping levels, 

typical for n-type doping regimes.65 In the case of Zr, Hf and Mo, low-

valent dopant states leading to acceptor sites are not as chemically 

stable as they are in Sn. However, for these, simply ascribing charge 

compensation to lone Oi′′ formation is not satisfactory, since Figure 2.11 

shows that each of the systems experiences compensation at different 

carrier densities (NH = 1.9 × 1020 cm-3 for Zr, 3.3 × 1020 cm-3 for Hf,  

6.4 × 1020 cm-3 for Mo and 1.3 × 1021 cm-3 for Sn). This suggests that the 

compensating defect is dopant-specific. 

It is interesting and important to note that dopants which 

incorporated more efficiently into In crystallographic sites were less 

ready to self-compensate. The dotted line in Figure 2.11(c) denotes a 

perfect doping efficiency of one dopant atom for one measurable 

conduction electron, so data points which draw nearer to this line 

indicate more efficient doping. Zr was the furthest from this line, and was 

also the most readily compensated. Hf behaved similarly, with Mo 
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performing slightly more efficiently. Sn was clearly the most efficient 

donor dopant, with a number of data points actually surpassing the line 

(which does not account for intrinsic donors).  

The doping efficiencies, in which the charge carrier density is 

calculated as a percentage of dopant density, are shown in Figure 2.12. 

Broadly speaking, the doping efficiency diminished as dopant loading 

increased. Looking more closely however, in the cases of Hf-, Mo- and 

Sn-doping, there was an efficiency maximum which occurred a little 

above the minimum doping level; this occurred around 1.7, 2.9, 2.3 and 

0.3 at% doping in Zr-, Hf-, Mo- and Sn-doping respectively, 

corresponding to efficiencies of ca. 30, 30, 57 and ~100%. Previous 

depositions of single-crystalline Zr and Hf have similarly found that these 

are less efficient dopants than Sn.54 Meanwhile, the turning point in 

carrier density shown previously in Figure 2.11(c) may represent the 

doping level at which the number of acceptors forming is greater than 

that of donors.  

 
Figure 2.12 Doping efficiency for In2O3:M (M = Zr (black closed circles), Hf (teal closed triangles), 

Mo (purple upright crosses), Sn (orange diagonal crosses)) thin films deposited under pO = 0.5% 

at 450°C. Electron density as a percentage of dopant density yields the doping efficiency. Data 

points above 100% efficiency and above 13 at% doping in the ITO range have been omitted for 

simplicity - the full data set is available in Table S 2. 
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It should be noted that the doping efficiency series appears to 

correlate with the enthalpy of formation of the binary oxide phase of the 

dopant, as calculated in the by Wei et al.,35 with ΔHf = -10.53 and  

-10.92 eV for ZrO2 and HfO2 respectively, ΔHf = -6.56 eV for MoO3 and 

ΔHf = -5.44 eV for SnO2, which had the weakest energetic driving force 

to bind oxygen and the greatest solubility and doping efficiency in In2O3. 

It is possible that MIn⦁	 donor formation is competing with the 

formation of the neutral complex [(MIn⦁)2Oi′′]×, previously observed 

experimentally in ITO50,66 and more recently speculated to occur in 

IMO,55 although not yet fully investigated. The calculations of 

Medvedeva predict that while [(SnIn⦁)2Oi′′]× is readily formed in ITO, the 

treatment of Mo as a hexavalent dopant precludes neutral complex 

formation, instead with Oi readily associating to result in a single-electron 

donor complex [MoIn⦁⦁⦁Oi′′]⦁. Were this true, Mo would be a more efficient 

dopant than Sn, since one would not expect Mo to form neutral 

complexes with Oi.55 However, the reverse is true, with Mo overall less 

efficient than Sn; this is most likely due to the incorporation of Mo as a 

tetravalent rather than hexavalent dopant, which may be forming the 

neutral [(MoIn⦁)2Oi′′]× complex in competition with the MoIn⦁ donor, and 

that a similar mechanism exists for the other tetravalent TM dopants Hf 

and Zr. 

The fact that doping efficiency and self-compensating behaviour 

appear to be linked suggests that the transition metal dopants and/or 

their complexes are forming the dominant acceptors in each system, 

rather than lone Oi′′. For Zr, Hf, Mo and Sn, this turning point occurs at 

approximately 2, 5, 5 and 10 at% doping respectively. For the transition 

metal dopants, this turning point appears to coincide with the turning 

point in their charge carrier mobility in Figure 2.11(b). This phenomenon 

has two possible explanations: the first is that the acceptor defect 
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reducing the charge carrier density is also a stronger electron scattering 

centre than the substitutional donor site, such that the turning point 

represents the doping level at which the acceptor defect is more readily 

formed than the donor. It ought to be considered that the scattering 

power of an ionised impurity site is proportional to Z2 where Z is the 

defect charge state,67 so this strongly-scattering acceptor defect may be 

something like a doubly-charged [Mi⦁⦁⦁⦁(VIn′′′)2]′′ complex formation, 

where Mi represents the impurity atom on an interstitial site (while 

standalone multiply-charged VIn′′′ are likely to be prohibitively high in 

energy64). The second possible explanation is that grain boundary 

scattering is the limiting factor for carrier mobility throughout the TM-

doping range, and the reduced N as acceptors form is increasing the 

grain boundary potential EB as per Figure 2.13. It is possible that 

segregation of excess dopant to grain boundaries under heavier dopant 

loadings is further increasing EB. This may be considered to be the more 

likely of the two explanations, given that the mobility across the TM-

doped series falls well below the equivalent single-crystal mobility. 

Meanwhile, Sn mobility does not experience such a sharp 

reduction at heavy doping levels, with mobility remaining virtually 

constant around 30 cm2 V-1 s-1 between about 1 and 25 at% Sn:(Sn+In), 

indicating that the grain boundary energy barrier is overcome and the 

compensating defect in ITO is not a significantly stronger scattering 

centre than the donor SnIn⦁, and therefore is most likely to originate from 

substitution at an In site by divalent Sn2+ to form the equally (but 

oppositely, such that Z2 is equal for both) charged acceptor SnIn
′. 

Previous works on ITO have also found that the neutral complex 

[(SnIn⦁)2Oi′′]× forms at heavy Sn loadings and collects at the grain 

boundaries.66 
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Figure 2.13 Schematic illustrating the effect of grain boundary energy height on carrier transport 

behaviour in polycrystalline semiconductors. 

Room-temperature measurements of In2O3:M (M = Zr, Hf, Mo, 

Sn) samples with varying degrees of doping exhibited typical 

polycrystalline electrical behaviour, characterised by rising electron 

mobility μH with carrier density at low doping levels. This effect arises 

due to the energetic height EB of the grain boundary region reducing as 

the carrier density (and therefore the Fermi energy, EF) rises, due to (i) 

filling of electron traps and (ii) screening of the conduction electrons from 

the occupied electron traps. Assuming a homogeneous composition, as 

EB approaches zero, the measurable Hall mobility for the polycrystalline 

material should match the single-crystal mobility μg, which can also be 

considered here to be the ‘intra-grain’ mobility. The schematic in Figure 
2.13 illustrates this effect. By comparing the data obtained here for 

polycrystalline films with single-crystal data for ZIO,45,54 HIO,54 ITO45 and 

IMO52, it is apparent that the only series here in which EB is overcome is 

ITO, in which the polycrystalline and single-crystal mobilities match at 

high carrier densities. In the TM-doped series, the single-crystal mobility 

is far higher than that in the equivalent polycrystalline films, suggesting 

that EB cannot be wholly overcome under these doping conditions. 

It is important to note that grain boundary scattering is most 

significant when N (and therefore EF) is low. This becomes a particular 
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problem when dopants cannot raise N efficiently. Sn-doping suffers the 

least from this problem; the formation energy of SnIn⦁ is so vanishingly 

small that doping at ca. 2 at% is sufficient to overcome the grain 

boundary energy, at which point the carrier mobility matches that of the 

single crystal (shown as open squares in Figure 2.11(b), for which 

values and references are given in Table S 4). However, for the TM 

dopants which dope less efficiently than Sn, heavier doping is required 

to overcome EB; one complication from this is the formation of killer 

defects at heavier doping levels. However, there is also the issue of 

dopant solubility to consider; heavy doping results in increased 

segregation of dopant species to the grain boundaries (GBs), where they 

collect to form minor secondary phases. The effect of this is localised 

upward-bending of the CBM at the GBs, which effectively raises EB and 

therefore limits mobility. If the degree of inter-grain band bending due to 

dopant segregation is inversely proportional to dopant solubility and 

doping efficiency, then at heavier dopant loadings, one would expect EB 

to be highest in Zr- and Hf-doped In2O3, slightly lower in IMO and lowest 

in ITO. It is possible to estimate EB using room-temperature mobility data 

as per Equation 2.8, where μpoly(N) is the carrier mobility in the 

polycrystalline material at a given carrier density N, and μg(N) is the 

corresponding single-crystal mobility at N.68  

 RV = −tu ∙ ln w
1fhxy([)
1S([)

z Equation 2.8 

Calculated EB are given in Figure 2.14. A lack of availability of 

single-crystal data makes like-for-like comparisons difficult, however it is 

clear that overall, EB decreases with rising N as expected. Taking a 

cross-section at N = 2 × 1020 cm-3, EB appears to be comparable 

amongst HIO, ZIO and IMO at around 40 meV, while being somewhat 

lower in ITO at 25 meV. For films with similar carrier densities, Frischbier 
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et al. found a comparable EB ≈ 27 meV for ITO, though a significantly 

lower EB ≈ 20 meV for ZIO. That study also found the lowest EB ≈ 14 

meV for H-doped In2O3, which confirms that H acts to passivate grain 

boundaries in In2O3.  

(a) (b) 

  
  

Figure 2.14 Grain boundary energetic heights as calculated from the ratio of polycrystalline and 

single-crystal mobilities as per Frischbier et al., shown against (a) carrier density N and (b) 
dopant-to-indium ratio as determined by XRF.68 These data are tabulated in Table S 4. 

The work shown here in Figure 2.14(b) indicates that the grain 

boundary is only fully overcome in ITO (i.e. EB tends to zero at heavier 

dopant loadings), while in ZIO and HIO, doping cannot sufficiently raise 

N high enough to overcome EB. A lack of single-crystal data for IMO 

makes it more difficult to draw conclusions regarding Mo-doping. 

Therefore, in order to overcome grain boundary limitations in  

Zr-, Hf- and Mo-doped In2O3, it is necessary to either passivate using H 

or to raise N by depositing under more reducing conditions. 

Therefore, it is concluded that the keys to achieving high mobility 

in polycrystalline films are (i) to overcome the grain boundaries, either 

by raising the carrier density (and thereby the Fermi energy EF) or by 

lowering the grain boundary energetic height EB, and (ii) to maximise the 
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intra-grain mobility, by minimising point defect scattering events. Since 

simply raising the carrier density introduces complications with dopant 

solubility in the host lattice due to increasing competition from acceptor 

defects such as interstitial oxygen,68 it remains to either passivate the 

grain boundaries using e.g. H, or to select alternative dopants such that 

the chemical nature of both the grain boundaries and the point defects 

minimises electron scattering. 

1.3.5. UV-Visible Spectroscopy 

A key feature of any successful TCO material is transparency. 

The wide band gap of In2O3 permits transmission of visible wavelengths, 

while the UV and NIR transmission are subject to shifts in the band gap 

and the plasma frequency respectively. The absorption coefficient α is 

obtained from the film thickness d, the transmittance T and the 

reflectance R, as shown in Equation 2.9. Figure 2.15(a) shows an 

example of typical transmittance, reflectance and calculated absorbance 

spectra for the doped In2O3 thin films. 

 exp(−~c) =
u

(1 − `)>
 Equation 2.9 

In Figure 2.15(b-e) are shown transmittance spectra for undoped 

and doped In2O3:M (M = Zr, Hf, Mo, Sn) films of similar thicknesses  

(d = 500 ± 25 nm). At low doping levels, Hf-, Mo-, Sn-doped and 

nominally undoped In2O3 had comparable visible transmittances, while 

Zr-doped In2O3 was a notable exception.  
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(a) 

 

(b) (c) 

  

(d) (e) 

  

Figure 2.15 (a) Example of transmittance, reflectance and absorbance UV/vis spectra of doped 

In2O3:M (M = Zr, Hf, Mo, Sn) thin films (shown for 1.5 at% Hf-doped In2O3, and UV/vis 

transmittance spectra of doped In2O3:M (M = (b) Mo, (c) Zr, (d) Hf, (e) Sn) thin films (d = 500 ± 

25 nm) with various dopant contents. 
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The unusually high transmittance of ZIO in Figure 2.15(c) has 

been noted by several authors previously,69–71 though there is little 

consensus on what causes this behaviour. One study suggests that Zr 

addition may be increasing the permittivity due to the higher permittivity 

ε∞ of ZrO2 compared with In2O3, however the greatest effect this has 

would be in the NIR region due to a shift in the plasmon absorption 

frequency, and would result in a similar effect for Hf-doping were this the 

case.69  

In substoichiometric In2O3, deposition under reducing conditions 

results in dark films with poor transmittance. This occurs due to subgap 

absorption by deep VO states within the band gap acting as F+ coloration 

centres (note that this excitation results in occupation of a donor state 

close to the CBM while the vacant VO
+ becomes metastable deep within 

the CB, enabling the “persistent photoconductivity” seen in both In2O3 

and ZnO).28 The double ionisation of VO as per  

VO → VO
+ + e- → VO

2+ + 2e- results in calculated absorption at 1.8 and 

1.6 eV, both of which span the visible threshold and therefore account 

for poor visible transmission in oxygen-poor In2O3.28 This is well-known, 

however the influence of Zr doping on visible transmission is still poorly 

understood. It may be suggested that the visible absorption by VO is 

suppressed in some way by the presence of Zr, perhaps by deepening 

the VO level by formation of neutral [(Zri⦁)2Oi′′]× complexes. Indeed, this 

may be one of the mechanisms making Zr a particularly inefficient donor 

dopant (as seen previously in Figure 2.12). Further calculations would 

be required to clarify whether such a complex might be energetically 

feasible, and to determine whether a similar mechanism exists for e.g. 

Hf-doping. 

The effect of heavier dopant loadings on visible transmission is 

shown in Figure 2.15(b). It can be seen that Zr, Hf and Sn doping do not 

significantly reduce the visible transmission, however there is a strong 
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reduction under Mo-doping. As discussed previously, this effect has also 

been noted by other authors49 and this probably arises from d-d 

transitions between neighbouring Mo6+ d0 and In3+ d10 cations. Previous 

work on metal chalcogenide materials for solar absorbers have noted 

just such an effect, which is especially strong in the presence of subgap 

d-states near the CBM.59 The occurrence of Mo6+ in favour of Mo4+ likely 

becomes increasingly frequent at heavier doping ratios. It should be 

noted that IMO is the only material investigated here which has subgap 

d-states, and therefore these are most likely what is causing this 

effect.35,36,55 

The widely-adopted Tauc method for band gap determination, in 

which the linear portion of the (~ℎ�)> versus ℎ� curve is extrapolated to 

the baseline absorption for a direct semiconductor, was originally 

developed in 1968 for use with amorphous nondegenerate 

semiconductors (namely Si and Ge).72 However, Hamberg & Granqvist 

identified in 1986 that the high electron density in TCOs resulted in 

frequent collision and scattering of the electrons in both the ground and 

excited states upon photon absorption, resulting in a broadening of the 

photon absorption energy as quantified by a parameter Γ.5 One 

postulation of this work was that, while Tauc assumes that electrons do 

not need to conserve momentum upon photon absorption, this may not 

be true in crystalline materials. However, Birnie et al. determined that the 

Tauc method holds for stoichiometric nominally pure crystalline 

semiconductors.73 Hamberg & Granqvist found that the most significant 

contribution to Γ comes from ionised impurity scattering, such that the 

magnitude of Γ is proportional to the free carrier density N. Their method 

was to find a ‘best fit’ of a number of parameters including Γ to the 

measured data, in order to find the corrected optical gap. However, 

Poeppelmeier et al. find that for direct gaps, Γ can be found empirically 

using a shortcut, since;74  
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 α ∝ 1 −
2
\Ç

ÉRS − ℎ�Ñ Equation 2.10 

and; 

 α> ∝ 1 −
4
\Ç

ÉRS − ℎ�Ñ Equation 2.11 

Then by extrapolating to the energy baseline on the plot of ɑ vs. hν, the 

intercept yields ℎ�&,Ü = RS −
á

>
Ç, and doing the same for the ɑ2 vs. hν 

plot yields ℎ�&,Üà = RS −
á

â
Ç. Then; 

 ℎ�&,Üà − ℎ�&,Ü =
\
4
Ç Equation 2.12 

and; 

 2ℎ�&,Üà − ℎ�&,Ü = RS = ℎ�&,Üà +
\
4
Ç Equation 2.13 

Where relevant, this corrected band gap will be denoted herein as Eg
corr. 

Graphically, this means finding the energy separation of the horizontal 

intercepts of the ɑ vs. hν and ɑ2 vs. hν plots which corresponds to p/4Γ, 

then adding this difference to the intercept of the latter to yield Eg
corr, as 

illustrated in Figure 2.16(a).  

Adoption of this correction method yields band gaps which are 

more closely comparable to those found by other means. It has been 

used previously to determine the band gap of ZnO, which is found to 

have Eg = 3.37 eV by spectroscopic ellipsometry,75 3.37 eV by 

photoluminescence,76 3.41 eV by hybrid DFT77 but only 3.28 eV by using 

the uncorrected ‘traditional’ Tauc approach. Applying the correction 

yields Eg
corr = 3.34 ± 0.03 eV for ZnO.65  
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(a) (b) 

 
 

(c) (d) 

  
 

Figure 2.16 (a) Poeppelmeier correction to the Tauc method for band gap determination from 

absorbance spectra, as shown for 1.5 at% Hf-doped In2O3, (b, c) determination of band gap shift 

arising due to Moss-Burstein band filling effects, where red data points represent over-doped 

and self-compensated In2O3:M, plotted and fitted as functions of (b) dopant density NM and (c) 
Hall carrier density NH, and (d) determination of the impact of the lattice parameter on the 

observed band gap, in which the error is yielded by the fit to the experimental XRD data. 

Tabulated values are available in Table S 2. 

The band gaps of the doped films were found to change with 

doping; higher dopant densities NM effected wider band gaps, as shown 

in Figure 2.16(b). As a function of dopant density, Sn appeared to 

increase Eg most rapidly. Zr had a comparable effect at low dopant 

loadings, however the rate of increase dropped off at higher doping 
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levels. Mo and Hf doping had the slowest rate of increase at low dopings, 

but Mo sustained the effect at higher doping levels compared with Zr and 

Hf.  

In general, band gap widening upon n-type doping is commonly 

attributed to the Moss-Burstein effect, whereby a rising Fermi level EF 

within the CB blocks transitions to the CBM, and forces photoexcited 

electrons to seek vacant states above EF. The magnitude of the shift, 

ignoring band gap renormalisation effects, depends on the curvature of 

the bands in the ground (mv*) and excited (mc*) states, which together 

are represented by the reduced effective mass mvc*. This was illustrated 

previously in Figure 2.4. By rearranging Equation 2.2 to obtain 

Equation 2.14 it is clear that mvc* can be found experimentally by 

obtaining the slope of the Moss-Burstein shifted Eg,MB vs. NH
2/3 

relationship. 

 3pä
∗ = ã

8
ℎ>
∙
cRH,åç

c[m
>_̂

é

,/

Y
3
\
]
>
^_

 Equation 2.14 

Since for In2O3, mv* ≈ 16 and mc* ≈ 0.3, then mv* >> mc* and Equation 
2.15 can be assumed.47 

 3pä
∗ =

3ä
∗ ∙ 3p

∗

3ä
∗ + 3p

∗ ≈ 3ä
∗ Equation 2.15 

By using this assumption, the slope of the Eg vs. NH
2/3 plot can be used, 

as shown in Figure 2.16(c), to obtain information about the conduction 

band curvature. According to the Moss-Burstein model for conduction 

band filling, this should yield a linear relationship. In reality, a degree of 

non-linearity is evident, which apparently depends on the efficiency of 

the dopant. Sn-doping gives the closest fit to a linear relationship, closely 

followed by Mo. There is a significant noticeable loss of linearity in Hf-
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doping, and Zr-doping gives the greatest deviation. Meanwhile, self-

compensation occurs at heavy doping levels which reduces NH, and 

totally deviates from the trend. These data points are shown in red in 

Figure 2.16(b and c). Since Zr and Hf doping exhibited the greatest 

degree of non-linearity, these were each fitted using a generic function 

ê(!) = ë!V. The initial slope of these at low carrier densities, shown as 

tangents in Figure 2.16(c), then offered insight into the conduction band 

curvature of ZIO and HIO in the absence of the effects of poor doping 

efficiency. IMO and ITO were modelled using a linear best-fit. These 

followed the opposite trend to doping efficiency, where Zr yielded the 

greatest slope and therefore the lowest mc* = 0.16 m0, followed by Hf 

with mc* = 0.19 m0, then Mo mc* = 0.49 m0, while Sn gave the smallest 

slope yielding the largest mc* = 0.58 m0.  

The dependence on doping efficiency is supported in Figure 
2.16(b), where the dopant density NM

2/3 is given for the abscissa instead 

of the carrier density NH
2/3. The slope of these plots is a convolution of 

effects regarding both the conduction band curvature and the efficiency 

of the dopant, since the lineshapes are dominated by how well individual 

dopant atoms inject electrons and therefore enhance ΔEg,MB. For this 

reason, Sn-doping has the steepest gradient here. A low mc* in spite of 

poor efficiency gives Zr a comparable slope to Sn at low dopant 

quantities, followed by Mo with middling mc* and efficiency, then Hf has 

the smallest slope. Indeed, the observation that the band gap in Figure 
2.16(b) continues to widen at heavier dopant densities in spite of evident 

self-compensation and reduction in NH (shown as red data points in 

Figure 2.16(b and c)) demonstrates that strong gap-widening effects 

other than the Moss-Burstein band-filling effect are at play. 

While the relationship of dopant density NM
2/3 and Eg in Figure 

2.16(b) is approximately linear, this is not the case for Eg vs. carrier 
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density NH
2/3 as seen in the plots in Figure 2.16(c). It is clear that Moss-

Burstein band-filling effects are not solely accountable for the trends 

observed here. It is well-known that changes to the unit cell volume in 

crystalline solids can have a profound effect on the band gap (this is due 

to changes in the r0-i term in the Madelung potential shown in  

Equation 1.1), however the lack of any discernible trend in Figure 
2.16(d) shows that the effect is not systematic here. Instead, one 

possibility is that electrically inactive species of Zr and Hf dopants in 

In2O3 are altering the band structure, although modelling would be 

required to further elucidate this possibility.  

1.3.6. Hard X-ray Photoelectron Spectroscopy 

The depth probed by X-rays into a material is proportional to their 

energy, so by using a shorter-wavelength X-ray source than typical lab-

based sources (e.g. Al Kɑ, 1486.68 eV) it is possible to assess the 

material properties of In2O3 away from the surface.78 This is crucial in 

understanding the properties of TCO materials, since so much of their 

behaviour depends on their bulk nature. Such measurements can be 

carried out using a synchrotron light source, and are referred to herein 

as hard X-ray photoelectron spectroscopy (HAXPES). These 

measurements were performed by Jack Swallow and Joe Willis at 

Diamond Light Source, UK using beamline I09. Valence-band HAXPES 

spectra obtained using a light source with hν = 5921.75 eV are shown 

for samples with NH ≈ 1 × 1020 cm-3 in Figure 2.17. The spectra are 

aligned with respect to the conduction band minimum (CBM), which 

occurs at 0 eV. A 25× magnified portion of the spectrum is shown in 

Figure 2.17(a) superimposed on each in order to clarify the occupation 

of the conduction band. The fitting of the VBM and Fermi level are shown 

in Figure 2.17(b). The Fermi level EF was taken to be the maximum 

occupied energy level within the conduction band. The values for the 
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separation of the VBM from the CBM and the EF for each of the samples 

are shown in Table 2.1.  

(a) (b) 

  
Figure 2.17 Hard X-ray photoelectron spectra (HAXPES) of In2O3:M (M = Zr, Hf, Mo, Sn) with 

hν = 5921.75 eV, taken near the valence band edge for samples with ca. NH = 1 × 1020 cm-3. (a) 
Full valence band range with conduction band edge shown in each at 25× magnification (short 

dashed line). The energy scale is expressed relative to the CBM, which is set to 0 eV. (b) 
Determination of the valence band onset and Fermi edge positions. Binding energies are 

expressed relative to CBM at 0 eV. 

The fundamental electronic gap can be read from the valence 

band spectra to be around 3 eV,78 often quoted experimentally to be 

within the range 2.6-3.0 eV, corresponding to the Laporte-forbidden gap. 
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The optical band gap Eg
opt is larger, since this corresponds to the 

Laporte-allowed (and therefore far more intense) photon absorption to 

EF from the Γ8 level deeper within the VB. 

Table 2.1 Sample data for In2O3:M (M = Zr, Hf, Mo, Sn) samples collected from XRF, Hall effect, 

HAXPES (hν = 5921.75 eV) and UV/vis measurements for M:In /at%, NH /1020 cm-3, VBM-EF /eV 

and Eg
opt /eV respectively.  

Species 
M:In 
/at% 

NH 
/1020 
cm-3 VBM-EF /eV Egopt /eV 

ZIO 1.56 1.03 3.06 3.81 
HIO 2.41 1.01 2.96 3.65 
IMO 1.20 1.10 2.90 3.71 
ITO 0.33 2.58 3.06 3.71 

 

It is interesting to note the presence of occupied sub-gap 

electronic states within the IMO sample, which are absent in Zr-, Hf- and 

Sn-doped In2O3. The occupation of these is concomitant with a reduced 

intensity of the CB peak as compared with the other samples, suggesting 

that the measurable free carrier density is shared between the subgap 

states and CB states near to the CBM. This helps to explain why IMO 

here has the smallest VBM-EF separation compared with the other 

materials, which have comparable NH. The occurrence of these subgap 

states has been identified computationally by Bhachu et al.36 and later 

further discussed by Xu et al.,35 and is the likely cause of reduced visible 

transparency in heavily Mo-doped In2O3 as discussed above. The 

calculated positions of the defect levels is illustrated in Figure 2.5, and 

subgap defect states are conspicuously absent in the case of Zr- and Hf-

doping. 
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Figure 2.18 Deconvolution of the HAXPES (hν = 5921.75 eV) spectra in the In3d5/2 region for 

In2O3:M (M = Zr, Hf, Mo, Sn) films. The narrower, lower binding energy environment represents 

the main photoelectron peak which is fitted using a Lorentzian lineshape, while the higher binding 

energy peak represents photoelectrons which have lost a quantity of energy equivalent to the 

plasmon energy of the material, and is fitted using a symmetric Gaussian-Lorentzian curve as 

per Körber et al..78 The dots represent the measured photoelectron signal, while the line 

connecting them is the sum of the fitted peaks. Binding energies are expressed relative to CBM. 

Peak information is summarised in Table 2.2. 
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Measurement of the In3d core lines as shown in Figure 2.18 

revealed a pattern in which the peaks could be deconvoluted as the sum 

of two photoelectron species. The first is simply the main photoelectron 

originating from the In3d orbital, which is narrower and occurs at the 

lower binding energy of the two. The second peak occurring at higher 

binding energy (i.e. at lower kinetic energy) is broader and represents 

photoelectrons which have lost some energy to plasmon excitation 

during ejection equivalent to the plasmon energy, ħωp where ωp is the 

plasma frequency as discussed by Körber et al..78  

Therefore, knowledge of the carrier density NH enables estimation 

of the electron effective mass m* by rearrangement of Equation 2.16, 

where e is the electronic charge, ε0 is the permittivity of free space and 

ε∞ is the optical dielectric constant, assumed to be ε∞ = 4.0.  

 ef> =
[í2>

g&gì3∗ Equation 2.16 

Thus, the plasma frequencies as determined using HAXPES 

measurements and electron effective masses subsequently calculated 

using Equation 2.16 for the ZIO, HIO, IMO and ITO samples are shown 

in Table 2.2. The transition metal-doped In2O3 samples with m* = 0.11-

0.20 m0 had significantly lower m* when compared with ITO, which had 

m* = 0.58 m0, previously found to be m* = 0.55 m0 for comparable carrier 

density46 and also found here optically to be 0.58 m0 from the band gap 

shift. Undoped In2O3 has m* ≈ 0.31 m0, so clearly the TM-doped 

measurements are somewhat lower than expected. This could be due to 

a correction to ε∞ required for degenerately-doped In2O3.46 However, one 

would expect the trend, since transition metal doping is both predicted 

by DFT and shown experimentally to have significantly lower m* than 

ITO due to the reduction in donor hybridisation near the CBM, and Sn 
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doping is well-known to increase m* substantially.21,35,36,46,56 Indeed, 

comparable values for m* were obtained optically using the Moss-

Burstein band gap shift in Section 1.3.5. 

Table 2.2 Plasma energy and electron effective mass calculations for plasmon loss satellite 

peaks in the HAXPES spectra of the In3d5/2 region. Binding energies are expressed relative to 

CBM. 

Species 

In3d5/2 
position 

/eV 

Satellite 
position 

/eV 
ħωp 
/eV 

ωp 
/1014 s-1 

NH 
/1020  
cm-3 

m* 
/m0 

ZIO 441.16 441.72 0.56 8.51 1.03 0.11 

HIO 441.15 441.57 0.42 6.38 1.01 0.20 

IMO 440.99 441.45 0.46 6.99 1.1 0.18 

ITO 441.09 441.48 0.39 5.92 2.58 0.58 
 

1.3.7. Photoluminescence Spectroscopy 

Exploration of the In2O3 band structure was assisted by 

photoluminescence (PL). The PL spectrum for nominally undoped In2O3 

is shown in Figure 2.21(a), in which the background has been 

subtracted and the remaining signal has been fitted as a sum of 

Gaussian curves representing various transitions. The excitation energy 

for this spectrum is Eexc = 5.64 eV = 220 nm, such that an excess of 

energy is supplied for transitions originating above the CBM. Given the 

occurrence of a series of high-energy emissions centred at 4.0, 3.86, 

3.70 and 3.54 eV, it is suggested that these originate from inflection 

points in the conduction band at the H, P, N and Γ points in the Brillouin 

zone, as noted on the spectrum in Figure 2.21(a) for comparison against 

the calculated band structure in Figure 2.21(b). It should be noted that 

the 3.54 eV emission at the Γ point corresponds exactly to the optical 

band gap between the CB at Γ1 and the deep VB state Γ8 as determined 

in the UV/vis above and discussed in more detail by Walsh et al..21 The 
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coincidence of the band gap emission and absorption are shown in 

Figure 2.19. 

 

Figure 2.19 Coincidence of optical absorption edge with near band-edge (NBE) emission in 

nominally undoped In2O3. Eexc = 5.64 eV = 220 nm. 

The fundamental relaxation from the CBM Γ1 to the VBM at Γ4 is 

usually parity-forbidden due to centro-symmetry in cubic In2O3, however 

it is suggested (as others have21) that non-stoichiometry of the In2O3 

crystal can distort the symmetry and allow the transition to occur, as 

sketched in Figure 2.20. As such, there are two distortion-enabled 

emissions labelled in Figure 2.21(a), one labelled EF → Γ4 originating 

from the Fermi level EF within the CB, and the other labelled Γ1 → Γ4 

originating from the CBM, with both landing at the VBM (Γ4). The 

fundamental transition is given by Walsh et al. as 2.9 eV,21 here the  

Γ1 → Γ4 emission occurs at 2.95 eV, while EF → Γ4 occurs 0.07 eV higher 

at 3.02 eV. This observation is further supported by the clear reduction 

in optical transparency in O-poor In2O3, which probably originates from 

absorption across the fundamental gap enabled by the loss of centro-

symmetry in substoichiometric In2O3.3,21 
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Figure 2.20 Schematic illustrating the distortion-enabled emission of electrons across the 

fundamental band gap between CBM and VBM, having been excited across the optical band 

gap to the Fermi level EF from a deeper state within the VB. 

Also apparent is a peak occurring at 440 nm, corresponding to 

the promotion of an electron to a ‘virtual’ excited state, followed by 

recombination and the emission of two photons each with exactly half 

the energy and double the wavelength of the excitation beam. This is a 

well-known phenomenon in fluorescence and is annotated as 2λ on the 

PL spectrum.79 

Lastly is the emission series between 2.4 and 2.8 eV, which most 

likely represents an emission from a surface oxide species such as In=O 

which is split into a ‘vibronic’ series by a vibrational mode equivalent in 

magnitude to the splitting between adjacent peaks in the PL series. A 

similar phenomenon has previously been observed in Sc2O3 and is 

particularly prevalent in the spectrum observed here due to the added 

surface-sensitivity arising from the short excitation wavelength;80–82 

Godiksen et al. find that above-gap excitation is useful for probing the 

first 50-100 nm of a semiconductor film.79 
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(a) 

 
(b) 

 
 

Figure 2.21 (a) Photoluminescence spectrum of In2O3 film deposited under pO = 0.5%, with (i) 

cross-gap transitions from each inflection point in the Brillouin zone including the optical band 

gap emission as noted by H, P, N and Γ, (ii) laser harmonic splitting of the excitation wavelength 

shown with orange dotted lines and at 2λ, and (iii) the surface vibronic series noted by A→χ2Σ. 

(b) Calculated band structure of In2O3 from Bhachu et al.36 for comparison with the 

photoluminescence. 
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Looking closer at the vibronic series, this appears to arise from 

relaxation between the excited and ground electronic states (A→χ2Σ) of 

surface In=O, split by vibrational modes within the electronic states as 

illustrated in Figure 2.22. The A→χ2Σ electronic transition in diatomic 

InO has previously been reported as 22 995.0 cm-1, or 2.851 eV.83 Here, 

the transition occurs at 2.75 eV, in fair agreement. 

 
Figure 2.22 Schematic illustrating the process of vibronic coupling in luminescence spectra and 

the Franck-Condon principle giving rise to higher-intensity transitions. 

This gives rise to a series with a ground-state vibrational 

frequency of 820 cm-1, somewhat larger than the 703.09 cm-1 observed 

in the free diatomic.83 The strongest emission occurs upon relaxation to 

the ν′′ = 2 vibrational state, due to favourable overlap of the excited and 

ground electronic wavefunctions at that vibrational quantum, according 

to the Franck-Condon principle. The width of the arrows denoting 

vibronic transitions in Figure 2.22 reflects the intensity of the emission. 
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Table 2.3 Information obtained from vibronic series in photoluminescence spectrum of In2O3. 

Peak  
position 

/eV 

Peak  
separation 

/eV 

Peak 
separation 

/cm-1 

Assigned 
transition 
(ν′ → ν′′) 

2.751 0.102 820 0 → 0 
2.650 0.080 647 0 → 1 
2.569 0.050 404 0 → 2 
2.519 0.049 397 0 → 3 
2.470 - - 0 → 4 

 

PL spectra taken for nominally undoped In2O3 films deposited 

under various oxygen partial pressures pO are shown in Figure 2.23. 

These spectra were taken at Eexc = 4.0 eV = 310 nm. The purple cross-

hatched peaks at 3.01, 2.87, 2.33 and 2.18 eV were identified as 

decreasing in intensity with increasing pO. The assignment of the  

2.87 eV emission in Figure 2.21 as the distortion-enabled fundamental 

Γ1 → Γ4 transition between the CBM and VBM is supported by this 

observation, since deposition in the absence of O2 will induce non-

stoichiometry and therefore distort the centrosymmetric cubic In2O3 

structure, enabling the usually parity-forbidden transition to occur. The 

assignment of the 3.01 eV emission as EF → Γ4 is also supported, since 

it would be expected to gradually disappear and merge with the 

fundamental emission, as EF moves downward towards the CBM with 

increasing pO. 

The latter two emissions at 2.33 and 2.18 eV, which also 

decreased in intensity with rising pO, were arbitrarily assigned as 

originating from oxygen vacancies VO, and could be due to emissions 

corresponding to the VO
+ + e- → VO

0 and VO
2++e-→VO

+ transitions, 

calculated to be 1.8 and 1.6 eV respectively by DFT.28 The yellow striped 

peak at 2.71 eV follows the opposite trend, and therefore may arise from 

interstitial oxygen Oi′′. This peak appears intensely in Figure 2.21 and 
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overlaps the ν′ = 0 to ν′′ = 1 emission in the A→χ2Σ vibronic series. Note 

that the surface In=O series shown in red with diagonal stripes is 

conspicuously less intense for In2O3 deposited in the absence of O2 gas, 

likely due to incomplete oxidation of the surface layer. The grey peaks 

were independent of the sample. The blue-shaded peaks are as yet 

unassigned and did not change in any clearly discernible trend between 

pO variations. 

 
Figure 2.23 Background-subtracted photoluminescence spectra of In2O3 films deposited under 

various oxygen partial pressures. Gaussian curves have been fitted to deconvolute the various 

contributions to the spectra. Grey peaks are sample-independent and originate from splitting of 

the excitation laser wavelength. Purple cross-hatched areas are assigned as donor defects such 

as VO⦁⦁ due to their increased intensity under oxygen-poor deposition. The red striped set is the 

surface vibronic series arising from splitting of the surface In=O due to vibrational modes of 

freedom. The striped yellow peak originates from oxygen-rich defects such as Oi. The blue peaks 

are as yet unassigned. 
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Excitation and emission spectra for the doped systems are shown 

in Figure 2.24. When using an excitation wavelength of 310 nm  

(Eexc = 4.0 eV), all spectra shared features from the In2O3 as described 

above, without any apparent additional features arising from the dopant. 

The maximum excitation energy attainable using the in-house PL 

spectrophotometer was Eexc = 5.64 eV, corresponding to λexc = 220 nm. 

Considering that the dopant defect level in the case of TM dopants has 

d-orbital character and the CBM has predominant s-character, one 

would expect transitions between the defect level and the CBM to be 

forbidden,55 while the large separation of the defect level from the VBM 

(which has p-character and would therefore be allowed), as shown in 

Figure 2.5 to be ca. 6-7 eV,35 would require a higher energy light source 

to probe. 

 
Figure 2.24 Emission PL spectra for doped In2O3:M (M = Hf, Sn, Mo, Zr) films using an excitation 

wavelength of 310 nm (Eexc = 4.0 eV).  
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 Discussion 

It has been seen that Zr, Hf, Mo and Sn are effective dopants for 

In2O3. Substituting In3+ crystallographic sites with M4+ injects free 

electrons into the lattice and enhances electrical conductivity, shown in 

Figure 2.11, where electrical resistivities spanned the useful region 

between 10-3 and 10-4 Ω cm. The quantity of dopant incorporated is 

readily varied and controlled using the combinatorial RF magnetron 

sputtering method, as seen in Figure 2.7, where varying the dopant 

target sputter power and distance from the substrate directly varies the 

quantity of dopant incorporated into the film. The wide optical band gap 

of In2O3 is widened further by the doping action due to the Moss-Burstein 

conduction band filling effect. This enables the M-doped In2O3 films to 

retain their visible transparency, making these truly transparent 

conducting oxide films. 

It has been shown by other authors through single-crystal 

syntheses and density functional theory calculations that the transition 

metal dopants Zr, Hf and Mo can offer some important advantages over 

Sn doping. Crucially, these have been shown to have exceptionally high 

electron mobilities which exceed that attainable by Sn doping.36,40,45,84 

Density functional theory calculations indicate that this is due to the nd 

dopant donor level being positioned energetically above the CBM such 

that the perturbation of the conduction band near the CBM by the 

addition of the dopant is minimised.35,36 In contrast, the 5s donor level of 

Sn lies close to the CBM and directly hybridises with it, which reduces 

its dispersion and raises the effective mass of conduction electrons. This 

limits the maximum attainable mobility of ITO. Single-crystal mobility 

data are shown in Figure 2.11, where all of the TM-doped species far 

exceed ITO. 
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The band-gap widening effect of doping pushes the absorption 

edge deeper into the UV, enabling a greater portion of the UV spectrum 

to pass through the material without being absorbed. Transition metal 

dopants enable the In2O3 to retain its conduction band curvature; the 

greater its curvature, the greater the band gap shift brought about by a 

given change in electron density. Therefore in principle, transition metal-

doped In2O3 is more transparent to UV than ITO, and this ought to be 

useful in applications such as photovoltaics where maximum exposure 

of the absorbing layer to the solar spectrum is highly desirable. In this 

work, IMO had the widest band gap with 4.14 eV, compared with  

4.04 eV in ITO, while the band gaps of ZIO, HIO and IMO were greater 

than ITO at all comparable carrier densities. The rate of change of the 

band gap with donor doping is shown in Figure 2.16 and is greatest for 

Zr, followed by Hf, Mo, then Sn. The greater this rate of change, the 

higher the conduction band curvature, which is inversely proportional to 

the electron effective mass m*. Where strong band gap renormalisation 

occurs, m* can be overestimated from the band gap shift, since the 

Moss-Burstein band gap widening effect is offset by the shrinkage 

brought about by renormalisation. It was shown from valence-band 

HAXPES in Table 2.1 that 1.2 at% Mo-doping resulted in renormalisation 

of the fundamental gap by approximately 0.2 eV compared with Zr or Sn 

doping. Therefore, the m* determined optically for IMO in Figure 2.16 

was larger than expected, previously shown to be between 0.2-0.3 m0. 

Other authors have also observed that the band gap shift by raising EF 

is suppressed in IMO due to this effect.55 

Since m* is inversely proportional to the maximum attainable 

electron mobility, these data support the observation amongst previous 

authors that Zr doping offers the best single-crystal electron mobility 

amongst those investigated here, followed by Hf then Mo, while Sn is the 
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poorest.36,40,45,84 Higher curvature of the conduction band represents 

greater spatial dispersion of electron pathways, which translates to 

higher electron mobility. Since it was shown in Equation 2.4 that the 

electrical resistivity is directly proportional to the electron mobility and 

electron density, a higher mobility necessitates a lower electron density 

in order to achieve a desired resistivity for a given application. Equation 
2.16 showed that the oscillation frequency of the free electron gas under 

an electromagnetic field, also known as the plasma frequency, is 

proportional to the density of the electron gas. Above the plasma 

frequency, photons can be transmitted, otherwise they are reflected, 

while photons whose frequency is close to the plasma frequency are 

absorbed by the plasmon excitation mode. Therefore, by lowering the 

plasma frequency, a greater portion of photons are able to pass through 

the electron gas. These frequencies usually correspond to absorption 

around the near-IR region of the spectrum, so a combination of wider 

band gap and smaller plasma frequency enables the widest possible 

UV/vis/NIR transmission window.  

In HAXPES, some of the photoelectrons ejected from the bulk of 

the film would lose some energy to plasmon excitation. This would give 

rise to a satellite peak with a small but distinct amount of kinetic energy 

less than the main photoelectron peak. The plasma frequencies of HIO, 

ZIO, IMO and ITO films with comparable carrier densities could be 

determined from the energy separation of the main In3d5/2 photoelectron 

peak from its satellite, as shown in Figure 2.18. This quantity could be 

related back to the effective mass of the conduction electrons using 

Equation 2.16. The m* values yielded were in good agreement with 

those obtained optically. A comparison of the two sets is shown in Figure 
2.25. It is clear that m* determined here for IMO using XPS disagrees 

significantly with that determined by the Moss-Burstein shift, and this is 
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attributable to strong band gap renormalisation in IMO which 

complicates the optical determination of the band gap shift, as discussed 

previously. Again, all m* for TM-doped In2O3 were significantly lower 

than ITO, suggesting a high intra-grain electron mobility. 

 
Figure 2.25 Electron effective masses determined from the Moss-Burstein band gap shift (MB) 

and from plasmon loss in X-ray photoelectron spectroscopy (XPS). Values are tabulated in Table 

S 5. 

The most widely investigated transition metal dopant thus far has 

been Mo.35 While TM-doped In2O3 is in principle more widely transparent 

across the UV/vis/NIR spectrum, one obstacle faced with IMO has been 

the occupation of electronic states within the band gap. Previous authors 

of studies regarding mixed-metal chalcogenides have found that when 

impurity states exist within the band gap, electron transfer between 

neighbouring metal species with d0 and d10 configurations (here Mo6+ 

and In3+) produces strong optical absorption in the visible.59 As a result, 

IMO exhibits some visible darkening under heavy doping. The effect is 

absent at lighter doping ratios, so it is suggested that the visible 

absorption may depend on the increasing presence of Mo6+. The 

occupation of electronic states within the band gap were shown here by 

HAXPES in Figure 2.17, and by previous authors’ DFT calculations 

reproduced in Figure 2.2. Transmission losses are problematic for most 
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optoelectronic applications, so it would be preferable to avoid this 

phenomenon. The absence of subgap electronic states in HIO, ZIO and 

ITO means that these do not suffer from the same problem, as shown in 

Figure 2.15.  

While the single-crystal and intragrain mobility of HIO, ZIO and 

IMO are significantly greater than ITO, the same cannot be said of the 

electrical mobility of polycrystalline thin films (see Table S 4).36,40,45,84 The 

physical properties of polycrystalline materials are a combination of 

nanoscopic effects such as electron effective mass and microscopic 

effects such as grain boundary scattering. Grain boundaries are spatial 

regions where crystallites meet in a polycrystalline film. They are difficult 

to characterise and can vary strongly in nature depending on the 

synthesis conditions.38 At the grain boundary, stoichiometry and crystal 

structure breaks down due to termination of the crystal lattice. This gives 

rise to an abrupt change in the defect density close to the crystallite 

edge, which in turn results in localised electron trapping effects. The 

coordination number of lattice sites near the crystallite edge is reduced, 

resulting in a local shift in orbital energies and hence local band-

bending.85 An upward shift in the conduction band in the grain boundary 

region above the Fermi energy results in an energy barrier EB which 

must be overcome. This effect was illustrated in Figure 2.13. The barrier 

height depends on two key factors: the degree of interfacial band-

bending, and the Fermi energy. In Figure 2.14 it was shown that for a 

given carrier density NH, EB was lowest for ITO, followed by ZIO, then 

HIO, then IMO. Note that the position of EF for a given N would be 

expected to vary with m*, so this complicates the comparison of EB 

between systems. Frischbier et al. found In2O3 with a barrier height of EB 

≈ 20 meV, so it is clear that the dopants are raising this height to varying 

degrees.68 Since EB is defined as the separation of the maximum of the 
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interface-bent CBM from EF,68 a better comparison between systems 

may be drawn by finding the degree of band bending from  

Rîçå
ïoñ − Rîçå

ïGB = Rç + (Ró − Rîçå
ïGB ) , since Ró − Rîçå

ïGB  is known from 

HAXPES. The outcome is shown in Table 2.1. The degree of band 

bending is greatest in IMO, followed by ITO, then HIO, while ZIO has the 

smallest degree of band bending. These figures may be further 

complicated however by increased CBM bending as doping increases, 

e.g. with dopant buildup at the grain boundaries. 

Table 2.4 Conduction band bending at grain boundaries as calculated from Hall effect and 

HAXPES data. 

Species 
M:In  
/at% 

NH  
/1020 cm-3 

HAXPES 
EF-CBM 

/eV 
EB  

/meV 

CBM  
bend 

/eV 
ZIO 1.56 1.03 1.27 32 1.30 
HIO 2.41 1.01 1.29 38 1.33 
IMO 1.20 1.10 1.32 44 1.36 
ITO 0.33 2.58 1.32 27 1.35 

 

Since the degree of band bending is broadly comparable between 

the species at the low dopant densities shown here, the issue of 

overcoming the grain boundary scattering lies with the ability of the 

dopants to increase the carrier density NH and therefore raise EF. It was 

shown in Figure 2.11 and Figure 2.12 that the transition metal dopants 

were less efficient at injecting free electrons compared with Sn, and were 

more prone to self-compensation at heavier doping ratios. This means 

that for the TM dopants, EB cannot simply be overcome by raising the 

dopant density as it is in ITO. 

The solubility limit of Sn in In2O3 is very high (≤60 wt%),86,87 which 

is clearly evident from the lack of any significant carrier compensation in 

the Hall effect data in Figure 2.11. However, the carrier density NH 
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reaches a maximum at ca. 10 at% Sn-doping as NH > 1020 cm-3, with 

further doping effecting neither an increase nor any strong decrease in 

carrier density or mobility. This contrasts strongly to Hf-, Zr- and Mo-

doping, where an upper limit of mobility in the films is clearly evident, 

beyond which further doping results in carrier density and mobility 

reductions. This suggests that above this doping level, Sn is either 

entering the In2O3 crystallites as a neutrally-charged defect, or 

accumulating at the grain boundaries as observed by previous 

workers.68 Figure 2.8 revealed no secondary phases within the 

detection limits of XRD in any of the films deposited, even at very high 

Sn dopings of 27.0 at%, so neutral complex formation must be assumed.  

It is worth considering the role of oxygen in the deposition ambient 

on the ultimate properties of the films deposited. While depriving the 

growing film of oxygen is known to result in high electrical conductivity, 

it is also known to reduce optical transparency.28 As a result, 

polycrystalline samples here were deposited using a small (pO = 

0.5%v/v) volume of oxygen in the deposition ambient, to yield visibly 

transparent films. The increased conduction with oxygen deprivation is 

usually attributed to an increased concentration of oxygen vacancies 

VO⦁⦁, which are two-electron donors and would ultimately serve to 

increase the free carrier density as shown in (see Figure 2.26), whilst 

reducing carrier mobility due to electron scattering at ionised point defect 

sites. Indeed, the magnitude of this effect is proportional to the square 

of the defect charge Z2, such that one would expect doubly-charged VO⦁⦁ 

to reduce mobility much more dramatically than singly-charged cation 

dopant sites MIn⦁.67 However, it is interesting to note that deposition here 

under an increasingly oxygen-poor atmosphere effects an exponential 

increase in the electron mobility – these measurements are shown in 

Figure 2.26. It is suggested therefore that this effect is owing to a 
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reduction in the density of electron traps at grain boundaries known to 

arise from oxygen-rich non-stoichiometry close to the surface of grains, 

enabling expedient charge transfer across grain boundaries.  

 

Figure 2.26 Effect of added oxygen in the deposition ambient on the electrical properties of 

polycrystalline In2O3 films doped with 0.95 at% Hf. Values are tabulated in Table S 6. 

This argument is tentatively extended to suggest that a similar 

effect comes about from the choice of dopant used. So far, arguments 

of the bulk behaviour of dopants has dominated the field of doping 

research, however the role of dopants at the grain interfaces in 

polycrystalline materials also demands consideration. Given the 

magnitude of the effect of varying the oxygen ambient in depositing 

polycrystalline In2O3, it is proposed that dopants will likewise passivate 

grain boundaries to varying degrees depending on their oxygen affinity. 

Indeed, it has been recently observed by Deml et al. that the formation 

enthalpy of oxygen vacancies in metal oxides is inversely proportional to 

the enthalpy of formation of the oxide, and also to its band gap.88 If it is 

assumed that the height of the energy barrier in the grain boundary 

region depends primarily on the density of electron traps originating from 

oxygen-rich stoichiometry, then fewer trap species might be expected to 

form from dopants with a weaker driving force to bind to oxygen. A side-

by-side comparison of dissociation enthalpies of single M-O bonds and 
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the grain boundary height is shown in Table 2.5, where there is overall 

strong agreement with the exception of Mo. 

Table 2.5 Dissociation enthalpies for metal oxide species from Dean,89 compared with grain 

boundary height observed in each system where In2O3 is doped with the metal in question. 

Species 
ED(M-O)89  
/kJ mol-1 

EB  
/meV 

In-O 360 2068 
Sn-O 548 27 
Hf-O 791 38 
Zr-O 760 32 
Mo-O 607 44 

 

So while the intra-grain electron mobility of In2O3 doped with 

transition metals Zr, Hf and Mo has been shown experimentally both 

here and elsewhere to exceed by far that of ITO with the support of 

density functional calculations, the objective remains to outperform ITO 

in terms of macroscopic electron mobility in polycrystalline films. This 

has been achieved in the past for IMO by depositing via CVD from 

organometallic precursors.36 An analysis of the factors limiting electron 

mobility in the physically-deposited films in this work points to energetic 

barriers at the grain boundaries as being the limiting factor, while the 

poor efficiency of Zr and Hf as donor dopants has retarded their ability 

to overcome this barrier by raising the Fermi level. Other factors affecting 

this barrier height have been evaluated, in particular the readiness of 

electron-trapping interstitial oxygen to form near the dopant-rich grain 

boundary region, enabling an inverse correlation to be drawn between 

barrier height and dissociation enthalpy of the dopant metal-oxide 

chemical bond.  

It is therefore worth considering why deposition via CVD results 

in much higher mobilities for IMO than it does via RFMS  

(μH ≈ 100 cm2 V-1 s-1 for CVD vs. μH = 54 cm2 V-1 s-1 for RFMS at  
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NH = 4 × 1020 cm-3). It ought to be considered that it is the same reason 

for which μ depends so strongly here on N, while being very weakly 

correlated in the CVD study; the grain boundary height is minimal or 

completely overcome in the CVD study. Since the two studies are carried 

out over similar carrier densities and at the same deposition 

temperature, one key variable is the metal source. The CVD study used 

organometallic precursors in methanol, a protic organic solvent. It is 

suggested that there is strong adventitious H co-doping occurring in the 

CVD study, since H is well-known to passivate grain boundaries and limit 

the formation of interfacial Oi in polycrystalline metal oxides.38  
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Figure 2.27 Electron mobility (μH), carrier density (NH) and grain boundary potential (EB) for 

2.5±0.4 at% In2O3:M films (M = Mo, Zr, Hf, Sn) annealed at 250 °C under 5%v/v H2/N2. Data are 

tabulated in Table S 7. 

In order to test this, a sample of 2.5±0.4 at% In2O3:M for each  

M = Mo, Zr, Hf, Sn at 250 °C was annealed under gently flowing 5%v/v 

H2/N2, it was possible to directly observe the reductive effect of hydrogen 

passivation on the grain boundary potential EB by the significantly 
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increased μH as shown in Figure 2.27. This was accompanied by only a 

slight decrease in NH, such that the effect is unlikely to be from reduced 

electron-electron scattering alone and is therefore more likely due to the 

saturation and passivation of GB-localised defect states. Grain growth 

was also ruled out as a potential mechanism for the increased mobility, 

since X-ray diffractometry in fact revealed a slight decrease in crystallite 

diameter upon hydrogen treatment (see Figure 2.28). 

 
Figure 2.28 Crystallite diameters determined from X-ray diffractometry for 2.1 at% Sn-doped 

In2O3, annealed in 5%v/v H2/N2 for varying durations. Data are tabulated in Table S 7. 

Therefore, with this work having laid out a physical understanding 

of transition metal doping, a natural progression would be to optimise the 

deposition of Hf- and Zr-doped In2O3 in the presence of H co-doped 

impurities in order to overcome their physical limitations in the pure form, 

whether by physical co-deposition with H2 or by chemical vapour 

deposition from organometallic precursors. 
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 Conclusions 

Thin films of transition metal-doped In2O3 (M = Hf, Zr, Mo) have 

been deposited using RF magnetron sputtering in a study comparing 

these to Sn doping. All films were electrically conducting and visibly 

transparent. An evaluation of the electron mobilities in terms of dopant 

densities and carrier densities was carried out. It was shown that, while 

the transition metal dopants were capable of electron mobilities 

exceeding the limits of Sn doping in single-crystal studies, it was difficult 

to realise these limits in polycrystalline materials. However, evaluation 

of the plasma frequency of these suggested that the electron effective 

mass in TM-doped films was exceedingly low compared with Sn doping, 

while separate assessment of the Moss-Burstein optical band gap shift 

with carrier density confirmed this with strong agreement. These findings 

indicate very high intra-grain electron mobilities, comparable to single-

crystal works. It was identified and argued that the limiting factor for 

macroscopic electron mobility was the energy barrier occurring at the 

grain boundary interfacial regions, with the height of this energy barrier 

varying depending on the dopant used. Comparison with other works 

adopting chemical methods for deposition enabled identification of 

hydrogen passivation of grain boundaries as a likely direction for future 

work. These findings are promising for a number of reasons – for one, 

higher carrier mobility necessitates lower carrier densities in TCOs, 

meaning improved NIR transmittance. This is very important for solar 

absorber materials, which possess small band gaps and would 

otherwise suffer from reflective losses at the frontside TCO electrode of 

photons in the visible-red and NIR regions.38 Another important 

implication is that In2O3 electrode materials with higher electron mobility 

can be made thinner than traditional ITO, conserving supply-critical raw 

indium stockpiles. Meanwhile, the fact that many established fabrication 

processes already have methods in place for growing and patterning 
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In2O3 films means that an improved transition metal-doped alternative to 

ITO can be fast-tracked to commercial scale. 
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Chapter III: Tantalum-Doped Tin(IV) Oxide – Investigating Indium-
Free Transparent Conducting Oxides 

 Introduction 

It was shown in Chapter I that while ITO is the industry standard 

TCO material, there is a supply risk associated with indium which could 

lead to an inability to meet production demand in the near future. 

Therefore, the need to find alternative TCOs to ITO is pressing; however, 

a replacement for ITO would need to have comparable performance. 

The conduction band of ITO is largely isotropic and disperse, enabling 

low electron masses and high mobility; this character is assisted by 

octahedral coordination of the cation, which results in the ideal 180°  

O-In-O bond angle for high mobility conduction.90 SnO2 in the rutile 

phase also has 6-coordinated octahedral cation sites, favouring high 

conduction band dispersion, as shown in the unit cell drawn in  

Figure 3.1. F-doped and Sb-doped SnO2 (FTO and ATO, respectively) 

are particularly popular choices as indium-free TCOs,91 but these are 

prone to self-compensation due to the propensity for interstitial Fi 

formation in FTO and mobility limitations in ATO.92 These effects hamper 

attempts to produce high electrical conductivity in these materials. 

Meanwhile, the donor electrons from F and Sb dopants originate from 

orbitals which lie close in energy to the Sn5s states at the CBM, resulting 

in strong hybridisation and reducing the CBM dispersion.92 This raises 

the electron mass, resulting in poorer carrier mobilities in these, and 

since it has been seen in Equation 2.4 that the conductivity of a material 

is directly proportional to the density and mobility of its charge carriers, 
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the effects of compensation and hybridisation in FTO and ATO means 

these can never perform as highly as ITO.92,93 

(a) (b) 

  
(c) (d) 

  
Figure 3.1 Unit cell of rutile SnO2 (ICSD9163), along the (a) a-, (b) b- and (c) c-axes, and (d) 
from a perspective view. Octahedral Sn sites are denoted by the larger purple spheres, O sites 

by smaller red spheres. 

It was discussed in Chapter II that transition metal (TM) doping 

in In2O3 rather than Sn doping enables charge carriers to be injected into 

the CBM from TM d-orbital states high in energy above the CBM, 

minimising dopant hybridization close to the CBM and therefore enabling 

significantly higher carrier mobility to be achieved. Therefore, this 

mechanism may also be applied to achieve high mobility in TM-doped 

SnO2 as a more competitive alternative to ITO compared with FTO and 

ATO. A manifold increase in the carrier mobility of Ta-doped SnO2 has 
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been previously observed at a time when this doping regime was less 

well-understood.94 This synthesis project therefore aimed to investigate 

the doping behaviour of Ta in SnO2 as deposited using atmospheric-

pressure chemical vapour deposition (APCVD) on both the laboratory- 

and industrial-scale with a view to assessing the commercial viability of 

this new generation of high-mobility TCOs. 

 Experimental: Laboratory-Scale Atmospheric Pressure Chemical 

Vapour Deposition of Tantalum-Doped Tin(IV) Oxide Thin Films 

Initial experiments were carried out in the laboratories at 

University College London in order to screen suitable precursors and 

deposition conditions for tantalum-doped tin(IV) oxide (SnO2:Ta or 

TaTO) thin films. A schematic for the deposition apparatus constructed 

for these depositions is shown in Figure 3.2, and is similar to the 

arrangement used previously by Hyett et al..95 This comprised a set of 

heavy brass bubblers, which were loaded with metal precursors in a 

glovebox and sealed at atmospheric pressure. The oxidant was loaded 

in open air. Each bubbler was fitted with a heating jacket and an internal 

and external thermocouple, which enabled the chemical precursors to 

reach a desired temperature using a heat-read feedback loop. The 

bubblers were also fitted with emergency pressure-release valves; these 

would open under extreme pressure and enable chemical vapour to be 

released directly from the bubbler in case of a faulty thermocouple 

causing the feedback loop to fail and subsequent runaway bubbler 

heating (safety point: for this reason the fume cupboard sash was 

always left closed when the system was heating unattended). Gas and 

vapour were carried along stainless steel pipes (1/4” OD, 0.095” ID) 

joined by SwagelokTM compression fittings. These were sealed by the 

compression of a front and rear ferrule at the interface of a nut and 
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threaded body. These joints were pressure-tested using leak detection 

fluid by sealing and pressurising the system. The flow controller was an 

array of analogue rotameters (MPB Industries) which controlled the flow 

of an inert carrier gas along each line toward the bubblers, as well as the 

diluting ‘plain’ line which flowed directly into the mixing chamber and 

shunted the mixed vapour toward the reactor. Vapour (gas) flow from 

(bypassing) the bubblers was controlled using a set of three one-way 

valves affixed to each. The default configuration was a sealed inlet and 

outlet valve on each bubbler with an open bypass valve at all times 

except during deposition. Likewise, a bypass system was fitted in 

between the mixing chamber and the reactor chamber, which diverted 

flow coming from the bubbler lines directly to an exhaust, isolating the 

reactor from the bubbler lines. Meanwhile, the plain line was split in order 

to keep the reactor flushed with inert gas. In order to commence a 

deposition, each bubbler was opened to allow chemical vapour to flow 

along the line by first opening the outlet valve (to enable pressure 

release in the direction of the mixing chamber), followed by the inlet 

valve, then finally closing the bypass valve. The carrier gas was at this 

point forced to pass through the precursor bubbler, carrying chemical 

vapour with it toward the mixing chamber. This process was carried out 

for each bubbler in turn. The combined chemical vapour was then 

allowed to flow directly to the mixing chamber exhaust line for ca. 10 s. 

Deposition would then commence by first opening the one-way valve 

between the mixing chamber and reactor chamber, then closing the 

exhaust and reactor flush valves. From the moment the last valve is 

closed, all gas and vapour passes through the reactor chamber, over the 

heated substrate, at which point the deposition period formally begins. 

This was recorded using a digital stopwatch. Immediately prior to 

entering the reactor chamber, the mixed vapour passes through a brass 

baffle manifold designed to facilitate an even flow of chemical vapour 
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over the substrate. The chemical vapour enters the reactor between the 

glass substrate beneath and a stainless steel plate (145 × 45 × 5 mm) 

above, separated by ca. 8 mm. The vapour proceeds along the length of 

the reactor, passing out through an exhaust line at the far end. The 

reactor is a cold-wall design, featuring a carbon block heated by a 

Whatman heating cartridge, regulated by two thermocouples inserted 

into the centre of the carbon block in deep holes drilled either side of the 

heating cartridge. One thermocouple reads the temperature for a heat-

read feedback loop, the other acts as ‘policeman’ and ensures the 

temperature does not exceed a specified safe limit. The reactor is 

enclosed by a quartz tube and sealed using rubber ‘O’-rings, clamped 

by stainless steel rings machined to closely fit the diameter of the tube. 

Key growth parameters for films deposited are summarised  

in Table S 8. 

Glass substrates were provided by Pilkington NSG Ltd.. They 

were cut to 100 × 45 × 5 mm using the score-and-snap method. They 

were manufactured by floating glass on a molten tin bath, giving a  

Sn-rich layer to the rear face of the substrate. The upper face was pre-

coated with a thin (ca. 30 nm) silica layer to act as a barrier layer against 

diffusion of ions from the glass into the films.96,97 The cut substrates were 

positioned silica side-up, near to the vapour inlet from the brass 

manifold. Depositions were carried out most commonly for a period of 

60 s, however exceptions to this will be explicitly noted herein. Having 

cut off the vapour flow at the end of a deposition period, the reactor 

chamber containing the now-coated glass was flushed again with inert 

gas (either Ar or N2, where noted). The heater cartridge was shut off and 

the temperature allowed to cool under the flow of inert gas until it had 

reached below 80°C. At this point, the coated glass was removed from 

the reactor and handled in air. 
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A variety of precursors were assessed in this study. For tin, mono-

n-butyl tin(IV) trichloride (MBTC, Sigma Aldrich) and tetra-n-butyltin 

(TBT, Sigma Aldrich) were used. Ethyl acetate (EA, Fisher Scientific, 

anhydrous) and compressed air (BOC) were used as oxidants. 

Tantalum(V) chloride (TaCl5, Sigma Aldrich) and tantalum(V) ethoxide 

(Ta(OEt)5, Sigma Aldrich) were used as dopant sources. Note that the 

poor thermal cycling of TaCl5 meant this needed to be replenished in 

advance of every deposition. 

Thermogravimetric analysis (TGA) of precursors was carried out 

using a Netzsch-Gerätebau GmbH STA 449 C Jupiter Thermo-

microbalance, by adding a small quantity of the material to be analysed 

(ca. 20 mg) to an Al2O3 pan and heating at a rate of 3.0 K min-1 under a 

flow of He (30 sccm). 

X-ray photoelectron spectroscopy (XPS) was performed using a 

Thermo Scientific K-alpha spectrometer with monochromated Al Kɑ 

radiation (1486.68 eV), a dual-beam charge compensation system and 

a constant pass energy of 50 eV with spot size 400 μm.  

Hall effect measurements were carried out in a square van der 

Pauw geometry using painted Ag contacts to facilitate Ohmic contact 

between the Au electrodes of the Hall instrument and the thin films. 

Measurements were performed using a 0.58 T permanent magnet with 

a 1.0 mA drive current. Temperature-variable measurements were 

performed by adding liquid nitrogen to the sample well and taking 

measurements periodically as the sample returned to room temperature. 

X-ray diffractometry was measured between detector angles  

2θ = 10-66° at a glancing X-ray source angle (θ = 1.0°) in air on a Bruker 

D8 Discover diffractometer with a Lynxeye strip detector, using 

monochromatic Cu Kα1 and Kα2 radiation wavelengths of 1.54056 and 
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1.54439 Å respectively. Unit cell information was obtained from XRD 

data using Le Bail refinement in GSAS.98 

Scanning electron microscopy was conducted on a JEOL 6700F 

SEM using an acceleration voltage of 20 kV, with an attached Oxford 

Instruments INCA Energy EDXA system operated at 15 kV. 

Time-of-flight secondary ion mass spectrometry (ToF-SIMS) was 

performed by sputtering the sample with a Cs+ ion beam accelerated at 

1 keV, with a current of 55 nA, covering a sample area of  

300.0 × 300.0 μm2. 

Film thicknesses were determined optically by the Swanepoel 

method using a benchtop Filmetrics F20 spectral reflectance system 

against a Si wafer reflectance standard, whereby the specular 

reflectance profile is fitted to an optical model (also known as the 

‘envelope method’99). Here, the model (containing refractive index n and 

extinction coefficient κ) for F-doped SnO2 was used for the fitting. Only 

thickness values where a goodness-of-fit of greater than 95 % were 

taken. Since the modelling was carried out automatically within the 

Filmetrics software, further discussion of this method can be found 

elsewhere in the publication by Swanepoel.100 
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Figure 3.2 Schematic for the laboratory-scale cold-wall apparatus for atmospheric pressure chemical vapour deposition. Thermocouples on the interior and 
exterior of the bubblers, along the gas-carrying lines, on the mixing chamber and inside the heating element were omitted for the sake of clarity and readability. 

Likewise, heating tapes and lagging for the lines are also omitted.
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 Experimental: Industrial-Scale Dynamic Atmospheric Pressure 

Chemical Vapour Deposition of Tantalum-Doped Tin(IV) Oxide Films 

Thin films of Ta-doped SnO2 were deposited on silica barrier 

glass by dynamic atmospheric pressure chemical vapour deposition 

(dAPCVD) using the ‘large dynamic’ coater at NSG Pilkington European 

Technical Centre, Lathom. A schematic illustrating this arrangement is 

shown in Figure 3.3. The process for generating chemical vapour, 

monitoring bubbler temperatures, shunting flow from the low-flow 

bubbler lines along the high-flow mixer line and the reactor/exhaust 

bypass system were much the same as the laboratory-scale setup 

described in Section 2.2. However, two syringes were also added, which 

could be driven mechanically at a set rate to inject liquid precursor into 

an evaporator tube, heated and regulated by a thermal controller. The 

resulting vapour was driven from a gas inlet behind the needle toward 

the far end of the evaporator tube, whereupon it was combined in the 

mixer line with vapour originating from the bubblers. The mixer line could 

also be diverted direct to exhaust, similar to the laboratory arrangement, 

while a nitrogen feed flushed the mixer line and deposition head 

downstream. In addition, much larger substrates could be used (300 × 

500 mm). Aside from dimension, the glass used was the same as that 

used in the preliminary depositions. They were degreased with isopropyl 

alcohol prior to use. These were loaded into an antechamber, which was 

sealed and flushed with nitrogen gas. The substrate was then transferred 

to the reactor chamber on rollers. The glass was held stationary in the 

chamber while reaching the set temperature (600°C), which was 

monitored using an infrared probe. The substrate was then cycled back 

and forth along the length of the reactor chamber on the rollers. 

Chemical vapour deposition was commenced in the same way as the 

laboratory-scale arrangement, by diverting gas flow through the 
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bubblers, turning on the syringe drivers and opening the valve from the 

mixer line to the deposition head. This valve was closed at the end of the 

deposition period, and all bubblers closed and syringe drivers shut off. 

During deposition, the substrate could be cycled back and forth beneath 

the deposition head to obtain controllable film thickness. Once complete, 

the coated substrate was transferred to an ejection chamber, in which it 

was allowed to cool under nitrogen gas. It was exposed to open air once 

below 80°C. 

For the tin source, either solid dimethyltin (DMT) was used in a 

bubbler (144°C internal, 180°C external temperature), or liquid mono-n-

butyltin trichloride (MBTC) was injected by syringe into an evaporator 

tube held at 180°C. For the oxidant, either ethyl acetate or distilled water 

were used in a syringe, combined with oxygen gas. For the tantalum 

source, tantalum(V) chloride (TaCl5) or tantalum(V) fluoride (TaF5) were 

used in a bubbler. The growth conditions for the main 

MBTC+EA+O2+TaF5=SnO2:Ta system are summarised in Table S 9. 
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Figure 3.3 Schematic of dynamic atmospheric pressure chemical vapour deposition (dAPCVD) used at Pilkington R&D facility in Lathom, Lancs. The substrate 

can be cycled back and forth along the rollers to obtain the desired film thickness. [Sn], [Ta] and [O] correspond to the chemical precursors for Sn, Ta and O 

respectively.
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 Results: Laboratory-Scale Atmospheric Pressure Chemical 

Vapour Deposition of Tantalum-Doped Tin(IV) Oxide Thin Films 

2.4.1. Thermogravimetric Analysis of Precursors 

Atmospheric-pressure chemical vapour deposition (APCVD) was 

used to synthesise a range of SnO2 and SnO2:Ta films onto barrier glass 

substrates. Thermogravimetric analysis (TGA) of MBTC and TaCl5 

supported their choice as Sn and Ta sources in the APCVD of SnO2:Ta 

films due to their low vaporisation temperatures at atmospheric pressure 

(see Figure 3.4). Both analyses were carried out under He and heated 

at a rate of 3 K min-1, and are summarised in Table S 10. In the case of 

MBTC, there is a steady mass loss with the first 5% having been lost by 

92°C and with only 10% mass remaining at 166°C. A mass loss tail 

incongruent with the vaporisation curve occurring at 169°C indicates the 

onset of decomposition. TaCl5 showed a similar trend, however with a 

more significant loss of moisture in the region 40-125°C owing to the 

significantly increased hygroscopicity of TaCl5 compared with MBTC 

(note that while the TGA crucible was loaded in air, bubblers could be 

loaded in a glovebox so would have a much lower water content in 

practice than suggested by these TGA data). Vaporisation occurred in a 

much narrower window for TaCl5, with a sudden and dramatic 

vaporisation occurring between 171-187°C. Again, the incongruent 

change in shape of the vaporisation curve at its foot at 187°C, and the 

fact that it does not fully vaporise to 0% mass, indicates the onset of 

decomposition. These results suggest that bubbler temperatures for 

atmospheric-pressure vaporisation of the MBTC and TaCl5 precursors 

might be suitably set at 90°C and 180°C respectively, with some difficulty 

in controlling the [Ta] vapour pressure anticipated due to its narrow 

volatility window and ready decomposition.  
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(a) (b) 

  
Figure 3.4 Thermogravimetric analysis of (a) monobutyltin trichloride and (b) tantalum 

pentachloride, heating under He to 300°C at 3 K min-1. 

2.4.2. Optimisation of Deposition Conditions 

In order to find the optimum deposition conditions for laboratory-

scale APCVD, initial experiments were carried out to determine the effect 

of each key deposition variable on the physical properties of nominally 

undoped SnO2 films. Depositions were first carried out on barrier glass, 

using MBTC at 90°C and EA at 40°C, depositing for 60 s at a number of 

substrate temperatures 450 ≤ Tdep ≤ 600°C. 

X-ray photoelectron spectroscopy as shown in Figure 3.5(a) 

revealed a degree of chlorine contamination in films grown at 550°C from 

the reaction of MBTC and EA. Chlorine contamination of SnO2 grown 

from MBTC is unavoidable and typical.101 However, its role in the 

conductivity of the films synthesised here seems unclear. Profiling of the 

Cl depth distribution throughout the film by Ar+ sputter-etching as shown 

in Figure 3.5(b) revealed that Cl was largely localised at the film surface, 

with a dramatic drop from ca. 9 at% near the surface to 0.5 at% with 

respect to Sn in the bulk. On the other hand, films grown from TBT with 

O2 had no Cl contamination within the bulk. 
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(a) (b) 

  
Figure 3.5 (a) Fitted X-ray photoelectron spectrum of Cl2p region, and (b) depth profile mapping 
distribution of Cl contamination in SnO2 film deposited on barrier glass from MBTC and EA or 

TBT and O2 at 550°C. Depth profile data are tabulated in Table S 11. 

Electrical properties of the SnO2 films as determined using Hall 

effect measurements are shown in Figure 3.7(a). Films containing a 

lower quantity of Cl contamination appear to have a higher electron 

mobility, however correlating these is difficult when the more obvious 

effect of improved crystallinity and therefore higher mobility at higher 

deposition temperature is a more salient rationale. The effect of 

substrate temperature on film crystallinity is shown in the X-ray 

diffractometry in Figure 3.6.  
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Figure 3.6 X-ray diffraction patterns for SnO2 thin films grown on barrier glass from MBTC with 

EA at varying substrate temperatures between 450 and 600°C. 

It is important to note that the Cl concentration shown in Figure 

3.7(c) is measured at the surface, while it has been shown that the bulk 

concentration was significantly lower. It is expected that Cl would 

substitute O and act as an n-type dopant in SnO2, however 

computational study suggests that the formation energy of ClO 

substitutional point defects is significantly higher than the more common 

F-doped SnO2 TCO,102 while the limited solubility of Cl in SnO2 is 

reinforced by observation of its surface segregation in Figure 3.5(b). In 

addition, the reduced Cl concentration at higher deposition temperatures 

coincides with higher electron densities. For these reasons, it may be 

concluded that Cl is not contributing significantly as an electron donor in 

Cl-contaminated SnO2.  

Meanwhile, a uniform increase in film thickness occurs with 

increasing substrate temperature, from 103 nm at 450°C to 433 nm at 
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600°C, typical for thin film deposition by CVD.103 This is directly 

attributable to an increased rate of reaction in the deposition process. 

Also notable is a general reduction in electrical resistivity at higher 

deposition temperature Tdep, falling from a maximum at  

ρ = 1.1 × 10-2 Ω cm occurring at Tdep = 450°C to a minimum at  

ρ = 4.3 × 10-3 Ω cm at Tdep = 600°C, corresponding to overall increases 

in both mobility (μH = 6.1 cm2 V-1 s-1 to μH = 8.5 cm2 V-1 s-1) and carrier 

density (NH = 8.9 × 1019 cm-3 to NH = 1.7 × 1020 cm-3) over the same 

period. 

 

 

 

Figure 3.7 Effect on (a) electronic properties as determined using the Hall effect method 

(electron density NH, electron mobility μH and electrical resistivity ⍴H), (b) film thickness d and (c) 

surface Cl content as determined using X-ray photoelectron spectroscopy, in SnO2 thin films by 
varying substrate temperature in the APCVD of MBTC onto barrier glass in ethyl acetate. Dashed 

lines guide the eye. Data are summarised in Table S 8.  
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2.4.3. Oxidant Study 

Two oxidants were investigated for the deposition of SnO2 from 

MBTC; the first was ethyl acetate (EA) and the second was compressed 

air (CA). EA was heated to 40°C and flowed into the mixing chamber at 

a carrier flow rate of 200 mL min-1. In separate depositions, with all other 

variables held constant, CA was flowed through the EA bypass at  

500 mL min-1. Depositions were carried out at 450°C and 600°C to yield 

a range of SnO2 films which were tested for electrical behaviour by Hall 

effect measurements, shown in Figure 3.8.  

(a) (b) 

  
(c) (d) 

  
Figure 3.8 (a) Film thicknesses and Hall effect measurements showing (b) electron mobility, (c) 

electron density and (d) electrical resistivity in SnO2 thin films grown from MBTC via APCVD 
under ethyl acetate (EA) and compressed air oxidising conditions, at 450 and 600°C. Data are 

summarised in Table S 8. 
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The Clausius-Clapeyron equation can be used to estimate the 

partial pressure of thermally-generated chemical vapour, and is given in 

Equation 3.1, where P1 is the known partial pressure at a known 

temperature T1, and P2 can be an unknown partial pressure at a given 

temperature T2, while ΔHvap is the molar heat of vaporisation and R is 

the gas constant. Using the parameters already given and known vapour 

pressures readily available on safety data sheets, the partial pressure of 

ethyl acetate, achieved at thermal equilibrium within the bubbler heated 

to 40°C and assumed to be at atmospheric pressure when under flow, 

was PEA/Patm = 12620 Pa / 101325 Pa = 12.5%, given that  

ΔHvap, EA = 34.1 kJ mol-1. By contrast, elemental oxygen constitutes 

20.95% of air by volume. Meanwhile, ΔHvap,MBTC = 44.5 kJ mol-1 with 

1600 Pa at 102°C yields PMBTC/Patm = 998 Pa / 101325 Pa = 0.99% at an 

MBTC bubbler temperature of 90°C.104 

 ln $%$&
= ∆)*+,

- . 10&
− 1
0%
2 Equation 3.1 

The difference in flow rates of EA and CA must also be accounted 

for; EA was carried at 200 mL min-1, CA at 500 mL min-1. The sum flow 

of the plain and Sn lines was 1550 mL min-1 (excluding the oxidant line), 

so the partial pressure of EA in the entire deposition system was  

23.9% × 200/(1550+200) = 2.73%, while the partial pressure of CA 

would have been 20.95% × 500/(1550+500) = 5.11%. While these are 

not quite equivalent, the MBTC is transported at 1000 mL min-1 so 

constitutes 0.99% × 1000/(1550+200) = 0.56% of the total gas by volume 

in the EA depositions, so it is evident that the oxidants are in excess over 

the metal precursor in all depositions. Therefore, the comparisons made 

in Figure 3.8 may be considered fair. 

Some interesting observations can be made from Figure 3.8 – as 

expected, the thicknesses of films grown at higher temperature are 



131 

thicker, as seen in Figure 3.8(a) and also in Figure 3.7. However, 

deposition under air yields slightly thicker films than EA (8% thicker at 

450°C, 15% thicker at 600°C). Growth of thicker films under air can be 

rationalised the same way as under higher temperature; films were 

grown for a fixed period of time (here 1 min.), so a thicker film is yielded 

by a higher growth rate (assuming an equal density), which itself is a 

product of either a higher reaction temperature or, as in the case of the 

oxidant study, a higher rate constant for the reaction. It appears that 

oxidation of MBTC by air may be occurring faster than oxidation by EA, 

which may be rationalised by the less-ready availability of oxygen within 

the EA molecule, which must be decomposed in order for the reaction to 

proceed. On the other hand, diatomic oxygen may be more readily 

incorporated into the advancing front of the growing SnO2 

crystallites.95,105 

There also appears to be some effect on electrical properties 

arising from the variation in oxidant; overall, lower-resistivity films were 

obtained from deposition under air as compared with EA (Figure 3.8(d)). 

Deposition under air appears to have led to increased carrier mobility (μ) 

at both 450 and 600°C (Figure 3.8(b)). Air also yields a higher carrier 

density at 450°C but not so at 600°C, where deposition under EA and 

CA yields similar carrier densities of 1.72 × 1020 cm-3 and  

1.68 × 1020 cm-3 respectively (Figure 3.8(c)). Interesting to note is that 

of all the undoped SnO2 films synthesised in this work, the maximum 

carrier density achieved was in the region of (1.7 ± 0.1) × 1020 cm-3, 

which may represent the maximum achievable carrier density for this 

material under these growth conditions, and may correspond to a Fermi 

level position at which intrinsic acceptor defect formation (e.g. Sn 

vacancies VSn′′′′ and complexes [VSnVO]′′) becomes favourable over 

further donor formation.106  



132 

2.4.4. Substrate Study 

Another study conducted on the deposition of SnO2 films was the 

choice of substrate. The majority of films in this work were deposited 

onto float glass with a ca. 30 nm silica barrier layer; for comparison, SnO2 

films have also been deposited here onto silica-coated barrier glass with 

an additional ca. 15 nm-thick polycrystalline anatase TiO2 top coating 

(Pilkington ActivTM).96,97 Films were deposited using a MBTC bubbler 

temperature of either 90 or 100°C, corresponding to MBTC vapour 

pressures of 998 and 1480 respectively. The anatase TiO2 coating was 

expected to be stable at the deposition temperatures, which did not 

exceed 600°C.107 Looking at Figure 3.9, the first thing to notice is that 

films grown on ActivTM were thicker, by 27% at 90°C and 43% at 100°C; 

increasing the precursor temperature did not appear to affect the film 

thickness significantly for deposition on barrier glass, but did so for 

ActivTM, with a temperature increase of 10 K leading to an increase in 

thickness of 50 nm (9 %). This suggests that on glass, the film growth is 

nucleation-limited, whereby an increased partial pressure of precursor 

vapour does not result in an increased rate of deposition. In contrast, 

epitaxial growth of rutile SnO2 on anatase TiO2 is not limited by 

nucleation, apparently instead being diffusion-limited, whereby an 

increased rate of precursor transfer directly results in thicker film growth. 
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(a) (b) 

  
(c) (d) 

  
Figure 3.9 Effect of substrate choice on (a) thickness (as determined optically using the 

Swanepoel method) and electrical properties of SnO2 films deposited from MBTC and EA – (b) 

electron mobility, (c) carrier density and (d) resistivity. Substrates were either Pilkington ActivTM 
(TiO2) or SiO2 barrier glass. Depositions were carried out at a substrate temperature of 600°C, 

using MBTC bubbler temperatures of 90 and 100°C. Data are summarised in Table S 8. 

There are some interesting effects of substrate choice on the 

electrical properties of these films; firstly, deposition on the 

polycrystalline TiO2 substrate led to a markedly higher electron mobility 

compared with deposition on glass, with μH = 11.3 vs. 8.5 cm2 V-1 s-1 

respectively, at TMBTC = 90°C. This may be linked to an increased 

crystallite size obtained from epitaxial deposition onto a polycrystalline 

substrate. Electron scattering effects can be the cause for reduced 

mobility; the carrier density in samples deposited on glass was higher, 

and their mobility lower. However, electron scattering does not typically 
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contribute strongly to carrier mobility when N < 1021 cm-3.106 As for the 

lower carrier density when depositing on TiO2, Bélanger et al. find that 

the carrier density of doped SnO2 increases with film thickness, due to 

surface-localised low-valent trap states originating from Sn+II, which 

contribute less significantly to transport properties in thicker films.108 On 

the other hand, the carrier density decreased with increasing precursor 

vapour pressure in the case of deposition on ActivTM, but slightly less so 

for deposition on glass. This is unexpected, given that increasing the 

precursor vapour pressure yielded thicker films for deposition on ActivTM; 

it is speculated that the higher ratio of Sn to oxidant during film growth 

may have increased the density of low-valent Sn+II trap states. 

Overall, the lowest film resistivity and highest carrier density was 

obtained from deposition onto barrier glass without the TiO2 coating. The 

possibility of complications arising from Ti diffusion into the SnO2 film 

meant the decision was taken to use the uncoated glass in further 

depositions. 

2.4.5. Doping SnO2 by Tantalum(V) Chloride 

A range of precursors were trialled for SnO2:Ta deposition via 

APCVD onto silica barrier glass substrates, as summarised in Table 3.1. 

Precursors for Sn were MBTC and TBT. Precursors for Ta were 

Ta(OEt)5 and TaCl5, and oxidants were EA and CA (O2). Elemental 

compositions were determined using X-ray fluorescence spectroscopy 

(XRF). Scanning electron microscopy (SEM) revealed polycrystalline 

growth for nominally undoped and lightly Ta-doped SnO2 deposited from 

MBTC and Ta(OEt)5 at 550°C, as shown in Figure 3.10(a-d). Much 

heavier Ta content shown in Figure 3.10(e-f) resulted in smooth, 

amorphous films deposited at 600°C.  
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(a) (b) 

  
(c) (d) 

  
(e) (f) 

  
Figure 3.10 Scanning electron micrographs of (a, b) nominally undoped SnO2, (c, d) SnO2:Ta 

and (e, f) Sn0.07Ta0.93O2.5. The inset image in (d) shows a backscattered scanning electron 
micrograph for characterisation of the layered structure. The scale bar in (a) applies to all six 

micrographs. 

Cross-sectional micrographs shown in Figure 3.10(b, d and f) 

show that addition of the Ta dopant reduced the film thickness from  

371 ± 14 nm in undoped SnO2 to 155 ± 10 nm, corresponding to a drop 

in nominal growth rate from 6.2 ± 0.2 nm s-1 to 2.6 ± 0.2 nm s-1  

(tdep = 60 s) upon introduction of the Ta(OEt)5 vapour to the MBTC/EA 
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stream. This was an consistent effect observed across the full range of 

Ta(OEt)5/MBTC/EA depositions, which resulted in significantly thinner 

films and reduced substrate coverage. Previous authors have observed 

a similar effect, in which Ta(OEt)5 vapour proves immiscible with 

coreagent vapour without premature reaction.95 

The complications of using MBTC with Ta(OEt)5 can be seen in 

Figure 3.10(d), in which backscattered electron microscopy (inset) 

reveals a layered microstructure, where Ta is segregating to a Ta-rich 

region close to the substrate, topped by polycrystalline SnO2. The 

composition of this layered structure could be probed using time-of-flight 

secondary-ion mass spectrometry (ToF-SIMS), which supported the 

microscopic observation of phase separation. By etching the sample 

with heavy Cs+ ion bombardment, the ejected ‘secondary ion’ (CsxXy)+ 

species could be characterised by fragment mass to produce the depth 

profile shown in Figure 3.11. It is apparent that while there is no Ta 

content in the undoped SnO2 in Figure 3.11(a), and constant Ta content 

with respect to depth in the Sn0.07Ta0.93O2.5 shown in Figure 3.11(c), 

there is a clearly distinct Ta-rich region close to the substrate in the 

SnO2:Ta sample shown in Figure 3.11(b). A summary of the Ta and Sn 

signal ratios is shown in Figure 3.11(d). One possible cause for this 

segregation is the preferred growth of an amorphous Ta-rich phase on 

the amorphous glass substrate, which will produce a lower interfacial 

strain and therefore lower interfacial energy compared with a 

polycrystalline SnO2/amorphous glass interface.109 While Ta-doped 

SnO2 films have been deposited on amorphous substrates such as fused 

silica before,110,111 these studies do not assess the vertical distribution of 

the dopant throughout the film.  
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(c) Sn0.07Ta0.93O2.5 

 
(d) 

 
Figure 3.11 Time-of-flight secondary-ion mass spectrometry of (a) nominally undoped SnO2, (b) 
SnO2:Ta, and (c) Sn0.07Ta0.93O2.5 film produced from APCVD of MBTC, Ta(OEt)5 and EA at 

550°C. Secondary ions were generated by bombardment of the solid film sample with Cs+ ions, 

while (d) summarises the CsTa+:CsSnO+ peak area ratios by depth for the three samples. 
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In general, it was found that while MBTC was highly effective for 

depositing nominally undoped SnO2, it was excessively reactive towards 

Ta precursors in the vapour phase, resulting in poor-to-no substrate 

coverage and blockages of the lines and baffle. In contrast, TBT was 

much more thermally robust, requiring significantly higher bubbler 

temperatures of 180°C (cf. 90°C for MBTC), higher substrate 

temperatures of Tdep ≥ 550°C (cf. Tdep ≥ 450°C for MBTC) and oxidation 

by O2 rather than EA. Meanwhile, it was found that reproducibility for 

films deposited using Ta(OEt)5 was poor, pointing to poor thermal 

stability when using this precursor. The best reproducibility was obtained 

using TBT with TaCl5 and O2.  

Table 3.1 Precursor screening for APCVD growth of SnO2:Ta films. 
[Sn] [Ta] [O] Film Thickness Coverage Ta Comments 

MBTC Ta(OEt)5 EA Y Poor Poor Y 

MBTC TaCl5 O2 Y Good Poor N Caused baffle blockages 

MBTC TaCl5 EA N N/A N/A N/A 
 

TBT Ta(OEt)5 O2 Y Good Fair Y Caused dopant line 

blockage 
TBT TaCl5 O2 Y Good Good Y TaCl5 needed 

replenishing before each 

deposition 

 
Deposition of Ta-doped SnO2 films was carried out for a period of 

180 s using TaCl5 as a dopant source, TBT for the SnO2 precursor and 

CA as an oxidant, with bubbler temperatures of 180°C for the TBT while 

TaCl5 was varied between 100-150°C, at a substrate temperature of 

550°C (except where noted). Polycrystalline rutile SnO2 films were 

obtained as-deposited at low dopant quantities (see X-ray diffractometry, 

Figure 3.12). Higher Ta content yielded amorphous films, as observed 

when the TaCl5 bubbler temperature exceeded 140°C. 
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Figure 3.12 XRD patterns for SnO2:Ta films deposited on glass by APCVD from TBT and TaCl5 
for depositions with increasing TaCl5 bubbler temperature (100-150°C). Peak positions are 

summarised in Table S 12. 

According to the Clausius-Clapeyron equation shown in 

Equation 3.2, where P1 is the known vapour pressure at a given 

temperature T1, P2 is the desired vapour pressure at a given temperature 

T2, R is the gas constant 8.314 J (mol K)-1 and ΔHvap gives the molar 

heat of vaporisation, increasing the TaCl5 bubbler temperature in 10 K 

increments effects approximately a twofold increase in its vapour 

pressure with each increment; as such, varying the TaCl5 temperature 

through 100, 110, 120, 130, 140 and 150°C should result in vapour 

pressures of 93, 190, 380, 730, 1300 and 2400 Pa respectively given 
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ΔHvap,TaCl5 = 85.4 kJ mol-1 and a known vapour pressure of 6990 Pa at 

169.3°C.112  

 ln $%$&
= ∆)*+,

R . 1T&
− 1
T%
2 Equation 3.2 

With the TBT at 180°C, this has a vapour pressure of 4820 Pa 

(ΔHvap,TBT = 82.8 kJ mol-1)113 so with flow rates of Ta and Sn precursors 

at 4.0 and 2.0 respectively, this should translate to a ‘mass flow’ ratio 

(given as the product of partial pressure and relative flow rate) of 4, 7, 

14, 23, 36 and 50 % Ta:(Ta+Sn) for TaCl5 bubbler temperatures of 100, 

110, 120, 130, 140 and 150°C respectively, shown later in  

Figure 3.15(c). The effect of this can be seen in the XRD in Figure 3.12, 

in which polycrystalline SnO2:Ta films were obtained up to TaCl5 bubbler 

temperature of 130°C, while exceeding this temperature yields 

amorphous films of Ta2O5:Sn. The sudden shift is a result of the 

particularly narrow temperature range for the sublimation of TaCl5 as 

observed in the TGA shown in Figure 3.4, which highlights problems 

with the reliance on the Clausius-Clapeyron equation for prediction of 

vaporisation behaviour of solid precursors. This discrepancy is shown 

more clearly in Figure 3.15(c), where the mass flow ratio as calculated 

using the Clausius-Clapeyron equation in combination with the carrier 

flow ratios is compared against the Ta:(Ta+Sn) ratio observed by XPS 

in films deposited from varying TaCl5 bubbler temperatures. 
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(a) 

 
(b) 

 
Figure 3.13 X-ray photoelectron spectra in the Ta4d region of a sample of SnO2:Ta deposited 
via APCVD using TBT/TaCl5/O2, taken after etching by Ar+ ion bombardment for varying times. 

The higher binding energy peak corresponds to an overlapping of the Ta4d3/2 dopant peak and 

the Ar2p species originating from the etchant. 

X-ray photoelectron spectroscopy (XPS) measurements 

indicated a similar pattern in the TBT/TaCl5/O2 system as the ToF-SIMS 

measurements of the MBTC/Ta(OEt)5/EA system shown previously in 
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Figure 3.11, whereby the Ta content was richer in SnO2:Ta films closer 

to the substrate. This is shown in Figure 3.13, in which the signal 

originating from Ta4d orbitals intensifies upon increased etching by Ar+ 

ion bombardment. It should be noted that the Ar2p environment overlaps 

in binding energy with the Ta4d3/2 environment, however the Ta4d5/2 

species is clearly apparent. The Ta signal near the sample surface on 

the other hand was virtually negligible, in general complicating the 

characterisation of Ta content for SnO2:Ta films. 

Looking at the nature of the Ta4p3/2 environment, this shifts 

strongly with Ta quantity. In Figure 3.13, the partially reduced 

environment at ca. 400 eV, assumed here to be Ta3+, overlaps in energy 

with the N1s environment around 399 eV.114 For this reason, the total 

peak area appears to have a higher intensity near the surface, though 

this can simply be ascribed to surface-adsorbed atmospheric N2. A 

broader, more intense feature emerges at higher Ta loadings when the 

system crosses into the amorphous Ta2O5:Sn regime, which was 

assigned as an increased contribution to the photoelectron signal from 

native sub-surface Ta5+. This occurs around 404 eV, observed by 

previous workers at 404.6 eV.115 As such, it was concluded that the 

occurrence of Ta3+ is a surface-localised effect, originating from 

undercoordinated terminal species in the defective interfacial region.116 

NB while these are considered ‘bulk’ scans due to the Ar+ ion sputter 

etch process, the ion beam itself is known to effect some reduction of 

multivalent species.114 
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Figure 3.14 Normalised X-ray photoelectron spectra in the Ta4p3/2 for Sn1-xTaxOy thin films, 

deposited from the TBT/TaCl5/O2 system, for 0 ≤ x ≤ 1 having been etched by Ar+ for 500-600 s, 
showing the contribution to the signal from subsurface native Ta5+ and surface-localised Ta3+ 

states, as well as the N1s environment shown in light grey. Stoichiometries were calculated from 

the ratio of the normalised areas of the Ta4p and Sn3d XPS peaks. 

By fitting the regions shown in Figure 3.14 near the surface, it 

was possible to quantify the ratio of Ta to Sn at the surface of Sn1-xTaxOy 

films as a function of the TaCl5 bubbler temperature used in their 

deposition, ranging from 3.1 at% Ta:(Ta+Sn) at 100°C to 98 at% at 

150°C. It should be noted that for surface scans (i.e. without Ar+ etching), 

the TaSn2p3/2 had to be deconvoluted from the N1s signal, so dopant 

quantities determined using this approach were only considered to be 

qualitative. A plot of dopant quantity versus TaCl5 bubbler temperature 

is shown in Figure 3.15(c), while deconvolution of the Sn3d and 

N1s/Ta4p3/2 peaks are shown in Figure 3.15(a) and (b). The dopant 

quantity curve resembles the behaviour of the TaCl5 TGA curve shown 

in Figure 3.4, where a steady increase in Ta doping (mirroring a steady 
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loss in TaCl5 mass) at lower temperatures gives way to a sudden steep 

rise in Ta content due to a sublimation temperature threshold being 

crossed. Between TaCl5 bubbler temperatures of 130 and 140°C, the 

phase deposited as reflected in both the XRD (Figure 3.12) and XPS 

data (Figure 3.14) switches from Ta-doped rutile SnO2 to Sn-doped 

amorphous Ta2O5.  

(a) (b) 

 
 

(c) 

 
Figure 3.15 X-ray photoelectron spectroscopy data for SnO2:Ta films with TaCl5 bubbler at (a, 

b) 120°C or (c) various temperatures, showing the effect of this on the quantity of Ta incorporated 

into the deposited films. The mass flows calculated from vapour pressures (Clausius-Clapeyron) 
and relative bubbler flow rates are shown for comparison in (c), for which data are summarised 

in Table S 8. 
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It was shown by Hall effect measurements, as set out in Figure 

3.16, that the Ta doping was acting to increase the free electron density 

NH in the films (Figure 3.16(a)), thereby lowering the electrical resistivity 

ρH in the region of ca. 10-3 Ω cm (Figure 3.16(c)).  

(a) (b) 

  
(c) (d) 

  
Figure 3.16 Hall effect electronic measurement data for SnO2:Ta films deposited from APCVD 
of TBT and EA at Tdep = 550°C with the TaCl5 dopant bubbler at varying temperatures, showing 

(a) electron density NH, (b) electron mobility μH and (c) electrical resistivity ρH as a function of 

dopant bubbler temperature. (d) Film thickness as a function of dopant bubbler temperature, as 
determined optically via the Swanepoel method (NB “T(TaCl5) = 0” corresponds to an absence 

of dopant vapour in the deposition). The thickest section of film in each case was used for this 

measurement. Data are summarised in Table S 8. 
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The minimum resistivity and maximum carrier density were 

obtained with the TaCl5 bubbler temperature at 110°C, corresponding to 

a surface Ta concentration of ca. 4 at% with respect to Sn, as 

determined from the area of the Ta4p3/2 XPS peak per Figure 3.15(b). 

The non-uniform distribution of Ta through the depth of the SnO2 films 

(refer to the XPS depth profile in Figure 3.13) was such that the bubbler 

temperature was instead used here as a more reliable guide to doping 

behaviour. 

Overall, while substitutional TaSn doping could be inferred from 

NH in Figure 3.16(a), the mixing of TaCl5 with the TBT vapour appears 

to have reduced the deposited film thickness from 230 nm in undoped 

SnO2 to a minimum at 100 nm with T(TaCl5) = 110°C, evident in  

Figure 3.16(d). This indicates a premature vapour-phase reaction 

between the Ta, Sn and O precursors which is slowing the film growth 

rate to a minimum at a critical Ta:Sn vapour ratio. It is possible that the 

resultant film thickness variation is the cause for a similar pattern 

observed in carrier mobility Figure 3.16(b), as thickness effects such as 

surface and grain boundary electron scattering mechanisms become 

more significant in thinner films.60 This effect varies the electron mobility 

between μH = 5.7 and 14 cm2 V-1 s-1 for SnO2:Ta films deposited here 

via APCVD. Similar thicknesses of SnO2:Ta films deposited by A. Klein 

et al. using RF magnetron sputtering (RFMS) achieved similar mobilities 

around μH = 6 cm2 V-1 s-1.110 Much thicker films (d ≈ 800 nm) grown by 

Turgut et al. using chemical spray methods had mobilities in the region 

of 20-25 cm2 V-1 s-1,94 while Chen et al. were able to deposit films of 

comparable thickness to those studied here (d ≈ 200 nm) but via low-

pressure CVD at much slower growth rates (~3 vs. ~50 nm min-1 here) 

with mobilities also around 25 cm2 V-1 s-1.117 This appears to be an 
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approximate limit to electron mobility in polycrystalline Ta-doped SnO2 

films deposited on bare glass.  

One thing in common between the two studies with  

μH ≈ 25 cm2 V-1 s-1 is the presence of proton sources during deposition; 

in the case of Turgut et al., this came from ethanol and hydrochloric acid 

in the spray solution,94 while for Chen et al., ample organic H was 

available from the Sn(IV) butoxide and Ta(V) ethoxide precursors.117 In 

Chapter II, the effect of hydrogen passivation on the effects of grain 

boundary scattering was discussed, with reference to a more detailed 

discussion by A. Klein et al..38 It is becoming increasingly evident that H 

codoping is the key to high electron mobility in polycrystalline films, and 

the reduction of the inter-grain potential barrier seems the most 

convincing argument for this. Meanwhile, the absence of H in APCVD 

depositions of SnO2:Ta here and RFMS elsewhere may have resulted in 

consistently lower carrier mobility. 

One of the highest electron mobilities observed for Ta-doped 

SnO2 films was deposited by Nakao et al.,118 who used RF magnetron 

sputtering on anatase TiO2-seeded glass, with μH = 83 cm2 V-1 s-1 at  

1 at% Ta doping. This was achieved for rather thin films with  

d = 110 ± 20 nm. The influence of seed layers on SnO2:Ta growth was 

also observed independently by Toyosaki et al..119 Since such high 

electron mobility has only been achievable when using seed layers, this 

may be a fruitful direction for future development of these materials. 
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 Results: Industrial-Scale Dynamic Atmospheric Pressure 

Chemical Vapour Deposition of Tantalum-Doped Tin(IV) Oxide Films 

2.5.1. Optimisation of Deposition Conditions 

Due to the issues of thermal cyclability and problematic mass flow 

control seen in tantalum(V) chlorides and ethoxides during the 

laboratory-scale APCVD in Section 2.4.5 (and indeed during initial 

industrial trials, though not detailed here), the more thermally volatile and 

robust tantalum(V) fluoride was instead trialled for industrial-scale 

SnO2:Ta deposition. This enabled multiple cycles of heating and cooling 

the dopant bubbler without needing to replenish the precursor material. 

Monobutyltin trichloride (MBTC), ethyl acetate (EA) and oxygen were 

used to provide the SnO2 host, these precursors having already been 

optimised for industrial coatings. All coatings were deposited at a 

substrate temperature of 600°C, using a total carrier and diluent flow rate 

of 24 L min-1. MBTC was introduced to an evaporator by syringe using 

an automated syringe driver. Ethyl acetate was injected into a separate 

evaporator. Oxygen gas was flowed at a constant rate of 1.5 L min-1. The 

quantity of Ta deposited was varied by altering the TaF5 bubbler 

temperature between 76 and 110°C, and its flow rate between 0.1 and 

1.0 L min-1. A heat plot showing the relationship between the TaF5 

bubbler temperature, flow rate and the quantity of Ta incorporated as a 

percentage of Sn in the SnO2 films as determined by energy-dispersive 

X-ray spectroscopy (EDS) is given in Figure 3.17. All films were ca.  

50 nm thick and had sheet resistances varying strongly between 210 and 

12 000 Ω/□ (ρ ~ 10-3-10-2 Ω cm) with varying Ta content.  
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Figure 3.17 Relationship between TaF5 temperature and flow rate on quantity of Ta incorporated 

into SnO2 films as determined by EDS, within the experimental parameter space explored and 
with all other key variables held constant. Data are summarised in Table S 9. 

EDS was used in order to determine the bulk Ta quantity in the 

films using an electron beam voltage of 20 kV. At this voltage EDS 

probes depths up to ca. 3 μm. Given that the films were very thin  

(ca. 50 nm), there was a strong contribution to the signal from the glass 

substrate (note the intense Ca peak). Voltages lower than 20 kV 

however failed to resolve the Ta peaks between 8 and 10 keV as seen 

in Figure 3.18. As such, the Ta signal in samples containing the lowest 

doping levels (< 2 at%) was difficult to discern from the background 

signal and thus could not be quantified. These samples are therefore 

given as containing 1 ± 1 at% Ta:(Ta+Sn) in the following figures. 
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Figure 3.18 Example of a typical energy-dispersive X-ray spectrum used in the determination of 
Ta doping quantity. 

2.5.2. X-Ray Photoelectron Spectroscopy 

Surface X-ray photoelectron spectra (XPS, Al Kα) were initially 

obtained to ascertain the ratio of Ta to Sn and to characterise impurities 

within the films by scanning the C 1s, Cl 2p, F 1s, O 1s, Sn 3d, Ta 4d, 

Ta 4f and valence band binding energy regions. Survey scans revealed 

no other impurities in the films. The films were cleaned using a low 

energy Ar+ ion beam under high vacuum immediately prior to analysis in 

order to remove surface contamination. For the amorphous Sn1-xTaxOy 

ternary alloy, surface XPS agreed strongly with EDS, with xXPS = 0.62 

and xEDS = 0.63 respectively. However, for all smaller Ta concentrations 

corresponding instead to Ta-doped SnO2 binary phases  

(xEDS = 0.00 – 0.21), surface XPS detected much smaller Ta 

concentrations than EDS (xXPS = 0.00 – 0.059). Depth profiling by 

sputter-etching with an Ar+ ion beam at higher energy (3000 eV) was 

carried out on one sample to assess the vertical distribution of species 

throughout the film, which is shown in Figure 3.19. It was revealed that 

Ta was localised in the bulk of the SnO2 films, indicating a preference for 

incorporation into the SnO2 matrix over secondary phase formation. This 

indicates firstly a low formation energy of TaSn doping, and secondly that 
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minimal grain-boundary scattering can be expected to arise from 

physical obstruction of charge carriers by Ta2O5 or Ta-rich SnO2 zones 

between SnO2:Ta grains. Figure 3.19 also suggests that further etching 

would be necessary to elucidate the complete distribution of Ta 

throughout the film, since it is clear that the entire thickness of the film 

had not been not probed. The Ta:(Ta+Sn) ratio increased linearly with 

etching from 0.04 at% at the surface to 1.0 at% at the deepest level 

probed. It appears that Ta incorporation is concurrent with deposition of 

F impurities, which might be expected to result in co-doping, due to the 

fact that both TaSn and FO are known shallow n-type donor defects in 

SnO2. Also evident is an impurity level of Cl, most likely originating from 

the MBTC. This is supported by the observation that the concentration 

of ClO is independent of depth (and therefore unlikely to originate from 

impurities in the TaF5). Substitutional ClO has a higher formation energy 

than FO in SnO2 and is therefore a less potent dopant. It may therefore 

be reasonably expected that a higher carrier density will occur in 

SnO2:Ta films grown from TaF5 compared with TaCl5. The apparent high 

concentration of C contamination is most likely originating from grease 

contamination in the XPS ambient rather than from the film, since these 

were highly transparent and colourless SnO2:Ta films.  
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(a) 

 
(b) 

 
Figure 3.19 (a) X-ray photoelectron depth profiling by Ar+ beam etching of a Ta-doped SnO2 

film. (b) A close-up of the same plot for dopant and impurity inspection. Sample 23: T(TaF5) = 

85°C, Flow(TaF5) = 0.5 L min-1. Data are summarised in Table S 13. 
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An example surface valence band XPS spectrum is shown in 

Figure 3.20(a). Since the point at zero binding energy corresponds to 

the Fermi level in the sample, fitting the position of the valence band 

edge using linear extrapolation as shown assists with understanding the 

nature of doping and the band gap shift. In general, samples with higher 

TaF5 bubbler temperatures or flow rates (i.e. overall increased Ta 

loading) exhibited greater separation of the valence band maximum 

(VBM) from the Fermi level (EF), taken to be at EF = 0 eV. Undoped SnO2 

had EF-EVBM = 2.47 eV, which rose with increasing Ta doping to 3.89 eV. 

The trend is illustrated in Figure 3.20(b). The trend was not linear, and 

may be considered to occur in three stages: firstly, conduction band 

filling under donor doping raises EF with respect to the VBM and widens 

the band gap according to the Moss-Burstein principle.15 Secondly, over-

doping slows the rise in EF due to the increasing occurrence of acceptor 

defects, which reduce the electron density.106 Finally, heavy doping 

moves the stoichiometry into an alloying regime, in which the wider band 

gap of Ta2O5 with respect to SnO2 drives an increase in the band gap of 

Sn1-xTaxOy, raising EF with it. Meanwhile, the subgap defect level 

apparent above the VBM arises from intrinsic disorder in the 

substoichiometric SnO2 lattice, owing to Sn-Sn interactions.120 
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(a) 

 
(b) 

 
 

Figure 3.20 (a) Example of determination of valence band position relative to Fermi level and 
(b) shift of the Fermi level with respect to the valence band maximum with increasing Ta doping 

in SnO2. The tantalum(V) fluoride in all samples here was held at 100 ± 1°C. Data are 

summarised in Table S 14. 
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2.5.3. Film Thickness Determination 

Film thicknesses for Ta-doped SnO2 were determined optically by 

the Swanepoel method using a Filmetrics benchtop thin film 

measurement instrument, an example of which for a 292 nm-thick film of 

SnO2:Ta is shown in Figure 3.21. By this method, the specular 

reflectance profile is taken which is fitted to an optical model (also known 

as the ‘envelope method’99). Here, the model (containing refractive index 

n and extinction coefficient κ) for F-doped SnO2 was used for the fitting. 

Only thickness values where a goodness-of-fit of greater than 95 % were 

taken. Since the modelling was carried out automatically within the 

Filmetrics software, further discussion of this method can be found 

elsewhere in the publication by Swanepoel.100 

 
Figure 3.21 Thickness determination for SnO2:Ta thin films by fitting measured specular 

reflectance (blue line) to the Swanepoel model (red line). The film shown had a determined 

thickness of 292 nm. 

It is shown in Figure 3.22(a) that there was little correlation 

between film thickness and doping quantity, in contrast to deposition 

from chlorides and ethoxides of tantalum(V) (refer to Section 2.4.5). All 

thicknesses measured by this method fell within the range 54 ± 7 nm. In 

contrast, thicknesses alternatively measured by etching the SnO2 with 

Zn powder and dilute HCl, followed by DekTak profilometry as shown in 
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Figure 3.22(b), appeared to decrease linearly with increasing Ta 

content; in the laboratory this was observed to be due to increasing 

difficulty in wet-etching films with high Ta content by the Zn powder and 

HCl method. Thicknesses determined by the Swanepoel method appear 

to have been consistent as well as being quick and convenient, and 

hence were used throughout this work. It is worth noting that the difficulty 

in wet-etching SnO2 films with Ta content will be a likely challenge in the 

eventual incorporation of these materials as electrodes in optoelectronic 

devices. 

(a) (b) 

  
Figure 3.22 Thicknesses of Ta-doped SnO2 films as measured using (a) the Swanepoel method 

(Filmetrics) and (b) the DekTak profilometry method. Data are summarised in Table S 9. 

2.5.4. X-Ray Diffractometry 

The films were annealed in air for 1 h at 580°C in a muffle furnace 

in order to observe via X-ray diffractometry (XRD) whether Ta2O5 

occurred as a secondary phase, due to the observation in pure tantala 

films that these will crystallise under the same conditions (shown as  

x = 1.0 in Figure 3.23). In all cases, there was apparently no build-up of 

a crystalline tantala phase in any of the TTO samples, as shown in 

Figure 3.23. As such these films can be considered to be homogeneous 

with respect to crystallographic phase. 
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Figure 3.23 X-ray diffractometry of Sn1-xTaxOy films annealed in air at 580 C for 1 h. In all cases 

only the SnO2 rutile phase is evident, with a Ta2O5 film shown at x = 1.0 for comparison. Derived 
unit cell information is summarised in Table S 15. 

Unit cell information was obtained from XRD data using Le Bail 

refinement in GSAS,98 an example of which is shown in Figure 3.24. In 

all cases the goodness-of-fit parameter was χ& < 1.5 . Increased Ta 

doping resulted in a slight apparent dilation in the a and b parameters, 

accompanying a similar trend in the cell volume, which reached a 

maximum at ca. 5 at% Ta:(Ta+Sn). The c parameter meanwhile did not 

appear to change significantly. 
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Figure 3.24 Example of X-ray diffraction pattern of Ta-doped SnO2 (sample S5) fitted using Le 

Bail refinement with χ2 < 1.5. 

(a) (b) 

  
(c) (d) 

  
Figure 3.25 Le Bail refinement of Ta-doped SnO2 XRD patterns from the deposition of MBTC 
with TaF5. Values are summarised in Table S 15. 
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2.5.5. Hall Effect Electrical Characterisation 

Hall effect measurements were carried out to determine the effect 

of doping on the electrical resistivity, charge carrier density and charge 

carrier mobility. These are shown in Figure 3.26(a), (b) and (c) 

respectively. It is apparent that doping effected an initial twofold 

decrease in resistivity from 3.45 × 10-3 Ω cm to 1.56 × 10-3 Ω cm followed 

by a gradual climb, a typical mechanism for TCO doping. Also typical is 

the initial increase in carrier density up to ca. 4 at% doping, followed by 

a decrease as acceptor defects (e.g. [Tai(VO)2]′, Oi′′, Fi′′, [VSnVO]′′, etc.) 

begin to compensate the donors.  

However, an important observation is to be made of the mobility, 

which decreases concomitantly with increased doping. While it is rational 

that increasing the dopant density increases the density of ionised 

defects which serve to scatter propagating electrons, the usual pattern 

for transition metal doping (and indeed the reason for its recent 

popularity) is an initial increase in mobility at low doping levels,36,65 which 

is not observed here. This is usually due to the transition metal donor 

level (of 5d character in the case of Ta) lying above the conduction band 

minimum (CBM) in energy, thus limiting hybridisation with CBM orbitals 

(Sn5s here) between the dopant and host matrix which serves to limit 

mobility in traditional TCOs such as SnO2:F (FTO), SnO2:Sb (ATO), 

In2O3:Sn (ITO) and ZnO:Al (AZO) etc..36 This suggests that the F 

impurity may be dominating the doping behaviour in these samples 

rather than Ta.  
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(a) (b) 

  
(c) 

 
Figure 3.26 Hall effect measurements of Ta-doped SnO2 films synthesised from MBTC and 

TaF5, showing (a) resistivity, (b) carrier density and (c) carrier mobility as a function of dopant 

quantity as determined by EDS. The open square in each plot represents undoped SnO2. The 
continual reduction in mobility suggests hybridisation with the CBM i.e. F-doping is the dominant 

mechanism. Data are summarised in Table S 9. 
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SnO2 with the composition given in Figure 3.19, by immersing the 

sample in liquid nitrogen then taking measurements as it returned to 

room temperature. There was a clear trend of decreasing resistivity with 

rising temperature, typical behaviour for a semiconductor, as shown in 

Figure 3.27(a). This outcome indicates a shallow dopant donor level 

below the CBM, since a deep donor would not be influenced strongly by 

low-temperature thermal fluctuations due to its separation from the CBM 

being significantly greater than kT. On the other hand, a donor level 

above the CBM (as predicted for TaSn) would not depend on energetic 

excitation for carrier injection into the CB, and an increase in temperature 

would result in a higher degree of phonon scattering of electrons and 

therefore a higher resistivity (as is also the case for non-oxide metals).  

(a) (b) 

  
Figure 3.27 Temperature-variable Hall effect measurements on Ta-doped SnO2 deposited from 

MBTC and TaF5, showing effect of sample temperature on its (a) electrical resistivity ⍴, and (b) 

electron mobility μ and electron density n. Data are summarised in Table S 16.	

It is also important to note that the electron mobility μ shown in 

Figure 3.27(b) was directly linked to the carrier density n, such that a 

higher n yielded a reduced μ. This indicates firstly that grain boundary 

scattering was not the dominant scattering mechanism contributing to 

the electron mobility, since a rising n would yield an increased μ as the 

Fermi level rises to overcome the inter-grain boundary potential. This 
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effect was discussed in more detail in Chapter II. It is more likely that, 

since the thermal ionisation of FO at low temperature appears to be 

injecting charge carriers into the conduction band, the residual ionised 

donor sites are acting as scattering centres. This effect is normally 

referred to as ionised impurity scattering (IIS) and looks to be the 

dominant scattering mechanism present here. Since IIS would be 

expected to be minimal in the case of Ta-doping (as it is for other 

transition metal dopants, again see Chapter II), this is further evidence 

that FO is the dominant donor dopant in these. However, the coexistence 

of TaSn cannot be ruled out from this measurement alone. 

2.5.6. Thermal Stability of Films 

In order to further assess whether Ta or F doping is dominating in 

this system, an annealing study was carried out as shown in Figure 3.28. 

In this study, a Ta-doped SnO2 sample was heated in air in a muffle 

furnace to 580 °C at a rate of 5 K min-1, then held at that temperature for 

a period of 1 h before being cooled to room temperature at the same 

rate. XPS Ar+ ion sputter-etch depth profiling was carried out on as-

deposited and annealed samples of film for comparison. The peak areas 

were modelled and corrected to give atomic abundances of F and Ta 

species as a function of etching time as shown in Figure 3.28(a) and (b) 

respectively. It is evident that F retained its distribution throughout the 

film during the annealing process, with apparently no change occurring 

between the as-deposited and annealed samples. In contrast, Ta in the 

film appears to have partially migrated from the bulk toward the surface 

during annealing. In order for Ta doping to be effective, substitutional Ta 

in a rutile SnO2 lattice should occupy an octahedrally-coordinated Sn 

site. In such an instance, the energy required to break six Ta-O bonds 

and migrate away from the vacant site is such that migration of 

substitutional TaSn is probably strongly thermodynamically unfavourable. 
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Therefore, it must be concluded that while the F is firmly substituted at 

O lattice sites, the Ta exists in some metastable state in the lattice such 

as occupying interstitial voids. Since the efficacy of Ta doping in SnO2 

has been observed previously,94 it is likely that the strong presence of F 

in the lattice when depositing from TaF5 is making TaSn formation 

thermodynamically unfavourable, such that the formation energy of FO 

is lower and occurs preferentially. 

(a) 

 
(b) 

 
Figure 3.28 Annealing study to observe lability of (a) F and (b) Ta dopants originating from TaF5 

dopant source. The vertical distribution of Ta and F were determined by XPS using an Ar+ 
sputter-etch depth profile. It is evident that Ta is mobile through the SnO2 film upon heating, while 

F is stable. Data are summarised in Table S 17. 
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 Conclusions 

Atmospheric-pressure chemical vapour deposition has been 

utilised to prepare a range of thin films of Ta-doped SnO2 containing 

various quantities of Ta, first using a lab-scale static coater, followed by 

a range of depositions on a larger industrial ‘dynamic’ coater. While 

tetrabutyltin and TaCl5 were used as Sn and Ta precursors at small 

scale, a relatively low growth rate of SnO2 from the former and apparent 

poor thermal stability of the latter led to monobutyltin trichloride and TaF5 

being used on the larger scale. In doing so, the potential for Ta-doped 

SnO2 deposition on an industrial scale was demonstrated for the first 

time. Ta was shown to be an effective donor dopant, substituting Sn sites 

to liberate free electrons for electrical conduction. This was 

demonstrable using a combination of elemental characterisation, 

whereby the Ta to Sn ratio could be quantified, and Hall effect 

measurements, which revealed that electron densities varied as a 

function of Ta doping. While TaF5 was the most thermally stable and 

therefore most useful Ta precursor APCVD when compared with TaCl5 

and Ta(OEt)5, further investigation is required to eliminate the co-

deposition of F, which was shown to dominate the doping behaviour in 

SnO2 deposited from TaF5. While an approximately twofold reduction in 

the electrical resistivity of SnO2 could bring it within a practically useful 

range of around 10-3 Ω cm by Ta-doping, there remains room for 

improvement by further development and optimisation. It was shown that 

electron mobility in SnO2:Ta deposited via the APCVD syntheses 

present was significantly lower when compared with studies performed 

elsewhere in the presence of (i) a hydrogen/proton source, and (ii) 

polycrystalline (anatase TiO2) seed layers. Therefore, these were 

identified as likely future directions for the APCVD of SnO2:Ta. 
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Chapter IV: Wide Band Gap Semiconducting GaSbO4 – Exploring 

the Phase Space for Indium-Free Ternary Transparent 

Optoelectronics  

 Introduction 

As discussed in the previous chapters, the replacement of indium-

based materials for optoelectronic applications has been met with 

challenges regarding optical band gap,3 deposition scalability,121 

dopability35 and toxicity,122 to name just a few. The advent of ternary ionic 

oxides in recent years has arisen due to the ease with which they can 

be deposited in an amorphous state at low deposition temperatures, 

streamlining their adoption into commercial optoelectronic devices. The 

most conspicuous example of this is the use of amorphous In-Ga-Zn 

oxides (IGZOs) in thin film transistor (TFT) devices for information 

display technology.6 These have seen widespread adoption across the 

industry in a relatively short period of time due to their ease of deposition 

and low leakage currents. In general, transparent amorphous oxide 

semiconductors (TAOSs) are also the only materials of their kind suitable 

for application in flexible optoelectronic devices.123 One of the great 

benefits of multi-component oxides is the tunability granted by the 

numerous stoichiometric axes; for instance, by varying the In, Ga, Zn or 

O content of the material, one can tune the electron affinity, ionisation 

potential, work function, band gap, optical transparency, electron 

mobility, charge carrier density, dielectric function and refractive index to 

suit the desired application.6  

Likewise, while the thermodynamic driving force is overwhelming 

in the case of many binary ionic oxides to obtain the crystalline phase 
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(e.g. SnO2, In2O3, CdO, ZnO), the greatly increased entropy in multi-

component oxides means these are much more stable in their 

amorphous state, while deposition conditions and post-deposition 

treatments can yield varying degrees of disorder from amorphous to high 

crystallinity.3 To take IGZOs as an example again, amorphous films in 

optoelectronic device stacks lack grain boundaries, enabling high 

mobilities in some cases as well as eliminating grain boundary-localised 

defects and nonstoichiometry which would otherwise result in leakage 

current and inhomogeneity.6,123 In the case of Co2ZnO4, this can also be 

used in TFTs in its amorphous form, or as a self-doped p-type 

semiconductor in its crystalline form in photovoltaics.22 Again, variation 

of the stoichiometry and the degree of disorder in Co2ZnO4 enables 

control over the degree of self-doping due to antisite occupation by the 

richer cation, leading to p-type doping in the Zn-rich extreme and intrinsic 

semiconductivity in the other. 

It was discussed in Chapter I that the conduction band in the 

oxides of much of the post-transition metal block is composed primarily 

of cation ns states. The spherical nature of the orbitals and their spatial 

overlap with neighbouring cation sites facilitates isotropic electron 

conduction and low electron effective masses in all directions through 

the lattice. The high electron mobility in IGZOs can be attributed to a 

similar effect; in principle, any mixture of the post-transition metal oxides 

can be made with the expectation of conduction isotropy. The flexibility 

of this principle was laid out by Medvedeva, who showed that the 

electron effective mass m* in layered mixed metal oxides XY2O4 (X = In 

or Sc, Y = Ga, Zn, Al, Cd and/or Mg) was simply an arithmetic average 

of the m* of the oxides of the constituent metals.124 Even metal oxide 

mixtures such as Sc2O3 with In2O3, which have dramatically different 

band gaps and s-orbital energies, were found to be well-mixed near the 
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CBM. Medvedeva argues that vacant cation ns orbitals have spherical 

symmetry and therefore their oxygen coordination number is not 

significant in determining effective mass isotropy, however due to the 

considerable contribution to the CB from vacant O2p antibonding 

orbitals, octahedral coordination of O to cations in the lattice has a far 

greater effect on effective mass isotropy than the coordination of cations 

to O. Supporting this argument, Medvedeva cites cubic TCOs such as 

CdO, in which O is octahedrally coordinated and the conduction band is 

virtually fully isotropic. In contrast are those TCOs with lower O 

coordination such as hexagonal ZnO containing tetrahedral O, and 

monoclinic β-Ga2O3 containing both distorted tetrahedral and trigonal O, 

in which m* varies anisotropically by 15 and 9% respectively.124 In rutile 

SnO2, direct Sn-Sn overlap is only possible in the [001] direction; the 

effective mass in that direction is predictably small at m*� = 0.234 m0, 

however while remaining low in the perpendicular at m*⟂ = 0.299 m0, the 

difference between these supports the argument that the antibonding 

O2p contribution to the CBM dispersion is significant,125 while the 

trigonal coordination of O in rutile gives rise to anisotropy in m*. 

While it has been shown in Chapters II & III that doping is 

essential for the introduction of charge carriers into a TCO host, the 

segregation of InGaZnO4 into InGaO2.5 and ZnO1.5 layers in the spinel 

structure means that one would expect doping by aliovalent cation 

species to result in preferential incorporation into one layer or the other. 

This would be expected to result in anisotropic electrical behaviour, 

where electrons are preferentially injected from a doped layer, then 

transported along relatively dopant-free pathways in the other.124 While 

this may hold promise for high-mobility behaviour where ionised impurity 

scattering is minimised in the presence of high dopant densities, the 

implicit directionality of this behaviour is likely to cause complications 
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with their deposition and their implementation into devices. Instead, a 

well-mixed or random composition may be preferable for TCO 

applications in order to remove orientation as an influencing factor for 

electrical performance. 

Transparent semiconducting oxides containing multiple metal 

cation species have been a highly active field of research in recent years, 

yielding a large number of spinel XY2O4 and cubic perovskite ABO3  

(A = La, Ba, Sr; B = Sn, Ti) materials. However, the spinels have issues 

of doping anisotropy, while the perovskites have prohibitively high 

growth temperatures for most device fabrication processes and are 

resistant to doping,121,126,127 therefore alternatives must be sought. This 

need is particularly pressing due to the growing need for high-mobility 

oxide  semiconductors highlighted by Kamiya et al. (shown in Figure 

4.1), who identified that the OLED market is increasingly demanding 

higher-mobility TFT materials as pixel density rises. 

 
Figure 4.1 High mobility amorphous semiconductors needed for OLEDS as demand for greater 

pixel density rises. Reproduced from Kamiya et al..6 
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While Ga2O3 and Sb2O5 have comparably low and isotropic 

effective masses to In2O3,24 these have so far proven poor TCO 

materials. As illustrated in Figure 4.2, Ga2O3 has a very wide band gap 

(Eg ≈ 4.7 eV) and relatively small electron affinity (EA ≈ 3.5 eV), such 

that n-type doping and raising the Fermi level near to the conduction 

band minimum proves difficult.123 Hosono claimed that EA > 4 eV is 

necessary for a metal oxide to be readily doped with electron donors.123 

On the other hand, Sb2O5 has a much deeper electron affinity at ca.  

5.12 eV making it readily n-type dopable.128 It has more covalent bond 

character than its neighbouring d10 metal oxides such that electron 

propagation is more acutely sensitive to orbital directionality.123,129 

Meanwhile, its small optical band gap of ca. 3 eV makes Sb2O5 yellow- 

or red-coloured and therefore not suitable for classification as a TCO. By 

alloying the two, the possibility can be explored of tuning the EA and Eg 

between the two extremes to provide a previously unreported TCO host 

material, as sketched in Figure 4.2.  

 
Figure 4.2 Electronic band alignment of Ga2xSb2-2xO4 from mixing the binary constituents, where 
EA is the electron affinity, and Eg is the band gap. 

GaSbO4 has been reported only a handful of times over a period 

spanning several decades130–135 and has largely been investigated as 
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an ammoxidation catalyst.134 However, the random occupation of cation 

sites in its rutile structure by Ga3+ and Sb5+, as shown in Figure 4.3, may 

spark new interest in its use as a ternary TCO or TAOS. Ternary TCOs 

have long been studied, however none has found widespread 

adoption.66  

(a) 

 
(b) 

 
(c) 

 
Figure 4.3 Unit cell of rutile GaSbO4, with (a) perspective, (b) a, b and (c) c-axis views. Ga/Sb 
cation site is shown by orange/green spheres at the centre of MO6 octahedra. Trigonal O atoms 

are shown as red spheres at the vertices of the octahedra. 
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Previous work has identified that the ternary oxide GaSbO4 

crystallises in the rutile structure and has already demonstrated 

photocatalytic behaviour,132 selectivity in the ammoxidation of 

propane,134 a wide optical band gap,132,136 with the expectation of low 

electron effective mass due to the spherical overlap of orbitals in the ns-

derived CBM and screening of the nuclear charge in Ga- and Sb- based 

oxides amongst other metal oxides with configurations of (n-1)d10ns0np0, 

as sketched in Figure 4.424  

 
Figure 4.4 Schematic illustrating expected electron pathways arising from the overlapping ns-
derived conduction band minimum in Ga2xSb2-2xO4. 

In addition, preliminary free-energy calculations have long 

indicated the stability of a ternary GaSbO4 phase (see Figure 4.5),137 

while more recent work has successfully carried out syntheses of the 

material.132,136 Though it remains one of the lesser-investigated ternary 

MSbO4 compounds, recent developments in computational screening of 

novel materials for optoelectronic applications has effected a resurfacing 

of many previously neglected materials with a new lease of 

understanding.32,65 In this work both the amorphous and polycrystalline 

Ga2xSb2-2xO4 materials are deposited, demonstrating that the optical and 

electronic properties are readily tuned by variation of the stoichiometry, 
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while opening up the possibility of its adoption as low-leakage current 

TFT active layer or as a self-doping TCO. 

 

 

Figure 4.5 Ternary phase diagram of GaSbO4 system, dashed lines indicate regions predicted 

in preliminary free-energy calculations but not empirically demonstrated at time of publishing. 

Reproduced from Schwartz et al. 1980.137 

 Experimental 

3.2.1. Materials 

Gallium antimonate (Ga2xSb2-2xO4) thin films were grown on glass 

substrates via atmospheric-pressure chemical vapour deposition from 

gallium(III) chloride and antimony(V) chloride in the presence of ethyl 

acetate vapour. The substrates were cut manually to 45 × 100 × 4 mm 

and were provided by Pilkington NSG Ltd.. The substrates featured a 

silica barrier layer (ca. 25 nm) to prevent unwanted diffusion of ions 

between the glass and the thin film. Anhydrous gallium(III) chloride 

beads and antimony(V) chloride (99.99+ metals basis) were obtained 

from Sigma Aldrich Company Ltd. and loaded using a glovebox into 

bubblers ready for deposition. Ethyl acetate was obtained from Fisher 
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Scientific Ltd.. Nitrogen (N2, oxygen-free, 99.99%) and zero-grade argon 

(>99.999%) cylinders were obtained from BOC. 

3.2.2. Atmospheric-Pressure Chemical Vapour Deposition 

The reactor design, the same used in Chapter III as shown in 

Figure 3.2, features three heavy brass bubblers to which heating jackets 

and thermocouples are affixed, in which precursors could be loaded for 

vaporisation and deposition. Heating tapes and thermocouples were 

also applied to piping (stainless steel, ¼” O.D.) connecting each bubbler 

to the gas source at one end, and a mixing chamber at the other. Flow 

from the gas cylinders was controlled for each bubbler line independently 

using flowmeters provided by MPB Industries Ltd., while the temperature 

of each line and bubbler was controlled by a set of Eurotherm 

temperature controllers. Gas flow into and bypassing the bubblers was 

controlled using a set of three valves for each, including a bubbler inlet, 

outlet and bypass valve. Mixed vapour from the mixing chamber was 

passed through another valve which controlled the direction of chemical 

vapour either towards the reactor or direct to exhaust. En route to the 

reactor from the mixing chamber, the chemical vapour passes through a 

brass baffle manifold and through to the heated substrate. The glass 

substrates were positioned atop a carbon block heated by a Whatman 

heating cartridge and regulated by a pair of thermocouples, one of which 

monitored the ramping temperature while the other was a control used 

to prevent overheating. Supported parallel and 8 mm above the 

substrate was a steel plate used to assist with laminar flow of the 

incoming precursor vapour mixture. The carbon block, substrate and 

steel plate assembly were enclosed within a quartz tube. Exhaust exited 

the reactor through an opening at the far end. 

At the beginning of each day of depositions, lines were dried for 

ca. 30 min under heating to 100°C with a steady flow of the carrier gas 
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(ca. 200 cm3 min-1 per line). Once lines were dried, precursor bubblers 

were each flushed with the carrier gas (argon or nitrogen) at 1000 cm3 

min-1 for ca. 60 s. Lines and bubblers containing liquid precursors (i.e. 

ethyl acetate and antimony(V) chloride) were then ramped to 

temperatures ready for deposition while substrates were prepared for 

loading. Each glass substrate was cleaned under fast-flowing water, 

then rinsed using isopropyl alcohol followed by acetone. The dried 

substrate was then positioned within the reactor and ramped to its set 

temperature (typically 450-600°C) at a rate of 45 K min-1. Once the set 

temperature of these had been reached, solid precursors (i.e. GaCl3) 

began to be heated to their set temperatures using a separate Eurotherm 

heating controller with dual internal and external thermocouples on the 

bubbler enabling smarter control over ramp rate (10 K min-1) and 

overshoot prevention. This step was left until last to prevent premature 

sublimation of the hot solids, where condensation at cooler points within 

the sealed bubbler region such as bends and valves would have caused 

blockages and loss of useable precursor material. Deposition was 

commenced by opening the valves out of and into the bubblers and 

closing the bypass valves, forcing the carrier gas through the hot 

precursor material. The time between closing and reopening the bypass 

valves was taken as the deposition duration (180 s). The coated 

substrate was cooled under a reduced flow of the inert carrier until its 

temperature had reached below 100°C, at which point it was removed 

from the reactor and handled in air. 

3.2.3. Characterisation 

X-ray diffractometry was conducted at glancing angle (θ = 1.0°) in 

air using a Bruker D8 Discover diffractometer scanning the range  

2θ = 10-66° with monochromatic Cu Kα1 and Kα2 radiation (1.54056 and 

1.54439 Å respectively) under voltage 40 kV and current 40 mA.  
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X-ray photoelectron spectroscopy was conducted using a Thermo 

Scientific K-alpha spectrometer with monochromated Al Kα radiation 

(1486.68 eV), a dual-beam charge compensation system and a constant 

pass energy of 50 eV with spot size 400 μm. Survey scans were 

collected for the binding energy range 0–1200 eV. Data was calibrated 

against C1s (284.5 eV) and fitted using CASA XPS software.  

UV-visible spectra were taken using a Perkin Elmer Lambda 950 

UV/Vis/NIR Spectrophotometer in either transmission or reflection 

geometries, where appropriate. A Labsphere reflectance standard was 

used as a reference.  

Scanning electron microscopy was conducted on a JEOL 6700F 

SEM using an acceleration voltage of 20 kV, with an attached Oxford 

Instruments INCA Energy EDXA system operated at 15 kV.  

Hall effect measurements were taken using the Van der Pauw 

four-point probe configuration at room temperature to measure the 

resistivity of the films, their free charge carrier concentrations and 

mobilities. Measurements were performed using an Ecopia HMS-3000 

instrument with a 0.58 T permanent magnet and a current of 1 mA, using 

square-cut coupons (ca. 1 × 1 cm) of the deposited films.  

 Results 

3.3.1. Deposition of Gallium Antimonates 

Gallium antimonate (Ga2xSb2-2xO4) transparent thin films were 

grown on silica-coated barrier glass substrates via atmospheric-

pressure chemical vapour deposition from gallium(III) chloride and 

antimony(V) chloride in the presence of ethyl acetate vapour. A set of 

films were deposited with a controllable range of cation stoichiometries, 
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as determined using energy-dispersive X-ray spectroscopy (EDX), an 

example spectrum of which is shown in Figure 4.7. Experimental 

variables used in the deposition of samples are summarised in Table 

4.1. Some samples were annealed to obtain the crystalline phase. A 

photograph of a transparent crystalline GaSbO4 thin film deposited here 

on glass is shown in Figure 4.6.  

 

Figure 4.6 Photograph depicting transparency and colourlessness of 90 nm-thick crystalline 

rutile GaSbO4 film on glass substrate. 

 
Figure 4.7 Typical EDS spectrum for a Ga2xSb2-2xO4 thin film, as used in determining cation 

stoichiometries. Signals arising from the glass substrate are denoted by (*). 
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Table 4.1 Conditions used in the atmospheric-pressure chemical vapour deposition of Ga2xSb2-2xO4 thin films. 

 T /°C Carrier Flow /L min-1 t /min 

Formula Reactor [Ga] [Sb] [O] Line 
1 

Line 
2 

Line 
3 

Plain 
line 

 [Ga] [Sb] [O] Plain 
line 

 

Sb2O5 450 - 80 40 200 100 100 =L1 N2 2.0 1.0 0.2 2.0 3 

Ga0.4Sb1.6O4 450 100 90 40 150 100 100 =L1 Ar 1.0 2.0 0.2 3.0 3 

Ga0.5Sb1.5O4 450 120 90 40 150 100 100 =L1 Ar 2.0 1.0 0.2 3.0 3 

(on quartz) 
Ga0.6Sb1.4O4 

450 120 80 40 200 100 100 =L1 Ar 0.5 1.0 0.2 3.5 3 

Ga0.7Sb1.3O4 450 120 90 40 150 100 100 =L1 Ar 1.0 2.0 0.2 5.0 3 

Ga0.8Sb1.2O4 450 - 80 40 200 100 100 =L1 Ar 2.0 1.0 0.2 2.0 3 

Ga1.2Sb0.8O4 450 120 80 40 200 100 100 =L1 Ar 1.0 0.5 0.2 3.5 3 

Ga1.4Sb0.6O4 600 120 80 40 200 100 100 =L1 Ar 1.0 0.5 0.2 3.5 3 

Ga1.7Sb0.3O4 600 120 80 40 200 100 100 =L1 Ar 1.5 0.5 0.2 3.0 3 

Ga2O3 450 120 - 40 200 100 100 =L1 N2 0.5 1.0 0.2 3.5 3 
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3.3.2. X-Ray Diffractometry 

While varying the deposition temperature from 450 to 600 °C 

effected little evident change in the crystallinity of the film deposited, 

which were always amorphous as-deposited, muffle furnace annealing 

of the films (having been deposited at 450 °C) in air at 580 and 900 °C 

for 2 h and 6 h respectively yielded in both cases the rutile ternary  

Ga2xSb2-2xO4 phase, with a notable absence of any secondary Ga2O3 or 

Sb2O3-5 phases. Figure 4.8 shows X-ray diffraction patterns of films with 

1:1 stoichiometries of Ga:Sb (x ≈ 0.5), as-deposited and in the annealed 

state.  

 
Figure 4.8 X-ray diffraction patterns of stoichiometric GaSbO4 films, either as-deposited at 450 

or 600 °C, or deposited at 450 °C and having been annealed at the temperatures and durations 

shown. The known powder XRD pattern of GaSbO4 (ICSD108962) is shown for comparison. 
Peak positions are summarised in Table S 18. 
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It is worth noting that the previously adopted solid state synthesis 

of GaSbO4 powders requires high temperature (>900 °C) calcination 

stages to obtain the crystalline ternary phase,130,137 while the crystalline 

thin film deposited via CVD can be obtained at much lower temperature. 

This enables deposition onto glass substrates, which typically cannot 

exceed ca. 600°C without beginning to show signs of warping. This is an 

important consideration in the future commercial scalability of such thin 

films. 

By modelling the measured XRD patterns of the annealed 

samples against the powder pattern ICSD108962 (an example of which 

is shown in Figure 4.9), it was possible to estimate the crystallite particle 

size p as per the Scherrer equation in Equation 4.1, where k is the 

Scherrer constant taken to be 0.9, λ is the X-ray wavelength taken to be 

Cu Kɑ = 1.54 Å, and X is the first term in the Lorentzian broadening 

expression as yielded by the fitting.  

 ! =
18000&'
()

 Equation 4.1 

This returned p = 14 nm for GaSbO4 annealed at 580 °C for 2 h, and  

p = 24 nm when annealed at 900 °C for 6 h. By fitting it was also possible 

to obtain their unit cell parameters a and c, all of which are shown in 

Table 4.2; the higher-temperature anneal resulted in some contraction 

along a with a very slight expansion in c. 



182 
 
 

 
Figure 4.9 Le Bail refinement of XRD pattern for rutile GaSbO4 film annealed for 6 h at 900 °C, 

showing the measured pattern (black dots), fitted ICSD108962 pattern (orange line), fitted 

background (blue line) and the residual signal between the measured and calculated patterns 
(purple line). 

 
Table 4.2 Le Bail refinement of XRD patterns of GaSbO4 films annealed at different temperatures 
(Tanneal) and durations (tAnneal), yielding lattice parameters (a, c) and crystallite diameters (p). 

TAnneal  
/°C 

tAnneal  
/h 

a  
/Å	

c  
/Å 

p  
/nm 

580 2 4.623 3.030 14 
900 6 4.606 3.033 24 

 

Deposition in the absence of SbCl5 yielded pure Ga2O3 films, 

which were amorphous in the as-deposited state but crystallised in the 

monoclinic β-Ga2O3 phase upon annealing at 580 °C for 6 h. The fitted 

XRD pattern is shown in Figure 4.10. Le Bail refinement yielded  

a = 12.240 Å, b = 3.035 Å, c = 5.812 Å and p = 37 nm. 
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Figure 4.10 Le Bail refinement of XRD pattern for β-Ga2O3 film annealed for 6 h at 580 °C, 

showing the measured pattern (black dots), fitted ICSD34243 pattern (orange line), fitted 

background (blue line) and the residual signal between the measured and calculated patterns 
(purple line). 

Diffractometry can also be used to help understand the effect of 

varying composition of the films over a range of depositions. By varying 

bubbler temperatures and relative flow rates for the Ga and Sb precursor 

vapours, it was possible to vary the composition of the films deposited 

over a range spanning Sb2Oy to Ga2O3 with various Ga2xSb2-2xO4 

species in between. The effect of this can be seen in Figure 4.11. It can 

be seen that the rutile phase of the ternary GaSbO4 structure can be 

obtained from relatively rich Sb content, while the structure seems less 

tolerant of excess Ga. The rutile structure of Ga- rich GaSbO4 breaks 

down and gives way to the monoclinic β-Ga2O3 structure, in contrast to 

being retained even at vanishingly Ga-poor stoichiometries between  

x = 0.0 – 0.6. This is attributed to the inflexibility of the oxidation states 

of Ga, of which the +3 state is by far the most thermodynamically 

favourable. Sb on the other hand is more labile in this regard and can 

adapt to increasing Sb quantities in the rutile lattice by redox between its 

+3 and +5 states.137 This is reflected in the phase diagram shown in 
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Figure 4.5 in which Sb can be accommodated within an Sb-rich GaSbO4 

by varying its oxidation state. Indeed, the application of GaSbO4 in the 

ammoxidation of propane to acrylonitrile depends on this effect.134 The 

Sb richness has been previously identified as actually improving the 

crystallinity of the GaSbO4 rutile phase in powder syntheses, in 

agreement with depositions carried out in the present work; however 

previous authors also found that this risks precipitating a minor 

secondary α-Sb2O4 phase when Sb is richer than Ga0.5Sb1.5O4, which 

could not be observed here in the thin-film XRD.134 

 
Figure 4.11 X-ray diffraction patterns of Ga2xSb2-2xO4 films for x=0-1, all having been annealed 

at 580°C for 6 h. Patterns for x = 0-0.6 were Le Bail-fitted to the powder pattern for GaSbO4 

(ICSD108962), while x = 1 was fitted to the β-Ga2O3 pattern (ICSD34243). 
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By fitting the XRD patterns using the Le Bail method it was 

possible to determine the lattice parameters a and c for various values 

of x. These are shown in Figure 4.12, along with the calculated unit cell 

volumes and Scherrer-derived crystallite diameters. It seems that 

shifting towards Ga-richer stoichiometry results in a slight increase in a 

between x = 0 and 0.6 by ca. 0.02 Å, but a much larger concomitant 

contraction along c by ca. 0.07 Å. This has the effect of shrinking the unit 

cell by ca. 1 Å3 from 65.6 to 64.6 Å3. At x greater than 0.6, crystallinity is 

lost. This is reflected in a reduction in the crystallite diameter p from 15 

to 3 nm between x = 0 and 0.6. When x = 1, the Ga2xSb2-2xO4 amorphous 

phase gives way to monoclinic β-Ga2O3. 

(a) (b) 

  
(c) (d) 

  
Figure 4.12 Unit cell parameters (a) a and (b) c from Le Bail refinement of XRD data for Ga2xSb2-

2xO4 films for x=0-1, all having been annealed at 580°C for 6 h. The striped blue region indicates 

amorphous compositions. The arrows guide the eye. Also shown are the calculated (c) cell 
volumes and (d) crystallite diameters derived using the Scherrer method. Data are tabulated in 

Table S 19.  
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3.3.3. UV-Vis Spectroscopy 

3.3.3.1 Transmittance Measurements 

UV-vis optical transmittance measurements of the air-annealed 

Ga2xSb2-2xO4 thin films were carried out and are shown in Figure 4.13. 

In all cases the films transmitted >60% of incident visible light (λ = 400-

750 nm). It can be clearly seen from Figure 4.13 that the absorption 

edge of samples deposited on glass substrates directly coincides with 

that of the bare glass, also shown. This is due to absorption of near-UV 

photons across the band gap of the glass substrate and therefore the 

band gap can only be determined via this method for samples deposited 

on substrates with a wider band gap than the material to be determined. 

The band gap of the GaSbO4 thin films was anticipated to be in the 

region of Eg = 3.7 eV, this value having been previously estimated in 

hydrothermally-prepared GaSbO4 powders132 and lying in-between the 

gaps of the constituent β-Ga2O3 and Sb2O5 binary oxides per Figure 4.2. 

 
Figure 4.13 UV-vis transmittance data for Ga2xSb2-2xO4 thin films on glass (and quartz where 

shown), having been annealed at 580°C for 6 h.  
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3.3.3.2 Diffuse Reflectance Spectroscopy  

It has been shown by Murphy that diffuse reflectance (DR) 

spectroscopy can be a useful tool for determining optical band gaps in 

metal oxide thin films.138 This is particularly true where the band gap of 

the film is comparable to, or larger than, that of its substrate, such that 

transmission or total reflectance measurements might be problematic. 

The glass substrate used here has a band gap of approximately 3.8 eV, 

and since one would expect the band gaps of Ga2xSb2-2xO4 to lie within 

a similar range, DR was considered a suitable approach to avoid strong 

absorption of photons by the substrate. 

The DR signal can be converted into pseudo-absorption F(R), 

which is proportional to the absorption coefficient ɑ, by applying the 

Kubelka-Munk transformation as shown in Equation 4.2, where R is the 

reflectance.  

 α ∝ F(/) =
(1 − /)2

2/
 Equation 4.2 

Then, the usual Tauc method can be applied in determining the band 

gap, by plotting (4ℎ6)7 89  against the photon energy hν to obtain Eg from 

the baseline intercept, as per Equation 4.3. For a direct allowed band 

edge absorption, n = 1/2.72,73 An example of band gap determination 

from F(R) is shown in Figure 4.14 for Ga0.64Sb1.36O4, in the as-deposited 

and the crystalline rutile states, having been annealed at 580°C for 6 h. 

 (4ℎ6)7 89 = :(ℎ6 − ;<) Equation 4.3 

The band gap widening upon annealing is a consequence of the 

contraction along the a direction seen in the XRD in Table 4.2, which 

results in a shrinking r0-i interatomic separation parameter in the 

Madelung potential given in Equation 1.1. 
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Figure 4.14 Direct band gap determination from diffuse reflectance of Ga0.64Sb1.36O4 thin film, 

having been annealed at 580°C for 6 h. The Kubelka-Munk transform F(R) was treated as 
proportional to the absorption coefficient for the purposes of the Tauc method.  

The band gaps determined using DR for x = 0.0 – 1.0 are shown 

in Figure 4.15. Bhattacharyya et al. have found previously that the band 

gaps of ternary metal oxides can be related to the band gaps of the 

constituent binary oxides (EGa2O3, ESb2O5) and the ternary stoichiometry 

=  as per Vegard’s Law in Equation 4.4, modified with a bowing 

parameter b to account for non-linearity. By applying this method, the 

band gaps of Ga2xSb2-2xO4 could be fitted using b = 1.0 ± 0.5. 

 ;>(=) = ;?@ABC + =E;FGABH − ;?@ABC − IJ + I=
2 Equation 4.4 
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Figure 4.15 Fitting of band gaps of annealed Ga2xSb2-2xO4 films as determined using diffuse 

reflectance spectroscopy, to obtain the bowing parameter b for Vegard’s Law. Data are tabulated 

in Table 4.3. 

Electron affinities were determined using the method outlined by 

Butler & Ginley, whereby the geometric mean of ‘absolute’ 

electronegativities χ of the constituent atoms in the ternary oxide 

provided its bulk electronegativity, as shown in Equation 4.5.139 Note 

that χ here is given in eV and differs from the Pauling definition of the 

term, instead representing the arithmetic mean of the first ionisation 

potential and first electron affinity of the atom as proposed by Mulliken 

and discussed by Pearson.140 

 K(Ga2NSb2Q2NOS) = (KTU2NKVW2Q2NKXS)
7
Y9  Equation 4.5 

This could be interpreted as the position of the Fermi level relative to the 

vacuum level in the absence of donor or acceptor defects in the lattice, 

such that it lies directly in the middle of the band gap. 

 
;: = K(Ga2NSb2Q2NOS) −

;<
2

 
Equation 4.6 
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Therefore, the electron affinity could be considered to be positioned at a 

half band gap’s width above χ(Ga2xSb2-2xO4), as per Equation 4.6. The 

values for EA determined by this approach are listed in Table 4.3. 

 

Table 4.3 Pearson electronegativities140 for constituent elements χi and Ga2xSb2-2xO4 compound 

electronegativity χ, experimentally-determined band gaps Eg, subsequent bowing parameter b, 
calculated electron affinities EA, ionisation energies IE and electron effective masses m*/m0 for 

Ga2xSb2-2xO4 thin films with varying stoichiometry x. All values for χ, EgDR, EA and IE are given 

in eV. EA and IE were calculated using Pearson electronegativity values χ.140 

χGa x χSb χO χ b 
 

EgDR EA 
 

IE 

3.2 0.0 4.85 7.54 6.51 1.0 3.59 4.71 8.31 

 0.2   6.34  3.82 4.51 8.17 

 0.3   6.24  3.89 4.38 8.10 

 0.8   5.83  3.99 3.67 7.99 

 1.0   5.35  4.56 3.00 7.70 

        
 

With Eg, EA and IE having been determined, it was possible to 

construct a band alignment diagram for Ga2xSb2-2xO4 films with x = 0.0 – 

1.0. These are crucial in understanding how semiconductors can 

integrate into multi-component devices and are shown in Figure 4.16. 

 
Figure 4.16 Calculated band alignments for Ga2xSb2-2xO4 thin films using diffuse reflectance 

band gap data fitted to Vegard’s law with a bowing parameter of b = 1.0. EA and IE were 
calculated using Pearson electronegativity values.140  

CBM 

 

VBM 
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3.3.4. X-Ray Photoelectron Spectroscopy 

In metal oxides, Sb can have multiple valencies depending on its 

surrounding environment. By using XPS, it was possible to determine 

the effect of film stoichiometry in amorphous Ga2xSb2-2xO4 on the 

oxidation state of Sb. An example of the fitted Sb3d photoelectron peaks 

is shown in Figure 4.17. Due to the direct overlap of the Sb3d5/2 signal 

with that of O1s, the deconvolution of this region was guided by the 

neighbouring Sb3d3/2 signal. 

(a) (b) 

  
Figure 4.17 Fitting of (a) Sb3d and (b) Ga2p photoelectron peak for oxidation state determination 
in Ga0.9Sb1.1O4. The measured data are shown as black circles. The fitted signal is shown as a 

grey line overlapping the circles. 

By fitting the Sb3d region of the XPS spectrum, it could be shown 

that Sb preferred to take the +3 oxidation state in the presence of small 

quantities of Ga, corresponding to Sb2O3 containing Ga impurities. As 

the quantity of Ga (i.e. x) increased, Sb oxidised increasingly to the +5 

state, as required for charge balance in Ga2xSb2-2xO4. This effect is 

shown in Figure 4.18(a). In the absence of Ga, the Sb3d5/2 XPS peak 

occurred at binding energy = 529.8 and 530.6 eV for Sb+3 and Sb+5 
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respectively. This shifted as shown in Figure 4.18(b) to larger binding 

energies with increased Ga loading, with 531.3 and 532.2 eV for Sb+3 

and Sb+5 respectively when x = 0.5. 

(a) (b) 

  
Figure 4.18 (a) Variation of Sb oxidation state with stoichiometry in Ga2xSb2-2xO4 films as 

determined from the Sb3d5/2 peak in XPS, and (b) peak position of Sb3d5/2 in Ga2xSb2-2xO4 with 
varying x. Data are tabulated in Table S 20. 

By scanning for photoelectrons at low binding energies it is 

possible to assess the valence band region, which appears as a region 

of high electron density immediately above the band gap in terms of 

binding energy. Calibration of the XPS spectrum against C1s, which 

occurs at a known binding energy EB = 284.5 eV, aligns the material’s 

Fermi energy EF to 0 eV. Then, the binding energy of the valence band 

edge represents its separation from EF. Its position is determined by 

taking the intersection of tangents drawn along the XPS VBM signal and 

the baseline, as shown in Figure 4.19.  
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Figure 4.19 X-ray photoelectron spectra near valence band edge for (left) Ga-rich and (right) 
Ga-poor GaSbO4 thin films in the (black circles) amorphous and (orange triangles) crystalline 
rutile states. 

In Figure 4.19 it is shown that EF lies 2.56 eV above the VBM in 

Ga-rich Ga1.6Sb0.4O4. Since it was shown in Figure 4.15 that its band 

gap is 4.0 eV, EF must lie closer to the CBM than the VBM. As such, it 

may be concluded that it is n-type, such that there must be a number of 

intrinsic electron donor defects present. Annealing the material in air 

apparently effected no change in EF, so these donors are unlikely to be 

oxygen vacancies VO. Since it was shown in Figure 4.18 that the relative 

abundance of Sb+5 increases with increasing Ga (i.e. increasing x), the 

nature of these donors may instead be self-doping by SbGa⦁⦁. Meanwhile 

for Sb-rich Ga0.6Sb1.4O4, the band gap is 3.9 eV. In the amorphous state, 

EF lies at 2.14 eV above the VBM, indicating intrinsic donor doping. 

However, upon aerobic annealing, EF retreats to the middle of the band 

gap at 1.93 eV above the CBM. Therefore, in Sb-rich Ga0.6Sb1.4O4, the 

dominant donor defect may be oxygen vacancies VO, which are 

neutralised upon aerobic annealing.   
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3.3.5. Hall Effect Measurements 

Electrical properties of the Ga2xSb2-2xO4 films were measured 

using the Hall effect method. The dependence of carrier mobility μH on x 

is shown in Figure 4.20, where an increased Ga:Sb ratio resulted in 

greatly improved mobility. This can be ascribed to the decreasing 

occurrence of Sb+3 species as x increases, since these have a 

[Kr]4d105s25p0 configuration. As such, Sb+3 are likely to contribute a 

large density of 5p-states to the CBM, which may be detrimental to the 

spherical ionic ns model discussed thus far as yielding high electron 

mobilities in post-transition metal oxides with (n-1)d10s0p0. The resulting 

electron effective masses in Sb(III) oxides are likely to be higher, yielding 

lower mobilities. 

 
Figure 4.20 Effect of stoichiometry on carrier mobility in amorphous Ga2xSb2-2xO4 films. 

Crystalline rutile Ga0.64Sb1.36O4 is demarked by an orange open square. The dotted line guides 

the eye. Data are tabulated in Table S 21. 

However, carrier mobility is not the sole determining factor for the 

resistivity of a material; the free carrier density NH is equally important, 

since ⍴ = (Neμ)-1. It was shown in the valence band XPS in Figure 4.19 

that the Fermi level in both Ga-poor and Ga-rich Ga2xSb2-2xO4 lay in the 
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upper half of the band gap, i.e. the material is n-type throughout its 

compositional range, and semiconducting (i.e. non-degenerate). This 

was confirmed by the Hall effect measurements, which measured free 

electron densities as shown in Figure 4.21. It was suggested that when 

x < 0.5, the dominant electron donor is VO⦁⦁, while at x > 0.5, SbGa⦁⦁ is 

preferred. According to Hall effect measurements, the maximum carrier 

density is obtained when x lies slightly above equivalence at 0.58, at 

which point SbGa⦁⦁ might be expected to have reached its maximum self-

doping limit.	

 
Figure 4.21 Electron density NH as determined using Hall effect measurements for amorphous 
Ga2xSb2-2xO4 films. The dotted line guides the eye. 

While it was seen that the mobility rises concomitantly with x, the 

maximum in the NH range means that a composition with a minimum 

resistivity ⍴H ought to be expected. This is observed experimentally and 

shown in Figure 4.22, in which it can be seen that Ga1.16Sb0.84O4 has 

the lowest electrical resistivity of the range. It is important to consider 

that while these materials are nominally undoped, their carrier densities 

are still far from those in other nominally undoped TCO hosts such as 
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SnO2, ZnO and In2O3, which typically have N ≈ 1018 cm-3 in their 

nominally pure state. Therefore in order to take advantage of these low 

carrier densities, it is suggested that due to the evidently high 

thermodynamic stability of the amorphous phase of Ga2xSb2-2xO4 and 

the tuneability of its band alignment and high electron mobility, this may 

make a suitable material as an In-free channel material as an alternative 

to IGZOs in TFT devices. 

 
Figure 4.22 Electrical resistivity ⍴H, as determined using Hall effect measurements, for 

amorphous Ga2xSb2-2xO4 films. The dotted line guides the eye. Data are tabulated in Table S 21. 

 Conclusions 

It was identified that Sb2O5 and Ga2O3 are both low-effective 

mass metal oxide semiconductors with relatively narrow and wide band 

gaps respectively. By combining these into a ternary Ga2xSb2-2xO4 phase 

it was shown possible to tune the band gap, ionisation energy, electron 

affinity, carrier mobility and electrical resistivity by control over the 

stoichiometry. Thin film synthesis was carried out using atmospheric 

pressure chemical vapour deposition from volatile precursors of the Ga, 
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Sb and O components enabling independent control over each. All films 

were transparent and uncoloured. While deposition over all temperature 

ranges yielded amorphous films, it was shown that thermal annealing 

could yield a stable crystalline rutile MO2 phase. This was stable at high 

Sb ratios, but the crystal structure broke down under an excess of Ga. It 

was shown by XPS that Sb+5 became prevalent over Sb+3 at x > 0.5, 

such that the lability of the valency of Sb enabled Sb+3 to account for the 

deficit of Ga+3 at low x. All films were shown by valence-band XPS and 

Hall effect measurements to be n-type. There was some evidence to 

suggest that when x < 0.5, the dominant electron donor is VO⦁⦁, while at 

x > 0.5, “self-doping” takes over and antisite SbGa⦁⦁ is preferred, whereby 

the intermediate stoichiometries in Ga2xSb2-2xO4 yield higher carrier 

density and lower electrical resistivity than their constituent binary 

oxides. A slightly Ga-rich stoichiometry yielded the lowest electrical 

resistivity due to having the greatest charge carrier density, while the 

electron mobility was shown to be directly proportional to the Ga ratio. It 

was suggested that while the carrier densities of Ga2xSb2-2xO4 were 

significantly lower than in other nominally undoped TCO hosts such as 

SnO2, ZnO and In2O3, the high thermodynamic stability of its amorphous 

phase, the tuneability of its band alignment and its high electron mobility 

may make this a suitable In-free alternative to IGZOs in TFT devices, 

while the possibility of its growth using the very large scale deposition 

technique suggests that fabrication could feasibly occur onto very large 

substrates for wide-area and continuous-flow production. 
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Chapter V: Accessing Chemical Vapour Deposition of Scandium(III) 
Oxides at Atmospheric Pressure 

 Introduction 

Scandium lies at the beginning of the transition metal block, with 

an electron configuration of [Ar]4s23d1. It therefore readily reacts with 

oxygen to form the sesquioxide Sc2O3; other degrees of oxidation for Sc 

are uncommon. Scandium(III) oxide is thermodynamically stable in both 

the amorphous141 and crystalline142 states. Upon crystallisation, like 

In2O3, Sc2O3 adopts a cubic bixbyite crystal structure,143 shown in Figure 
5.1. However, unlike In3+, trivalent Sc3+ has an empty d-shell, such that 

this contributes to the conduction band character in Sc2O3. This leads to 

localisation of charge carriers, making Sc2O3 a strongly insulating 

material, through which charge propagation depends on a hopping 

mechanism.144  

(a) (b) 

  
Figure 5.1 Cubic unit cell of bixbyite Sc2O3, with 8b and 24d Sc sites denoted by gold and teal 

spheres respectively (Wyckoff notation). Each unit cell contains 16 formula units of Sc2O3.  
(a) shows the face-on perspective (equivalent for a, b and c directions), and (b) shows the 3D 

perspective. 
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The small electron affinity of Sc2O3 (Eaff ≈ 0.9 eV,145 cf. 4 eV for 

n-type In2O319) makes electron injection into the conduction band 

difficult, and its large ionisation potential likewise frustrates hole injection 

in the valence band (EIP ≈ 7 eV, cf. 5.0-5.7 eV for p-type Cu2O19). Being 

suitable for neither mode of conduction is a symptom of its relatively very 

wide band gap of Eg ≈ 6 eV. However, this unique combination of 

optoelectronic characteristics has made Sc2O3 very attractive as an 

insulating dielectric layer in many optoelectronic devices,146 while its 

wide band gap and high refractive index in the UV (1.8-2.0) has seen its 

adoption as a popular laser coating material.143,147  

With the rapid propagation of optoelectronic devices into an ever-

expanding range of smart devices within the Internet of Things, the 

demand for high-throughput synthesis of high-quality optoelectronic 

materials is greater than ever. Scandium(III) oxide films are usually 

deposited using vacuum-based methods such as metal-organic 

chemical vapour deposition (MOCVD)148,149 or magnetron 

sputtering.146,150 However, the ability to deposit at atmospheric pressure 

would yield far superior growth rates due to the implicit higher precursor 

flux,32 while being overall more conducive to large-scale manufacture 

with the need for high vacuum or expensive sputtering targets 

eliminated.151  

Leskelä et al. highlighted that chemical vapour deposition of 

Sc2O3 films at atmospheric pressure is hindered by a lack of availability 

of volatile precursors;152 however, a number of works on using 

piezoelectrics to ultrasonically generate aerosols from chemical 

solutions has opened chemical vapour deposition up to a far broader 

selection of precursors, in a process referred to as aerosol-assisted 

chemical vapour deposition (AACVD).151 The process of film growth from 

chemical vapour is illustrated in Figure 5.2, in which microscopic 
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droplets of precursor solution adsorb onto the heated substrate, at which 

point the high temperature instigates a chemical reaction. The 

subsequent diffusion of solid (gaseous) products towards the growing 

film (exhaust) yields the desired material.  

This is a technique gaining rapid recognition for its flexibility and 

film uniformity,153 having already become the method of choice for 

commercial epitaxial growth of high-quality Ga2O3 films.154 Enabling 

Sc2O3 growth via AACVD would not only provide a synthetic route to 

films of this material with unprecedented ease, it would also open the 

door for facile synthesis and investigation of other Sc-based materials 

such as p-type transparent conducting delafossites CuScO2,3 rare earth 

scandate perovskites AScO3,155 etc.. 

 
Figure 5.2 Schematic illustrating the process of film growth during chemical vapour deposition. 

Adapted from Carmalt et al..153 

The β-diketonate family of scandium-based precursors has been 

particularly popular for scandium chemistry due to their ambient stability 

and ease of handling and preparation.148 Much work has been done to 

improve the volatility and lower the melting point of these, however in 

general they have not proven suitable for traditional thermal CVD at 

atmospheric pressure, which demands robust thermal stability and high 

vapour pressures of its precursors. Instead, by exploiting the solubility of 
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low-cost and readily-available scandium-based β-diketonates such as 

scandium(III) acetylacetonate (Sc(acac)3, aka scandium(III) 2,4-

pentanedionate), as shown in Figure 5.3, it should be possible to enable 

deposition of Sc2O3 films at atmospheric pressure using AACVD. 

 
Figure 5.3 Molecular structure of scandium(III) acetylacetonate precursor. Dashed lines indicate 

partial electron density. 

Because of their significant utility as precursors for CVD, the 

thermal decomposition behaviour of β-diketonates has been the object 

of much investigation. Igumenov et al. find that the formation of a 

sesquioxide M2O3 (M = Sc here) is a “bimolecular” process, i.e. involving 

the association of two surface-adsorbed precursor complexes, as per 

Equation 5.1. 

2Sc(acac)]
Q2×(@_@_)
⎯̀⎯⎯⎯⎯⎯b {(Sc(acac)2)2}efgh 

∆,QS×(klC)kkk(B)klC⎯̀⎯⎯⎯⎯⎯⎯⎯⎯⎯⎯⎯⎯⎯⎯⎯b Sc2O] 

Equation 5.1 

This is also the most common mechanism for non-fluorinated β-

diketonates,156 and can occur without redox of the metal centre, which 

makes it suitable to Sc, as well as Al and Hf acetylacetonates. A likely 

mechanism for the thermal decomposition of Sc(acac)3, as proposed by 
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Gordon et al.,157 is shown in Figure 5.4. The efficacy of the 

acetylacetonate decomposition products as leaving groups facilitates the 

decomposition. Further investigation of this mechanism as applicable to 

the thermal decomposition of scandium(III) acetylacetonate could be 

undertaken via a TGA study. 

 
Figure 5.4 Proposed thermal decomposition pathway of β-diketonates in the formation of metal 

oxide films from the organometallic precursor. Reproduced from Carmalt et al..153 

 Experimental 

Aerosol-assisted chemical vapour deposition (AACVD) 

experiments featured the same brass baffle, carbon heating block and 

quartz tube assembly as the APCVD experiments, with the key 

difference being the means by which chemical ‘vapour’ was generated; 

rather than by thermally heating volatile precursors in order to generate 

chemical vapour, a one-pot solution containing all precursors was 
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instead made up in a round-bottom flask then aerosolised using a 

Johnson Matthey Liquifog® piezoelectric ultrasonic humidifier operating 

at 1.6 MHz. A carrier gas is passed through the aerosol in order to 

transport the precursors to the heated substrate, as shown in Figure 5.5. 

For Sc2O3 deposition, scandium(III) 2,4-pentanedionate 

(Sc(acac)3·xH2O, 200 mg) was partially dissolved in methanol (30 mL) 

with vigorous stirring (ca. 10 min). The solution was immediately used 

for deposition, with the aerosol transported to the heated glass substrate 

by the carrier gas flowing at 1.0 L min-1 until the liquid had been 

completely aerosolised (typically 30 min) to yield a Sc2O3 film. The 

sample was cooled under the flowing carrier gas and handled in air once 

cool. 

 

Figure 5.5 Schematic illustrating AACVD apparatus. 

Aerosol-assisted chemical vapour deposition was carried out at 

550°C using a 5% H2/N2 carrier gas flowing at 1.0 L min-1, though other 

carrier gases and deposition temperatures were used where explicitly 

noted in this work. Deposition in the presence of a small amount of 

hydrogen gas yielded dark, carbonaceous films with the greatest 

thickness and best coverage of the substrate with respect to deposition 
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under nitrogen or air and were therefore used as the basis for this work. 

All films were strongly adhered to the substrate, resisting removal by 

Scotch tape or steel scalpel. The as-deposited films could then be 

rendered clear, colourless, transparent and crystalline under annealing 

at 580°C in air for 6 h. It is likely that the improved coverage is due to 

the H2 acting as an inhibitor in oxidising the hydrocarbon section of the 

scandium(III) acetylacetonate complex, while incomplete oxidation of 

this leaves a dark carbonaceous remainder. Indeed, previous 

researchers have likewise found scandium(III) β-diketonate precursors 

to have relatively low growth rates of the deposited film in the absence 

of a reactive gas.158,159 

Scandium(III) 2,4-pentanedionate (acetylacetonate) hydrate was 

obtained from Alfa Aesar. Nitrogen (N2, 99.99%), hydrogen (5% H2/N2) 

and compressed air carrier gases were obtained from BOC. Methanol 

(99.5%) was obtained from Merck Millipore. All of the above were used 

as supplied. The float glass substrate (50 × 145 × 4 mm) with a 50 nm 

SiO2 barrier layer was supplied by Pilkington NSG Ltd. and degreased 

with water and detergent, isopropyl alcohol then acetone before use. 

X-ray diffractometry was carried out at glancing angle (θ = 1.0°) 

in air on a Bruker D8 Discover diffractometer using monochromatic Cu 

Kα1 and Kα2 radiation wavelengths of 1.54056 and 1.54439 Å 

respectively, at a voltage of 40 kV and a current of 40 mA. Diffraction 

was measured between angles 2θ = 10-66°.  

Angle-resolved X-ray photoelectron spectroscopy was conducted 

on a Thermo Scientific Theta Probe Mk. II spectrometer with 

monochromated Al Kα radiation, a dual beam charge compensation 

system and constant pass energy of 50 eV (spot size 400 μm). Survey 

scans were collected in the binding energy range 0–1200 eV. Data was 

calibrated against C1s (284.5 eV) and fitted using CASA XPS software.  
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Diffuse reflectance was recorded using a Shimadzu dual-beam 

spectrometer against a barium sulphate reflectance standard.  

Film thickness and refractive index calculations were carried out 

using a Filmetrics F20 spectral reflectance system against a Si wafer 

reflectance standard.  

Photoluminescence was performed using a Horiba FluoroMax-4 

spectrometer fitted with a Xe light source and a monochromator set to 

emit excitation wavelengths of 150 nm. 
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 Results 

4.3.1. Deposition of Scandium(III) Oxide Thin Films 

Aerosol-assisted chemical vapour deposition from a methanolic 

solution of scandium(III) acetylacetonate (4.0 g L-1) on glass substrates 

at 550°C yielded thin films of scandium(III) oxide. It was apparent that 

the rate of decomposition of the precursor was fastest in the presence 

of oxygen, slower in inert conditions and slowest under reducing 

conditions. Due to the horizontal-bed nature of the CVD chamber, this 

was evident from the degree of substrate coverage, which was poorest 

under air, better under nitrogen and best in the presence of hydrogen, 

as illustrated in Figure 5.6. 

 

Figure 5.6 Schematic illustrating substrate coverage of scandium(III) oxide films deposited at 

550°C from scandium(III) acetylacetonate, under 1.0 L min-1 flow of (a) air, (b) N2 and (c) 5% 
H2/N2 carrier gases. Coated portions of glass are indicated by blue colouring. 

It should also be noted that the degree of carbon contamination 

was concomitant with this trend, with deposition in H2 yielding darkly 

contaminated films, less so in N2, while deposition in air gave the 

clearest and least contaminated films.  
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4.3.2. X-Ray Diffractometry 

X-ray diffractometry (XRD) revealed that the choice of carrier gas 

also affected the crystallinity of films deposited, with deposition in H2 

yielding amorphous material (Figure 5.7(d)), deposition under inert 

conditions giving weakly crystalline films (Figure 5.7(b)), and deposition 

in air yielding the most strongly diffracting polycrystalline material 

(Figure 5.7(a)). Annealing the amorphous film at 580°C for 6 h in air 

resulted in crystallisation, reflected in Figure 5.7(c). A broad signal floor 

present in all diffraction patterns pointed to incomplete crystallisation, 

indicative of a weak driving force for crystallisation. Similar observations 

were made by Putkonen et al., who found that the crystallisation of Sc2O3 

films deposited using atomic layer epitaxy was strongly dependent on 

the availability of oxygen, with ozone (O3) addition necessary for large 

crystallite growth.159  

This may be due to the reaction mechanism seen in Figure 5.4, 

in which a ‘bimolecular’ mechanism under anaerobic conditions requires 

two adjacent adsorbed species in order to react,156 whereas an 

abundance of oxidising agent such as O3 may facilitate an alternative 

monomolecular mechanism. This may allow singular adsorbed species 

more freedom to diffuse across the surface of the growing film and seek 

sites with the lowest energy at which to nucleate, resulting in crystalline 

growth. The observation that the (222) crystal plane was the preferred 

orientation is also typical of Sc2O3 films.158,159 
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Figure 5.7 X-ray diffractometry of scandium(III) oxide thin films, in the as-deposited state for 
deposition under (a) air, (b) N2, (d) 5% H2/N2, and (c) the annealed state (580°C, 6 h in air) for 

the film deposited under 5% H2/N2, shown alongside (e) the Sc2O3 powder pattern (ICSD-26841). 

Data including 2θ values are tabulated in Table S 22. 
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4.3.3. X-Ray Photoelectron Spectroscopy 

X-ray photoelectron spectroscopy of the annealed film indicated 

in the survey scan in Figure 5.8 that the most significant contaminant in 

the scandia films other than C was Cl, though apparently only present in 

relatively minute quantities, below the quantification limit for a survey 

scan. It is unclear how adventitious Cl came to appear in these samples 

as all precursors involved in their deposition were nominally Cl-free, 

however metal chlorides are common precursors in organometallic 

synthesis and it is likely that this impurity was present in the commercial 

Sc(acac)3 precursor. 

 
Figure 5.8 X-ray photoelectron survey spectrum of scandium(III) oxide thin film, having been 
deposited under 5% H2/N2 then annealed (580°C, 6 h in air).  
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4.3.4. Diffuse Reflectance Spectroscopy 

Since the glass substrate has a smaller band gap than the Sc2O3 

films, diffuse reflectance (DR) spectroscopy was instead employed for 

evaluation of the band gaps. The resulting DR spectra for the bare glass 

substrate, the amorphous (as-deposited) and polycrystalline (annealed) 

Sc2O3 films are shown in Figure 5.9(a). It can be seen that while there 

is one clear reflectance maximum for the as-deposited film, the annealed 

film features additional maxima, most notably an intense reflection at 

higher energy. Since the XRD pointed to only partial crystallisation of the 

films (with strongly oxidising conditions necessary for full 

crystallisation159), it is possible that the feature near 5.3 eV corresponds 

to a band gap at a similar energy for the amorphous phase, while 

annealing yields a second band gap at higher energy near 5.7 eV for the 

crystalline phase. It is considered that the annealed material is most 

likely a mixture of crystalline and amorphous portions.  

Due to the implicit inhomogeneity, it was deemed inappropriate to 

apply the Kubelka-Munk transformation to approximate the absorption 

coefficient (as performed in Chapter IV), since this method assumes 

sample uniformity. In situations such as these, A. B. Murphy argues that 

the band gap can be broadly approximated from the maxima in the DR 

profile, with the caveat that these are subject to small shifts under 

changes in film thickness;138 however, given that both films were 

obtained from the same sample of deposited film, this was assumed to 

remain constant between the two spectra. 
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Figure 5.9 Diffuse reflectance spectra of Sc2O3 films as-deposited in the presence of H2 and 

annealed in air, with reflectance maxima denoted by their energies. 

4.3.5. Refractive Indices 

It is not clear whether the band gap widens due to the 

morphological effects of crystallisation, or due to a concomitant 

reduction in strongly absorbing sub-gap defect states upon aerobic 

annealing as proposed by Shan et al..141 Densification upon annealing 

can also result in a widened band gap, due to an increase in the 

refractive index n, as argued by Murphy.138 However, it is considered 

firstly that densification would have likely occurred uniformly throughout 

the sample upon heating, while the DR profile clearly exhibits two distinct 

peaks. Secondly, n was assessed from specular reflectance by the 

Swane-Poel method and determined to slightly decrease upon 

annealing. This shift is shown in Figure 5.10(a), where n shifts ca. 0.02 

lower upon annealing. While densification is likely to have occurred, a 
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phase change has taken place, and this is not accounted for in Murphy’s 

argument.  

The effect of film thickness on n is assessed in more detail in 

Figure 5.10(b), where it is shown that thickness variations below ca. 300 

nm result in strong changes in n, while increasing film thickness above 

this effects little change. This is due to the increased contribution of the 

substrate interfacial region to n in thinner films, and is the reason that 

films of 350 ± 20 nm were used in the comparison in Figure 5.10(a). 
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(a) 

 

(b) 

 

Figure 5.10 Refractive index profiles calculated from specular reflectance of (a) 350 nm-thick (± 

20 nm) crystalline and amorphous films as-deposited under oxidising, neutral and reducing 

carrier gases (with the exception of one annealed sample as shown), and (b) the effect of 
thickness on the refractive index of the annealed film deposited under 5% H2/N2. 
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4.3.6. Photoluminescence Spectroscopy 

Photoluminescence (PL) spectroscopy yielded the instrument-

corrected emission spectra shown in Figure 5.11, obtained under 

excitation by an above-gap energy of hν = 8.3 eV (150 nm). Two broad 

but distinct emission bands were observed in the annealed material at 

2.1 and 2.4 eV, while notably absent in the amorphous sample. These 

same bands have been observed previously in Sc2O3 by O. Bordun, who 

assigned these to radiative recombination of photoexcited bonding 

donor-acceptor pairs between the cation and anion sites,160 however 

their occurrence in only the crystalline material suggests that they may 

arise from a crystallographic defect state.  

 

Figure 5.11 Photoluminescence (PL) spectra using excitation wavelength 150 nm (8.3 eV), 
where the ordinate axis represents the ratio of the instrument-corrected signal to the corrected 

reference beam, for (i) annealed and (ii) as-deposited Sc2O3 films. 

While metal oxides are intrinsically defective and therefore exhibit 

a multitude of fluorescence behaviours,26,31 Bordun claims that the rare 

earth sesquioxides Sc2O3 and Y2O3 exhibit intrinsic fluorescence due to 

the unique nature of their donor-acceptor pairs.160 The use of a shorter-
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wavelength excitation source in the present work of 150 nm (compared 

with 337.1 nm used by Bordun160) has enabled the elucidation of a 

further broad emission band in the crystalline material centred at 3.6 eV. 

This feature has previously been observed and assigned to photon 

emission by de-excitation of trapped electrons at oxygen vacancies, 

which would also be expected to occur exclusively in the crystalline 

material.161–163 

The concomitant emergence of a broad emission band centred 

around 3.6 eV upon crystallisation indicates that the pair of peaks at 2.1 

and 2.4 eV may arise from sub-gap states, with photon emission 

occurring in two stages across the full width of the band gap. The 

broader emission band at 3.6 eV can be considered to be comprised of 

a pair of broad bands at around 3.4 and 3.7 eV, which are paired with 

the less intense peaks at lower energy to form a band gap of 5.8 eV. 

This is illustrated in Figure 5.12, in which the defect states are 

suggested to come from interstitial anions at the 8a and 16c sites (i.e. 

occupation of the systematically vacant anion sites in stoichiometric 

Sc2O3, using Wyckoff notation). This assignment is supported by a 

computational study in which density functional theory predicted that 

interstitial Oi would be the energetically most favourable intrinsic defect 

in Sc2O3, whose sub-gap charge transition (2-/3-) occurs ca. 3.4 and 3.7 

eV above the VBM in interstitial O at the 16c and 8a positions 

respectively.164 
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Figure 5.12 Diagram illustrating the process leading to photoemission bands observed in near-

band edge photoluminescence spectra. The defect states are proposed to arise from interstitial 

O at the 8a and 16c sites (Wyckoff notation). 

There is also a clear occurrence of fine structure in the blue-green 

region between 2.5-3.2 eV, which can be interpreted as ‘vibronic’ 

coupling of the m Σo2 → ) Σo2  series, where m and ) denote the excited 

and ground electronic states respectively with Σo2  character. The signal 

was fitted using Gaussian curves to yield the signal shown in Figure 
5.13. The fundamental transition between qr = 0 and qrr = 0 occurs at 

2.52 eV (20 300 cm-1), observed previously in the free 45Sc16O dimer at 

2.55 eV (20 600 cm-1).83 This assignment is supported by similar 

observations on Y2O3, such that surface-bound st = u…XQ
…XQ  radical 

species with vibrational freedom are the most likely cause.161,165 It is also 

notable that this series is present in both the amorphous and crystalline 

materials, and is therefore independent of the bulk nature of the films. 

Meanwhile the lack of vibronic coupling in other emissions centred at 

2.1, 2.4, 3.4 and 3.7 eV supports their assignment as defect modes 

originating from within the bulk, in which vibrational modes are a 

continuum of quanta. 
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Figure 5.13 Fine structure in PL of crystalline Sc2O3, deconvoluted using Gaussian peak fitting. 
The sharp peaks correspond to a vibronic series, where the electronic transition in surface-

localised …Sc=O bound radicals is split by vibrational modes. 

As discussed in Chapter II, emission from surface species is 

particularly intense due to the enhanced surface sensitivity when using 

a short excitation wavelength;80–82 above-gap excitation has been 

reported previously as being particularly useful when probing a 

semiconductor film to depths of ca. 50 nm.79 It was possible to assign 

some of the peaks in the series to transitions between qr = 0, 1, 2, 3, 4 

and qrr = 0, 1, 2  modes by comparison with work by previous 

authors.166,167 The regular spacing between peaks in the series then 

enabled expansion of the assignment to yield the more complete set 

shown in Figure 5.14.  
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Figure 5.14 The peak positions of the vibronic emissions are shown against their index 

assignments, where ν’ and ν’’ represent the vibrational quanta in the initial (excited) and final 

(ground) electronic states, respectively, with (inset) the corresponding vibrational absorption in 
the infrared reflectivity spectrum at 920 ± 60 cm-1. Data are tabulated in Table S 23. 

The equilibrium frequency ωe of the vibrational mode in the 

ground electronic state could then be estimated from the mean 

separation of emissions to the qrr = 0  and qrr = 1  states, yielding  

ωe = 110 ±10 meV, directly observable by FTIR reflectance at  

920 ± 60 cm-1 (ca. 114 meV) as shown inset in Figure 5.14. A 

comparable vibrational frequency was previously observed in the free 

ScO diatomic molecule at 119.65 meV (964.95 cm-1).83   
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 Conclusions 

To summarise, exploitation of the solubility of scandium(III) 

acetylacetonate in methanol has enabled its aerosol-assisted chemical 

vapour deposition to yield Sc2O3 thin films. Varying degrees of 

crystallinity of the deposited films could be achieved by varying the 

oxidising character of the deposition environment. The films exhibited 

physical properties typical of scandia, with wide band gaps of 5.3 and 

5.7 eV corresponding to amorphous and crystalline scandia respectively, 

and high refractive indices varying between ca. 1.8-2.0 at 400 nm 

depending on film thickness and deposition environment. 

Photoluminescent behaviour of the films under UV irradiation enabled 

probing of its electronic structure, with broad-band emission in 

amorphous scandia giving way to narrower bands in the crystalline film 

corresponding to known intrinsic bonding and defect-localised states. 

The presented fabrication method for scandia films is facile and readily 

scalable to industrial production, representing the first instance in which 

scandium can be deposited easily from a vapour at atmospheric 

pressure. It is expected that this should open the door to probing other 

scandium-containing thin film materials in future works, such as p-type 

transparent conducting delafossites CuScO2 and rare earth scandate 

perovskites AScO3. 
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Chapter VI: Final Remarks 

The work in this thesis answers a number of questions raised at 

the confluence of academic pursuit and commercial interest, drawing on 

expertise from either side to produce a fresh take on very current and 

relevant materials problems facing the world today. The study of metal 

oxides has been presented as a continually fruitful field of research, 

which has profound relevance in the modern day. This work identifies 

indium(III) oxides as being at once a pivotal resource in the modern 

successes of optoelectronic devices, and a naturally scarce and rapidly 

depleting resource in need of addressing. By drawing on a body of 

research surrounding indium(III) oxides spanning the past several 

decades, a set of physical factors has been identified which drives their 

consistently superior optoelectronic performance, with a view to tying 

these together to create the next generation of metal oxide 

optoelectronics. These principles specifically required the design of 

materials with a sufficiently wide optical band gap for full visible 

transparency, n-type dopability (with regards to electron affinity of the 

host oxide, defect formation energy and energetic depth of the dopant 

donor level) and conduction band dispersion (best achieved through an 

(n-1)d10ns0np0 valence configuration on the cation in order to provide an 

ns-derived CBM for high electron mobility).  

The first study tackled improvements on the existing market-

leading Sn-doped In2O3, which has been identified in recent years as 

being self-limiting due to the effects of orbital overlap between the 

dopant and host orbitals near the CBM. This has the effect of reducing 

the CB dispersion and therefore reducing the electron mobility 

achievable in Sn-doped In2O3. Recent computational study instead 

identified transition metal dopants as strong alternatives to Sn for In2O3, 

whereby the energetic separation of the dopant nd donor level from the 
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In5s-derived CBM enabled greater CB dispersion and lower electron 

masses.35 This resulted in measured electron mobilities twice as high in 

Mo-doped In2O3 deposited using RF magnetron sputtering compared 

with Sn-doping (both herein and elsewhere36), while electron masses as 

measured using various techniques were significantly lower in all 

transition metal-doped samples relative to Sn-doping. The effect of low 

electron mass was identified as being responsible for the high electron 

mobilities in single-crystal studies carried out by previous authors.45,52,54 

Meanwhile, Zr- and Hf-doping produced films with better visible 

transmittance than Mo-doping. In principle, higher electron mobility 

means that a thinner layer of doped In2O3 may be used in a device, 

saving on precious and scarce indium. The greater CB dispersion was 

also observed in the effect of wider optical band gaps in the transition 

metal-doped In2O3, which leads to improved UV transmittance. On the 

other hand, it was found that in polycrystalline materials, grain boundary 

scattering was the dominant scattering mechanism, such that accessing 

high macroscopic electron mobility requires further work in passivating 

the grain boundaries. Successes of previous authors were highlighted in 

passivating metal oxide grain boundaries points to hydrogen co-doping 

as a likely future direction in the development of transition metal-doped 

In2O3. Other future work will develop optoelectronic devices using the 

low electron mass In2O3 materials; photovoltaics are likely to benefit from 

improved UV transmittance and reduced electron-hole recombination, 

while display devices could use higher mobilities to achieve e.g. higher 

pixel densities. 

The natural progression from transition metal-doped indium(III) 

oxides was towards totally indium-free alternatives. Tin(IV) oxide is 

widely studied as an alternative TCO material to indium(III) oxide; being 

adjacent in the periodic table to In, oxides of Sn(IV) have many similar 
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characteristics, but without any of the natural scarcity of indium.  

Ta-doping was investigated as an avenue for transition metal doping of 

SnO2; by substituting Sn+4 sites in SnO2 for Ta+5, free electrons could be 

liberated to increase the conductivity. Thin film deposition performed 

using atmospheric-pressure chemical vapour deposition, so that initial 

laboratory-scale experiments could be scaled-up onto larger industrial 

coaters, with which the sponsor of this work (Pilkington NSG Ltd.) is 

equipped at their R&D facility. Having screened a number of chemical 

precursors and deposition parameters, highly reproducible deposition of 

Ta-doped SnO2 films was successfully scaled up to the ~m2 scale. 

Future work will aim to further optimise these depositions to yield high 

electron mobilities by (i) hydrogen co-doping38 and (ii) deposition onto 

glass seeded with polycrystalline anatase TiO2 layers119,168 

Moving away from the binary oxides, it was shown that a new 

metal oxide could be designed by combining Ga(III) and Sb(V) oxides to 

produce ternary Ga2xSb2-2xO4 with a band gap and electron affinity 

tuneable by tweaking the cation stoichiometry. Thin films of these were 

deposited using the same technique as the SnO2 films, however unlike 

the popular binary TCOs ZnO, In2O3 and SnO2, it was found that the 

material was amorphous in its as-deposited state, and could be 

crystallised into a rutile structure upon thermal annealing. The stability 

of the amorphous state was attributed to the increased entropy of a 

ternary system, with random occupation by both Ga and Sb of the lattice 

sites. Since the rutile structure required Ga+3 and Sb+5 for charge 

balance (with a mean cation charge of +4, analogous to SnO2 or TiO2), 

it was determined that stoichiometries poor in Ga+3 were compensated 

for by reduction of Sb+5 to Sb+3. As such the crystal structure was highly 

tolerant of Ga-poor stoichiometry, however the inability of Ga+3 to oxidise 

the other way to Ga+5 meant that the rutile structure was unstable under 
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Ga-rich stoichiometry, which was always amorphous. Electron mobility 

was predictably found to be proportional to the Ga ratio, since high Ga 

content increased the ns character of the CBM, while Sb+3 in the 

absence of Ga+3 instead contributed np. While all stoichiometries were 

n-type, compensation by GaSb or reduction of Sb+5 under Ga-rich or  

Ga-poor stoichiometries respectively led to the highest electron density 

being achieved near to an equal ratio of Ga:Sb, such that this 

composition had the lowest electrical resistivity. Since the electron 

densities were several of orders of magnitude lower than other TCO 

materials, while the electron mobility in the amorphous structure was 

relatively high, it was suggested that these materials may find further 

development as indium-free channel layers in TFTs, presenting an 

alternative to indium-gallium-zinc oxides. Other future work will seek to 

raise the free electron density in rutile GaSbO4 by introducing dopants 

such as F or H, with a view to potentially creating a new species of TCO 

material. 

In summary, by combining the fundamental principles underlying 

the optoelectronic behaviour of metal oxides, this thesis has set out to 

present various new materials designed to alleviate the global demand 

for raw indium. There has been particular focus on the industrially-

relevant methods of thin film deposition (sputtering and CVD). Aside from 

the key materials of transition-metal doped In2O3:M (M=Zr, Hf, Mo, Sn), 

SnO2:Ta and Ga2xSb2-2xO4, synthetic routes to other metal oxide thin 

films by CVD at atmospheric pressure such as Ga2O3, Sc2O3 and Ta2O5 

have been established. This work has paved the way for future research, 

in which it is now possible to begin preliminary testing of these materials 

in rudimentary optoelectronic devices such as LED devices and 

photovoltaic stacks. 
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Supporting Information  

Table S 1 Optical band gaps of the dominant crystallographic phase of post-transition metal 
oxides. 

Species Egopt /eV Reference 
ZnO 3.28 Dixon 201765 
Ga2O3 4.9 Hautier 201424 
CdO 2.28 Madelung 2004169 
In2O3 3.75 Walsh 200993 
SnO2 3.6 Hautier 201424 
HgO 2.19 Madelung 2004169 
Tl2O3 0.59 Van Leeuwen 1995170 
PbO 2.07 Madelung 2004169 
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Table S 2 Deposition parameters and measured values for In2O3:M (M = Hf, Zr, Mo, Sn) thin films deposited via RF magnetron sputtering. pO2, [M]XRF, Eg
CORR, a, Rq, NH, NM, μH, ρH and dXRF refer 

to the oxygen partial pressure in argon, dopant concentration as measured by XRF, optical band gap corrected using the Poeppelmeier method, lattice parameter, RMS roughness, free electron 

density, dopant atom density, mobility and resistivity as measured by the Hall method, and film thickness as measured by XRF, assuming the mass density of pure bulk In2O3. 
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None 90 N/A N/A N/A 450 3600 1.0 1.0 20 0.50 0.00 3.54 10.130 
 

0.34 0.00 N/A 6.9 2630.00 446 

Hf 90 HfO2 120 29 450 3600 1.0 1.0 20 0.50 0.24 
   

1.28 7.44 17.2 11.1 440.00 482 

Hf 90 HfO2 120 31 450 3600 1.0 1.0 20 0.50 0.30 3.54 10.161 
 

1.30 9.33 13.9   
 

477 

Hf 90 HfO2 120 33 450 3600 1.0 1.0 20 0.50 0.38     
 

1.31 11.93 11.0 12.4 385.00 466 

Hf 90 HfO2 120 34 450 3600 1.0 1.0 20 0.50 0.44     
 

1.43 13.84 10.3 10.6 411.00 447 

Hf 90 HfO2 120 35 450 3600 1.0 1.0 20 0.50 0.47     
 

1.46 14.50 10.1 13.2 323.00 468 

Hf 90 HfO2 120 36 450 3600 1.0 1.0 20 0.50 0.53     
 

1.30 16.58 7.8 15.3 315.00 465 

Hf 90 HfO2 120 37 450 3600 1.0 1.0 20 0.50 0.56     
 

1.49 17.49 8.5 14.3 292.00 466 

Hf 90 HfO2 120 38 450 3600 1.0 1.0 20 0.50 0.61     
 

4.19 19.08 21.9 6.0 249.70 466 

Hf 90 HfO2 120 39 450 3600 1.0 1.0 20 0.50 0.64     
 

1.06 19.99 5.3 11.6 507.00 465 

Hf 90 HfO2 120 45 450 3600 1.0 1.0 20 0.50 1.07     25.40 3.73 33.34 11.2 18.5 90.40 471 

Hf 90 HfO2 120 50 450 3600 1.0 1.0 20 0.50 1.55 3.71 10.116   6.91 48.14 14.4 21.7 41.60 460 
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22.10 10.07 75.06 13.4 24.7 25.10 478 

Hf 90 HfO2 120 56 450 3600 1.0 1.0 20 0.50 2.90 3.78 10.113   26.70 90.39 29.5 24.0 9.72 467 

Hf 90 HfO2 120 62 450 3600 1.0 1.0 20 0.50 3.66     24.10 29.92 114.07 26.2 26.7 7.81 464 

Hf 90 HfO2 120 70 450 3600 1.0 1.0 20 0.50 4.88 3.81 10.126 21.60 33.30 151.87 21.9 23.6 7.93 470 

Hf 90 HfO2 120 80 450 3600 1.0 1.0 20 0.50 6.26 3.97 
 

  24.50 194.88 12.6 27.1 9.38 472 

Zr 90 ZrO2 120 30 450 3600 1.0 1.0 20 0.50 0.05   
 

  1.04 1.57 66.4 12.4 484.00 456 

Zr 90 ZrO2 80 30 450 3600 1.0 1.0 20 0.50 0.11 3.71 10.117   0.88 3.41 25.9 10.6 668.00 494 

Zr 90 ZrO2 120 55 450 3600 1.0 1.0 20 0.50 0.40     23.70 1.34 12.53 10.7 10.7 43.60 462 

Zr 90 ZrO2 120 90 450 3600 1.0 1.0 20 0.50 0.89     23.40 4.87 27.63 17.7 23.9 53.70 455 
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Zr 90 ZrO2 100 90 450 3600 1.0 1.0 20 0.50 1.56 3.81 10.131 22.60 10.30 48.53 21.3 25.0 24.30 469 

Zr 90 ZrO2 80 90 450 3600 1.0 1.0 20 0.50 1.70       16.20 52.97 30.6 28.7 13.50 540 

Zr 90 ZrO2 60 90 450 3600 1.0 1.0 20 0.50 2.42 3.86 10.121   18.80 75.48 24.9 20.4 16.30 523 

Zr 90 ZrO2 70 90 450 3600 1.0 1.0 20 0.50 2.73     22.00 10.80 84.91 12.7 25.4 22.70 498 

Zr 90 ZrO2 60 105 450 3600 1.0 1.0 20 0.50 4.43       4.00 137.91 2.9 10.2 154.00 484 

Zr 90 ZrO2 60 120 450 3600 1.0 1.0 20 0.50 4.90 3.89 10.137 16.30 9.81 152.52 6.4 15.2 41.80 535 

Mo 90 MoO3 120 60 450 3600 1.0 1.0 20 0.50 1.20 3.71 10.148 24.80 11.00 37.39 29.5 19.7 28.70 500 

Mo 90 MoO3 80 60 450 3600 1.0 1.0 20 0.50 2.88 3.98 10.135 18.20 43.20 89.67 48.2 53.5 2.70 502 

Mo 90 MoO3 60 60 450 3600 1.0 1.0 20 0.50 4.42   10.118 19.60 62.90 137.66 45.8 44.8 2.22 506 

Mo 90 MoO3 140 60 450 3600 1.0 1.0 20 0.50 1.07       3.95 33.41 11.8 18.2 86.60 475 

Mo 90 MoO3 100 60 450 3600 1.0 1.0 20 0.50 2.25       39.70 70.15 56.7 47.7 3.30 490 

Mo 90 MoO3 72 60 450 3600 1.0 1.0 20 0.50 4.18       50.40 130.31 38.7 45.7 2.71 480 

Mo 90 MoO3 66 60 450 3600 1.0 1.0 20 0.50 4.44       64.20 138.39 46.5 46.2 2.11 492 

Mo 90 MoO3 60 75 450 3600 1.0 1.0 20 0.50 6.66       60.40 207.57 29.1 33.2 3.11 522 

Mo 90 MoO3 60 90 450 3600 1.0 1.0 20 0.50 8.82       55.40 274.78 20.2 24.6 4.58 525 

Mo 90 MoO3 140 30 450 3600 1.0 1.0 20 0.50 0.17 3.60 10.147   0.21 5.22 4.0 9.0 3370.00 460 

Mo 90 MoO3 60 105 450 3600 1.0 1.0 20 0.50 10.41 4.14     28.80 324.25 8.9 25.5 8.50 528 

Sn 90 SnO2 150 10 450 3600 1.0 1.0 20 0.50 0.16     
 

4.01 5.05 79.5 20.3 76.70 510 

Sn 90 SnO2 150 15 450 3600 1.0 1.0 20 0.50 0.33 3.71 10.142 
 

25.80 10.42 247.9 29.7 8.16 506 

Sn 90 SnO2 150 20 450 3600 1.0 1.0 20 0.50 0.94 3.96 10.146 25.90 48.60 29.17 166.9 30.1 4.26 513 

Sn 90 SnO2 140 30 450 3600 1.0 1.0 20 0.50 2.10 4.04 10.137 24.90 58.80 65.42 90.0 28.6 3.71 517 

Sn 90 SnO2 100 90 450 3600 1.0 1.0 20 0.50 5.77     25.60 95.90 179.60 53.5 28.4 2.29 548 

Sn 90 SnO2 60 90 450 3600 1.0 1.0 20 0.50 9.49       102.00 295.58 34.6 35.1 1.74 592 

Sn 90 SnO2 100 90 450 3600 1.0 1.0 20 0.50 12.42   10.156 5.68 133.00 386.94 34.4 26.2 1.79 615 

Sn 90 SnO2 60 50 450 3600 1.0 1.0 20 0.50 19.52     6.17 85.90 608.02 14.1 29.7 2.45 632 

Sn 90 SnO2 60 90 450 3600 1.0 1.0 20 0.50 27.05 3.78 10.204 
 

67.50 842.45 8.0 33.2 2.78 737 
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Table S 3 Peak positions in the X-ray diffractometry of In2O3:M (M = Sn, Zr, Mo, Hf) thin films, 

where [M]XRF denotes the dopant concentration relative to the host matrix.   
2θ /° 

Material [M]XRF  
/at% 

(211) (222) (400) (440) (622) 

In2O3 N/A 21.45 30.40 35.30 50.85 60.40 
In2O3:Sn 0.3 21.45 30.60 35.40 50.90 60.50 
In2O3:Sn 0.9 21.50 30.45 35.45 50.90 60.50 
In2O3:Sn 2.1 21.45 30.50 35.40 50.90 60.50 
In2O3:Sn 5.8 21.45 30.60 35.35 50.80 60.45 
In2O3:Sn 27 - 30.30 - 50.50 59.90 
In2O3:Zr 0.1 21.55 30.60 35.50 51.05 60.70 
In2O3:Zr 1.6 21.55 30.65 35.50 51.05 60.70 
In2O3:Zr 2.4 21.60 30.60 35.50 51.00 60.65 
In2O3:Zr 4.9 21.45 30.50 35.45 50.95 60.65 
In2O3:Mo 0.2 21.50 30.35 35.40 50.95 60.50 
In2O3:Mo 1.2 21.45 30.50 35.35 50.90 60.45 
In2O3:Mo 2.9 21.55 30.60 35.30 50.70 60.60 
In2O3:Mo 4.4 21.55 30.70 35.55 51.10 60.70 
In2O3:Hf 4.9 21.50 30.65 35.50 51.05 60.65 
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Table S 4 Data used in the determination of the energetic height of grain boundaries in polycrystalline In2O3:M (M = Hf, Mo, Sn, Zr), where [M]XRF, NH, μH, Npoly, 

μpoly, and EB are the dopant concentration, single crystal free electron density, single crystal free electron mobility, polycrystalline free electron density, 
polycrystalline free electron mobility, and grain boundary energetic height, respectively. 

 Single crystal data Polycrystalline data 

Species Reference 
[M]XRF  

/at% 
NH  

/1019 cm-3 
μH  

/cm2/V.s 
Npoly  

/1019 cm-3 
μpoly 

/cm2/V.s 
EB 

/meV 
IO Koida 200645 0.0 0.6 90.0 0.3 6.9 65.9 

HIO Kanai 198454 1.5 10.0 107.6 10.1 24.7 37.8 

HIO Kanai 198454 2.3 13.0 104.4 13.0 25.9 35.8 

HIO Kanai 198454 7.5 16.0 134.5 16.0 26.6 41.6 

IMO Warmsingh 200452  2.0 19.0 125.0 19.0 22.4 44.2 

ITO Kanai 198454 1.5 25.0 64.0 25.8 29.7 19.7 

ITO Kanai 198454 5.0 28.0 96.9 25.8 29.7 30.4 

ITO Kanai 198454 2.5 30.0 90.5 25.8 29.7 28.6 

ITO Kanai 198454 0.5 7.0 74.3 7.0 21.9 31.4 

ITO Kanai 198454 7.5 28.0 89.2 25.8 29.7 28.2 

ZIO Kanai 198454 7.5 18.0 93.7 18.8 20.4 39.2 

ZIO Kanai 198454 2.5 7.5 134.2 7.5 24.9 43.3 

ZIO Kanai 198454 1.5 7.0 101.3 7.5 24.9 36.1 

ZIO Koida 200645 5.0 15.0 66.0 16.2 28.7 21.4 

ZIO Koida 200645 2.0 10.0 88.0 10.3 25.0 32.3 

ZIO Koida 200645 1.0 15.0 100.0 16.2 28.7 32.1 

ZIO Koida 200645 0.3 9.0 111.0 10.3 25.0 38.3 
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ITO Koida 200645 0.3 10.0 75.0 10.0 25.2 28.0 

ITO Koida 200645 0.5 20.0 75.0 20.0 28.8 24.6 

ITO Koida 200645 1.0 30.0 60.0 30.0 30.4 17.5 

ITO Koida 200645 2.0 35.0 35.0 30.0 30.4 3.6 

ITO Koida 200645 5.0 30.0 35.0 30.0 30.4 3.6 
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Table S 5 Electron effective masses determined from the Moss-Burstein band gap shift (MB) and 

from plasmon loss in X-ray photoelectron spectroscopy (XPS). 

Species m*MB  
/m0 

Δm*MB  
/m0 

m*XPS  
/m0 

ZIO 0.1645 -- 0.11 
HIO 0.194 -- 0.2 
IMO 0.49 0.03 0.18 
ITO 0.58 0.06 0.58 

 

Table S 6 Effect of added oxygen in the deposition ambient on the electrical properties of 

polycrystalline In2O3 films doped with 0.95 at% Hf. 

pO2 
/% 

NH 
/1018 cm-3 

μH 
/cm2/V.s 

ρH 
/Ω.cm 

0.0 942.9 39.2 1.69 × 10-4 
0.5 41.9 6.0 2.50 × 10-2 
1.0 5.0 1.2 1.00 × 100 
1.5 1.3 0.3 1.47 × 101 
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Table S 7 Electron mobility (μH), carrier density (NH) and grain boundary potential (EB) for 2.5±0.4 at% In2O3:M films (M = Mo, Zr, Hf, Sn) annealed at 250 °C 

under 5%v/v H2/N2 for varying durations. Crystallite diameters (p) were determined from X-ray diffractometry for 2.1 at% Sn-doped In2O3. 
  μH 

/cm2/V.s 
NH 

/1020 cm-3 
EB 

/meV 
p 

/nm 

Species 
[M]XRF 

/at% 0 min 30 min 150 min 0 min 30 min 150 min 0 min 30 min 150 min 0 min 30 min 150 min 
HIO 2.90 28.6 41.4 43.6 2.10 1.80 1.80 33.3 23.8 22.4 

   

IMO 2.25 44.8 50.7 53.5 4.10 3.60 3.40 26.4 23.2 21.8 
   

ITO 2.10 22.3 31.2 31.9 7.40 6.50 6.50 36.0 27.3 26.8 59.5 41.1 37.1 

ZIO 2.73 17.7 29.5 30.9 1.50 1.50 1.60 52.0 38.9 37.7 
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Table S 8 Summary of growth parameters, and characterisation of electrical properties and elemental composition, for lab-scale APCVD of Ta-doped SnO2. 

dFM, [Ta]XPS, ρ, NH and μH denote the film thickness as determined via Filmetrics, the dopant concentration in the film as determined via XPS, the electrical 

resistivity, the electron density and the Hall mobility respectively.  

Target material Reaction 
t  

/min 
[Ta]  
/°C 

[Sn]  
/°C 

T 
/°C Carrier 

[Ta]  
/slm 

[Sn]  
/slm 

[O]  
/slm 

Plain  
/slm 

Total flow 
/slm 

dFM 
/nm 

[Ta]XPS 
/at% 

ρ 
/10-3 Ω.cm 

NH 
/1019 cm-3 

μH 

/cm2/V.s 
SnO2 TBT+O2 1 

 
180 600 Ar 0.25 2 1 2 5.25 

   
  

SnO2:Ta TBT+O2+Ta(OEt)5 1 170 180 600 Ar 1 2 0.2 2 5.2 
   

  

SnO2:Ta TBT+O2+TaCl5 3 130 130 600 Ar 2 2 0.7 5.5 10.2 
     

SnO2:Ta MBTC+O2+TaCl5 5 80 80 550 N2 1 1 0.5 3.5 6 740 
 

1.04 
  

SnO2 MBTC+O2 5 
 

80 550 N2 0.5 1 0.5 4 6 
     

SnO2:Ta MBTC+O2+TaCl5 5 80 80 550 N2 0.5 1 0.5 4 6 530 
 

1.06 
  

SnO2:Ta MBTC+O2+TaCl5 5 80 80 550 N2 0.5 1 0.5 4 6 530 
 

1.06 
  

SnO2:Ta MBTC+O2+TaCl5 5 70 70 550 N2 1 1 0.5 3.5 6 400 
 

1.2 
  

SnO2:Ta TBT+O2+TaCl5 3 110 130 450 Ar 4 2 0.7 3.5 10.2 21 
 

6.1 12.0 8.8 

SnO2:Ta TBT+O2+TaCl5 3 110 130 600 Ar 4 2 0.7 3.5 10.2 311 
 

7.2 4.5 19.1 

SnO2:Ta TBT+O2+TaCl5 3 110 130 550 Ar 4 2 0.7 3.5 10.2 99  7.3 1.5 5.7 

SnO2:Ta TBT+O2+TaCl5 1 90 180 550 N2 1 2 1 2 6 250 
 

5 
  

SnO2:Ta TBT+O2+TaCl5 1 120 180 550 N2 1 2 1 2 6 310 
 

6.2 
  

SnO2:Ta TBT+O2+TaCl5 1 100 180 550 N2 1 2 1 2 6 250 
 

4.5 
  

SnO2:Ta TBT+O2+TaCl5 1 110 180 550 N2 1 2 1 2 6 250 
 

7.5 
  

SnO2:Ta TBT+O2+TaCl5 1 120 180 550 N2 1 2 1 2 6 310 
 

6.2 
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SnO2:Ta TBT+O2+Ta(OEt)5 1 180 180 550 Ar 1 2 1 2 6 
  

 -- -- 

SnO2:Ta TBT+O2+Ta(OEt)5 1 170 180 550 Ar 0.25 2 1 2 5.25 
  

 
  

SnO2:Ta TBT+O2+Ta(OEt)5 1 170 180 550 Ar 0.25 2 1 2 5.25 
  

 
  

SnO2:Ta TBT+O2+Ta(OEt)5 1 170 180 550 Ar 1 2 1 2 6 
  

 -- -- 

SnO2:Ta TBT+O2+Ta(OEt)5 1 180 180 550 Ar 0.25 2 1 2 5.25 
  

 -- -- 

SnO2:Ta TBT+O2+Ta(OEt)5 1 190 180 550 Ar 0.25 2 1 2 5.25 
  

 -- -- 

SnO2:Ta TBT+O2+Ta(OEt)5 1 190 180 550 Ar 0.25 2 0.1 2 4.35 
  

 -- -- 

SnO2:Ta TBT+O2+Ta(OEt)5 1 190 180 550 Ar 0.25 2 0.5 2 4.75 
  

 -- -- 

SnO2:Ta TBT+O2+TaCl5 3 130 130 600 Ar 4 2 0.7 3.5 10.2 
  

 
  

SnO2:Ta TBT+O2+TaCl5 3 140 130 600 Ar 4 2 0.7 3.5 10.2 
  

 
  

SnO2:Ta TBT+O2+TaCl5 3 130 130 550 Ar 4 2 0.7 3.5 10.2 155 15.5 31 1.5 13.9 

SnO2:Ta TBT+O2+TaCl5 3 120 130 550 Ar 4 2 0.7 3.5 10.2 200 5.3 30 3.2 7.9 

SnO2:Ta TBT+O2+TaCl5 3 140 130 550 Ar 4 2 0.7 3.5 10.2 292  97.2 
 

  

SnO2:Ta TBT+O2+TaCl5 3 100 130 550 Ar 4 2 0.7 3.5 10.2 185 3.1 42.55 1.4 10.9 

SnO2:Ta TBT+O2+TaCl5 3 150 130 550 Ar 4 2 0.7 3.5 10.2 250 97.7 50000   

SnO2 TBT+O2 1 0 180 550 Ar 0.25 2 1 2 5.25 230 
 

23 -- -- 
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Table S 9 Summary of growth parameters, and characterisation of electrical properties and elemental composition, for scale-up APCVD of Ta-doped SnO2 via 

MBTC+EA+O2+TaF5=SnO2:Ta. dDT , dFM, Rsh, [Ta]XPS, [Ta]EDS, Δ[Ta]EDS, ρ, NH and μH denote the film thickness as determined via DekTak/Filmetrics, the sheet 
resistance, the dopant concentration in the film as determined via XPS/EDS and its associated error, the electrical resistivity, the electron density and the Hall 

mobility respectively. 

Species T /°C [Ta] /°C [Ta] /slm 
dDT 

/nm 
dFM  
/nm  

Rsh  
/Ω/sq 

[Ta]XPS 
/at% 

[Ta]EDS 
/at% 

Δ[Ta]EDS 
/at% 

ρ 
/10-3 Ω cm 

μH 
/cm2/V.s  

NH 
/1019 cm-3 

Ta2O5 600 
  

65 
        

SnO2 600 
  

65 
 

280 
      

SnO2 600 
  

55 
 

280 
      

SnO2 600 
  

57 
 

380 
      

SnO2 600 
    

210 
      

Ta2O5 600 106 1 
         

Ta2O5 600 110 1 
         

Ta2O5 600 110 0.1 
         

Ta2O5 600 110 0.1 
  

450 
      

SnO2:Ta 600 110 0.1 40 
        

SnO2:Ta 600 110 0.5 
  

2500 
 

66.83 2.02 
   

SnO2:Ta 600 110 0.3 12 
 

630 
      

SnO2:Ta 600 110 0.2 52 
        

Ta2O5 600 100 1 
  

240 
      

SnO2:Ta 600 101 1 43 53 240 0 0.02 2.00 1.56 8.42 47.4 

SnO2:Ta 600 100 0.8 
 

44.7 12000 62 52.39 2.37 49.62 20.8 0.6 

SnO2:Ta 600 100 0.8 
         



253 
 
 

SnO2:Ta 600 101 0.4 
 

60 1200 5.9 14.95 1.91 6.3 4.55 21.8 

SnO2:Ta 600 101 0.1 17 62 260 0 0.01 2.00 2.01 8.56 36.1 

SnO2:Ta 600 101 0.2 47 60 260 0 2.61 1.19 1.59 7.28 53.8 

Ta2O5 600 86 1 
         

SnO2:Ta 600 85 0.5 7 44 1000 0 11.92 2.02 2.93 5.07 42.0 

SnO2:Ta 600 85 0.1 30 
 

235 
      

SnO2:Ta 600 76 0.5 23 56 450 0 8.31 1.26 2.25 6.36 43.6 

SnO2:Ta 500 75 0.5 
  

9000 
      

SnO2:Ta 500 84 0.5 
  

9500 
      

SnO2:Ta 500 85 0.5 
         

SnO2 500 
    

2000 
      

SnO2 600 
  

73 53 410 
  

2.00 3.45 9.55 19.1 
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Table S 10 Summary of thermogravimetric analysis of monobutyltin trichloride (MBTC) and 

tantalum(V) chloride (TaCl5). 

Substance Stage T range /°C Mass loss /% 
MBTC Vaporisation 65-168 93.4 

MBTC Decomposition 168-186 4.7 

TaCl5 Dehydration 55-148 10.3 

TaCl5 Sublimation 150-187 26.5 

TaCl5 Decomposition 187-210 3.9 

 

Table S 11 Chlorine impurity analysis of SnO2 thin film deposited on barrier glass from MBTC 

and EA or TBT and O2 at 550°C, performed using XPS depth profiling by fitting the Cl2p 

environment at each level. 

MBTC TBT 
Etch time /s Cl:Sn /at% Etch time /s Cl:(Cl+Sn) /at% 

0 9.27 0 2.08 

100 1.58 150 0.44 

200 0.97 300 0.00 

300 0.75 450 0.00 

400 0.58 600 0.00 

500 0.74 750 0.00 

600 0.64 900 0.00 

700 0.53 1050 0.00 

800 0.61 1200 0.00 

900 0.33 1350 0.00 

1000 0.49 1500 0.00 

1100 0.68 1650 0.00 

1200 0.94 1800 0.00 

1300 0.69 1950 0.00 

1400 0.52 2100 0.00 
  

2250 0.00 
  

2400 0.00 
  

2550 0.00 
  

2700 0.00 
  

2850 0.00 
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Table S 12 XRD patterns for SnO2:Ta films deposited on glass by APCVD from TBT and TaCl5 

for depositions with increasing TaCl5 bubbler temperature (100-150°C). 
 

hkl  
110 101 200 211 220 112 

[Ta] /°C 2θ /° 
100 26.55 33.85 37.90 51.70 54.70 61.80 

110 26.55 33.75 37.85 51.70 54.60 61.90 

120 26.55 33.80 37.90 51.70 54.65 61.85 

130 26.55 33.85 37.85 51.70 54.75 61.85 

140 - - - - - - 

150 - - - - - - 

 

Table S 13 X-ray photoelectron depth profiling by Ar+ beam etching of a Ta-doped SnO2 film. 

Etch time 
/s 

C 
1s % 

Cl 
2p % 

F 
1s % 

O 
1s % 

Sn3d 
% 

Ta4d 
% 

Ta:(Ta+S
n) 

/at% 
0 26.42 1.08 0.30 47.73 24.47 0.01 0.04 

50 13.14 0.42 0.37 52.16 33.85 0.07 0.21 

100 10.60 0.60 0.63 52.67 35.40 0.11 0.31 

150 9.95 0.37 0.63 52.45 36.52 0.08 0.22 

200 10.33 0.64 0.67 51.24 36.99 0.13 0.34 

250 11.99 0.71 0.73 50.43 35.98 0.16 0.45 

300 10.21 0.51 0.69 51.74 36.64 0.22 0.59 

351 9.71 1.10 0.72 51.33 36.93 0.21 0.56 

401 10.27 0.53 0.90 51.34 36.73 0.23 0.63 

451 9.08 0.55 0.65 52.09 37.36 0.27 0.72 

501 9.58 0.52 0.92 51.17 37.42 0.39 1.02 
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Table S 14 Shift of the Fermi level with respect to the valence band maximum with increasing Ta 

doping in SnO2. 

TaF5 flow  
/sccm 

EF - EVBM 
/eV 

[Ta]EDS 
/wt% 

0.0 2.47 0 

0.1 2.79 0 

0.2 2.94 3.9 

0.4 2.89 21.1 

0.8 3.20 63 

1.0 3.89 0 
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Table S 15 Le Bail refinement of Ta-doped SnO2 XRD patterns from the deposition of MBTC with TaF5. [Ta]EDS, a, b, c and Δ represent the dopant concentration 

as determined via EDS, the lattice parameters, and the associated errors, respectively. 

[Ta]EDS  
/at% 

Δ[Ta]EDS  
/at% 

a  
/Å 

Δa  
/Å 

b  
/Å 

Δb  
/Å 

c  
/Å 

Δc  
/Å 

Cell volume  
/Å3 

ΔCell volume  
/Å3 

N/A N/A 4.7387 0.0022 4.7387 0.0022 3.1885 0.0048 71.599 0.105 
0.01 2.00 4.7445 0.0036 4.7445 0.0036 3.1926 0.0078 71.866 0.174 
0.02 2.00 4.7405 0.0047 4.7405 0.0047 3.1903 0.0075 71.694 0.177 

2.6 1.2 4.7463 0.0042 4.7463 0.0042 3.2027 0.0059 72.147 0.147 
8.3 1.3 4.7560 0.0123 4.7560 0.0123 3.1842 0.0094 72.026 0.450 

11.9 2.0 4.7446 0.0049 4.7446 0.0049 3.1929 0.0088 71.875 0.201 
14.9 1.9 4.7483 0.0102 4.7483 0.0102 3.1878 0.0082 71.873 0.408 
52.4 2.4 4.7553 0.0125 4.7553 0.0125 3.1712 0.0297 71.710 0.651 
66.8 2.0 -- -- -- -- -- -- -- -- 
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Table S 16 Temperature-variable Hall effect measurements on Ta-doped SnO2 deposited from 

MBTC and TaF5, showing effect of sample temperature on its electrical resistivity ⍴, and electron 

mobility μH and electron density NH. ΔT denotes the estimated error in the sample temperature. 

T 
/K 

ΔT 
/K 

NH  
/1020 cm-3 

μH  
/cm2/V.s 

ρ  
/103 Ω.cm 

145.0 7.1 -2.76 2.94 7.71 

164.0 1.4 -2.95 2.76 7.67 

169.5 2.1 -3.24 2.53 7.61 

175.5 2.1 -2.72 3.03 7.58 

186.0 7.1 -3.40 2.44 7.54 

203.0 5.7 -4.53 1.85 7.46 

217.0 2.8 -3.33 2.54 7.38 

223.0 1.4 -4.33 1.97 7.32 

228.5 2.1 -3.09 2.78 7.28 

234.5 2.1 -3.33 2.59 7.25 

241.0 2.8 -2.68 3.23 7.23 

247.0 1.4 -2.57 3.38 7.21 

252.0 1.4 -3.37 2.57 7.19 

256.0 1.4 -3.30 2.64 7.18 

264.0 1.4 -3.65 2.39 7.15 

267.5 0.7 -3.85 2.27 7.15 
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Table S 17 Annealing study to observe lability of F and Ta dopants originating from TaF5 dopant 

source. The vertical distribution of Ta and F were determined by XPS using an Ar+ sputter-etch 

depth profile. 

As-dep Annealed 
Etch time  

/s 

F 

/(F+Sn) 

/at% 

Ta 

/(Ta+Sn) 

/at% 

Etch time  

/s 

F 

/(F+Sn) 

/at% 

Ta 

/(Ta+Sn)  

/at% 

0 1.16 0.41 0 0.92 1.88 

50 1.12 0.42 151 1.79 2.03 

100 1.76 0.63 301 2.39 2.26 

150 1.73 0.69 452 1.89 2.55 

200 1.83 0.68 602 2.42 2.82 

250 2.04 0.9 752 2.52 2.85 

300 1.91 1.18 
   

351 2.01 1.18 
   

401 2.39 1.52 
   

451 1.82 1.88 
   

501 2.35 2.03 
   

 

Table S 18  X-ray diffraction data of stoichiometric GaSbO4 films, deposited at 450°C and having 

been annealed at the temperatures and durations shown.  
 

2θ /° 
Peak 2 h, 580 °C 6 h, 900 °C 
(110) 27.23 27.2 

(101) 35.38 35.4 

(111) - 40.66 

(211) 53.81 53.78 

(220) 56.27 56.58 
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Table S 19 Unit cell parameters from Le Bail refinement of XRD data for Ga2xSb2-2xO4 films for 

x=0-1, all having been annealed at 580°C for 6 h. When x = 0.80, the film was amorphous. The 

arrows guide the eye. Also shown are the calculated cell volumes and crystallite diameters, p, 

derived using the Scherrer method. 

EDX x= 
a 

/Å 
b 

/Å 
c 

/Å Cell volume /Å2 
p 

/nm 
0.00 4.629 4.629 3.060 65.569 15.2 

0.19 4.649 4.649 3.006 64.969 8.0 

0.32 4.638 4.638 3.025 65.068 7.6 

0.58 4.640 4.640 2.998 64.563 3.5 

0.80 - - - - - 

1.00 12.240 3.035 5.812 215.907 37.0 

 

Table S 20 Variation of Sb oxidation state with stoichiometry in Ga2xSb2-2xO4 films as determined 

from the Sb3d5/2 peak in XPS, and the peak position of Sb3d5/2 in Ga2xSb2-2xO4 with varying x.  

xXPS 

Sb+III 3d5/2 

position 
/eV 

Sb+V 3d5/2  
position 

/eV 
Sb+III:(Sb+III+Sb+V)  

/at% 
0.00 529.76 530.59 

 

0.04 530.56 531.41 99.9 

0.08 530.71 531.85 83.0 

0.16 530.78 531.73 95.2 

0.37 531.05 531.94 59.9 

0.38 531.88 532.99 - 

0.43 531.98 532.66 53.0 

0.50 531.29 532.19 - 

0.56 531.61 532.03 39.1 
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Table S 21 Charge carrier mobility μH and electrical resistivity ⍴H, as determined using Hall effect 

measurements, for amorphous Ga2xSb2-2xO4 films.  

xEDX 
μH 

/cm2/V.s ρH/104 Ω.cm 
0.00 - 6.8 

0.19 0.3 9.3 

0.32 3.6 7.9 

0.58 9.5 1.6 

0.80 8.0 15.0 

1.00 10.7 37.6 

 

Table S 22 Peak positions in the X-ray diffractometry of scandium(III) oxide thin films. 

Miller plane d-spacing  
/Å 

2θ  
/° 

(211) 4.026 22.05 

(222) 2.841 31.45 

(400) 2.469 36.35 

(332) 2.089 43.25 

(440) 1.741 52.50 

(622) 1.485 62.45 

 

Table S 23 The peak positions of the vibronic emissions shown against their index assignments, 

where ν’ and ν’’ represent the vibrational quanta in the initial (excited) and final (ground) 

electronic states, respectively. 

 v'' 
v' 0 1 2 3 4 
6 3.124 3.009  2.742 2.621 

5 3.033 2.95 2.823 2.678 2.558 

4 2.959 2.829 2.708 2.567  

3 2.832 2.708 2.579   

2 2.756 2.639 2.515   

1 2.652     

0 2.522     

 


