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It was established by differential scanning calorimetry and X-ray
diffraction analysis that the transformation from lamellar to fibrillar
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Abstract

To establish relationships between the molecular structure of
polyolefines and their physical characteristics which determine possible
commercial applications, structural changes and tensile deformation response
up to deformations beyond the natural draw ratio were investigated using a
variety of experimental approaches. True stress—strain curves were measured
at different temperatures so as to estimate the available effective network
density, which will eventually define the failure mode of the material under
investigation. Analysis of the deformation by means of tensile strain
hardening, assuming the Haward-Thackray spring dashpot decoupling
assumption by means of Edward-Vilgis’ non-Gaussian rubber-elastic slip-link
model, reveals the role of transient and fixed network nodes.

It was established by differential scanning calorimetry and X-ray
diffraction analysis that the transformation from lamellar to fibrillar
morphology passes through the several pronounced stages: deformation of
initial lamellae (A <1.5); destruction of lamellar structure through the tilt;
slippage of molecules in the crystallites; simultaneous formation of fibrils with
structural characteristics depending on the molecular structure and on
deformation conditions; deformation of the formed fibrillar structure; tilting -
formation of chevrons for high molecular weight low density polyethylene or
slippage of fibrils and void formation.

Distinction between fixed and transient slip link network
contributions reveals neatly that although there is a slight drop in the fixed
link network density with increasing temperature, this contribution remains
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of the same order of magnitude and predominantly related to the molecular
mass. This observation enhances the idea that the network of entanglements
that remain fixed on the time scale of the measurement is actually entropic in
nature and does not depend greatly on temperature. Considering slip link
contributions, one can find them to be prominently present at ambient
temperature and their importance becomes negligible at elevated temperature,
except for the case of the most crystalline material.



1. Introduction

Nanoscale microphase separated systems attract a great attention in
both academic and applied research circles in last decades[1,2,3]. Recent
achievements in the chemistry of polyolefines stipulated by the progress in the
design of new catalytic systems, allow synthesis of polymers with highly
defined molecular structure, molecular weight distribution, and
correspondingly with well-defined supramolecular organization, degree of
crystallinity and a wide range of adjustable properties — from rubber-like
clastomers to highly crystalline thermoplastics. Low crystalline materials
with the crystallinity less than 10% exhibit pronounced ability to large
reversible deformations while highly crystalline ones are able for only limited
deformations because in such systems deformation behavior is determined by
the changes in crystalline lamellae. Thus, a unique opportunity to adjust
material properties lies in variation of polymer crystallinity: with its increase
formation of continuous crystalline phase (percolation) leads to the switch
from typical rubber-like behaviour characterized by large, uniform, reversible
deformations, to the typical cold drawing when necking occurs.

Changes in the molecular structure of copolymers lead via a complex
crystallization behavior to significantly different properties. Numerous efforts
were devoted to large deformations of such microheterogeneous polymer
systems|4,5,6,7,8,9], and to the establishment of relationships between the
chemical structure of polyolefins and their mechanical properties determining
possible commercial applications. Amongst the most important properties,
besides modulus, is toughness on short and long time scales, think about the
creep failure resistance of pipe grade materials.

Understanding the strain hardening response is crucial and central in
understanding this failure resistance[10] as it determines the surface energy
that is the central physical observable in the balance between craze
propagation and ductile failure[10,12].

Various rubber elastic models may be used to describe the strain
hardening behavior of semicrystalline polymers. Recent developments in the
interpretation of mechanical behavior of thermoplastics have increasingly
employed the concept of the polymer chain conformation[11,12,13,14,15]. In its
application to solid rubbery materials, it is common to employ the hypothesis
of Haward and Thackray[15] that elastic and viscous forces may be modelled
in parallel. This assumption makes it possible to represent not only
deformations measured in tension, but also those resulting from the
application of other types of load such as compression and shear.

From experimental point of view, powerful combination of
deformation calorimetry[16,17] and wide and small angle X-ray analysis allows
to establish direct links between the molecular response on deformation and
changes at the macroscopic level. Based on these data it is possible to elucidate
important aspects of the mechanical behaviour of polymer systems such as
energy contribution to the elasticity of a rubber matrix, limited chain
extensibility, reversibility of deformation, hysteresis phenomena during cyclic
deformation, and the role of hard domains in the process of high elongation. It



is also possible to distinguish the phase transitions, to study strain-induced
crystallization and to study the nature of cross-link networks.

In the present study special attention is paid to the deformation
mechanisms of polyolefines of different chemical structure at elevated
temperatures when structural rearrangements of crystalline blocks proceed
more easily. The strain hardening is analysed by means of, Neo-Hookean,
Mooney-Rivlin and Edward-Vilgis’ non-Gaussian slip-link model, in order to
estimate the nature of the available molecular and transient crystalline
network.

2. Characteristics of PE samples

Four PE samples with different molecular masses and densities were
studied. The density is controlled by the composition of the polymer, ie, a
number of chain branches hindering crystallization:

1. HDPE (density 0.964; MFI - 8), hereinafter PE-964;

2. bimodal HDPE (density 0.949; MFI = 0.3), hereinafter PE-949;

3. LLDPE-926 (density 0.926; MFI = 0.7), hereinafter PE-926;

4. LLDPE-918 (density 0.918; MFI - 1.0), hereinafter PE-918.

We have to emphasize that melt flow index varies substantially, as the
samples are characterized by different molecular masses. This fact should be
taken into account in our further considerations. The films were prepared by
compression molding of pellets at high temperature with subsequent cooling
to room temperature. The materials were pressed at 160°C to a uniform
thickness sheet using the following procedure: 5 min of heating at 0 kN load,
3min at 10kN load, 3min at 50 kN load and cooling down to room
temperature at a load of 180 kN. After pressing, the samples were annealed for
1 hat120°C and then slowly cooled down to a room temperature by switching
off the chamber temperature. Finally, the test specimens (ISO37 type 3 — 1994
(E)) were punched from the pressed sheets. To elucidate an effect of
preparation conditions on crystallinity and thermal behavior of the original
pellets, two different types of samples were studied: 1) films quenched in a
mixture of water and ice; 2) slowly crystallized films.

DSC measurements were performed using Mettler DSC-30 and Perkin-
Elmer DSC-7 instruments. As-prepared films of 2+10 mg weight were heated
from -150°C to +250°C with the rate of 20°C/min. Degree of crystallinity was
calculated as a ratio of the heat of fusion of given sample to that of an ideal PE
crystal (AHq=290 J/g).

Detailed characterization of the structure of as-prepared PE films and
of its transformation in the process of deformation was carried out by X-ray
scattering analysis. Wide angle X-ray 2D diffraction patterns were obtained
using a flat X-ray camera (Ni-filtered CuKa radiation), the spot size of the
focused beam on the sample being ca. 300 pm in diameter. Linear equatorial
and meridian diffraction scans of drawn fibers were recorded in the
transmission mode with the use of a DRON-3 instrument (CuKa radiation,
curved quartz crystal monochromator). Degree of crystallinity of as-received



samples was estimated from wide angle data as a ratio of the integral intensity
of crystalline diffraction peaks to the total scattering, after the subtraction of
instrumental background and correction for Lorentz and polarization factors.
The lateral and longitudinal crystallite sizes were obtained from the integral
half-widths of corresponding reflections using the Scherrer equation after
correction for instrumental broadening.  Structural changes on
supramolecular hierarchical level in the process of sample deformation were
monitored by small angle X-ray scattering using the compact Kratky camera

(Ni-filtered CuKe radiation). Long period of microfibrillar structure was
calculated with the use of Bragg equation after application of the desmearing
procedure by SYRENA program. Moreover, small angle 2D X-ray patterns were
also recorded by a pinhole camera with high angular resolution.

As-prepared films appeared to be semi-crystalline materials. Their
WAXS patterns (Figure 1a) reveal the presence of broad amorphous halo as
well as of strong 110 and 200 reflections characteristic for the orthorhombic
crystal lattice of PE. Degree of crystallinity estimated as a ratio of the integral
intensity of diffraction peaks to the total scattering, as well as lateral sizes of
crystallites, are symbate to the macroscopic density of the samples (see
Table 1). They are also in a good agreement with the data of differential
scanning calorimetry. Moreover, one can observe an intensive maximum on
small-angle X-Ray diffractograms of both HDPE and LLDPE samples
(Figure 1b). The values of corresponding long periods are also shown in
Table 1. The intensity of the SAXS peaks is rather lower for LLDPE films
compared to that in HDPE probably due to a structure factor effect, that is
lamellar persistence which is lower in branched materials.

Intensity,a.u. Intensity, a.u.
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Figure 1: Wide- (a) and small-angle (b) X-Ray patterns of as-prepared films
of PE-964 (1), PE-949 (2), PE-926 (3) and PE-918 (4).

Thermal behaviour of PE depends substantially on the macroscopic
density of material as well as on the deformation conditions such as draw ratio
and temperature. Figure 2 representing DSC thermograms of the first heating
of as-prepared films and highly drawn fibres of PE-918, PE-926, PE-949 and
PE-964 oriented at Tger=70°C serves as an example of such statement. All
thermographs reveal the endothermal peaks corresponding to the melting PE
crystals in the temperature range of 80:135°C. Subsequent cooling is



accompanied by exothermic effects of crystallization. Figure 3 summarizes the
draw ratio dependencies of the melting temperature and of the heat of fusion
for PE samples of different structure. One can easily see that for samples
oriented both at 20°C and 70°C, the density of the material directly correlates
to its melting temperature at any given draw ratio.

Table 1. Structural and thermal characteristics of as-prepared films*
SamPle ToC AHy, onsc | Tu'C AHcr, o) Lo, L
(density) J/sg J/g XRay | DM nm
PE-918 120 96 033 | 106 82 0.35 20 22
PE-926 120 136 047 | 107 129 0.46 23 22
PE-949 127 142 | 049 | 114 157 0.56 33 25
PE-964 135 211 0.73 115 212 0.67 40 28

* Tmis the melting temperature obtained as a maximum of corresponding endothermal peak on the
DSC thermogram; A Hr, is melting heat; @psc is degree of crystallinity calculated using DSC; T is
the crystallization temperature obtained as a maximum of corresponding exothermal peak; A is
crystallization heat; gx.ray is degree of crystallinity calculated using WAXS data; l110 is lateral
crystallite size calculated from the half-width of 110 reflection; L is the long period.
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Figure 2: DSC thermograms of the first heating of as-prepared films (1) and
highly oriented fibers (2) of PE-918 (a), PE-926 (b), PE-949 (c) and PE-964
(d) drawn at 70°C (2). The draw ratio of the fibers is A = 8.5; 8.0; 7.0; 28 on
figures a-d correspondingly.

At the initial stages of deformation, crystallinity of all samples
decreases and then starts to increase reaching the value of 80% in case of
HDPE for both deformation temperatures. The degree of crystallinity of the
other samples are lower but show the same tendency. Such behaviour of

Kan (M) can be explained by the deformation of virgin lamella (A = 1+2), their




break-up and simultancous formation of a new fibrillar morphology
(X = 1.5+4), and finally by the further extension of the fibrils (A > 6). Of course,
the ranges of strain for these processes vary substantially for the studied
polymers. The rise of calculated crystallinity with the draw ratio on the latter
stage can be explained by the increasing contribution of bundles of tie
molecules to the total heat of fusion[18,19,20].
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Figure 3: Draw ratio dependencies of melting temperature (a,b) and heat of
fusion (c,d) for the samples of PE-964 (1), PE-949 (2), PE-926 (3) and
PE-918 (4) oriented at 20°C (a,c) and 70°C (b,d).

Analysis of the X-Ray data obtained in the process of deformation of
PE samples with different molecular structure (Figures 4-7) confirms the
proposed model. Although the character of structural changes is similar for
the different orientation temperatures, only the patterns obtained at
Taer=70°C are shown. The character of such changes is typical for the
crystalline PE[Ommnb6ka! 3akinaaka ue onpenesnena. Omubka! 3akiaaaka He
ompenenena.|. In zone 1 (1<X <1.2-1.4) deformation of virgin lamellae takes
place: the lamellae perpendicular to drawing orientation move away from each
other, the parallel lamellae remain intact and the rest of them concentrates at
an angle of 45°. On further orientation, at A >12, crystallites re-orient
themselves according to the Peterlin scheme[21], so as their crystallographic
axis a is almost perpendicular to the drawing direction, thus 110 and 020
reflections form four-point azimuthal distribution, sometimes not uniform.
On this stage the lamellae, especially those oriented at 45° to the deformation
direction, start to fragment through the tilt and slippage of chain segments,
transforming into the fibrillar structure with the c-axis parallel to the draw



direction. This transformation is accompanied by an initial decrease in

crystallinity as can be seen on Figure 3.
Gexpr MPa
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Figure 4: Deformation induced changes in 2-D WAXS patterns of PE-918
samples oriented at Tq;=70°C. 1 - experimental stress—strain curve, large
circles show the points used for the calculation of true stress - true strain
dependence (2).
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Figure 5: Deformation induced changes in 2-D WAXS patterns of PE-926
samples oriented at Tq;=70°C. 1 - experimental stress—strain curve, large
circles show the points used for the calculation of true stress - true strain
dependence (2).




Figure 6: Deformation induced changes in 2-D WAXS patterns of PE-949
samples oriented at Tqr=70°C. 1 — experimental stress—strain curve, large
circles show the points used for the calculation of true stress - true strain
dependence (2).
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Figure 7: Deformation induced changes in 2-D WAXS patterns of PE-964
samples oriented at Tar=70°C. 1 — experimental stress—strain curve, large
circles show the points used for the calculation of true stress — true strain
dependence (2).

Average longitudinal crystallite size lo, in oriented fibers is smaller
than that in the as-received samples and is equal to 13+17 nm depending on the
molecular structure of PE. Usually it remains constant after neck propagation,
with the only exception being PE-964 where loo; increases continuously up to
25nm. Average lateral crystallite size li10 decreases in the process of
orientation from 22 to 8 nm for LLDPE and from 33 to 14 nm for HDPE.

SAXS patterns of oriented samples of PE-926 reveal (Figure 8) that
deformation to A=12 is accompanied by the development of four-point
streak-like scattering protruding from the origin; simultaneously the oval
scattering from the lamellae becomes weaker. At A =14 the streak scattering
is getting stronger and new meridional maxima appear. The increase of draw
ratio up to A =4 results in the disappearance of streaks, only meridional
scattering can be observed. On further deformation its intensity decreases and
the shape changes from four-point one. Such type of SAXS pattern is
characteristic for chevron-like supramolecular organization in which fibrillar
crystallites have their face surfaces tilted with the respect to the direction of
orientation. Supposedly, highly dense network of entanglements in
interfibrillar amorphous regions prevents the deformation of fibrils and leads
to the tilting of interface.

Thus, thermal and structural studies of PE samples of different density
allowed us to establish relations between the deformation and the structure
changes of the studied samples. The next step will be to relate such changes
to the developed theoretical models of polymer deformation.
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Figure 8: Deformation induced changes in 2-D SAXS patterns of PE-926
samples oriented at Tqr = 70°C. Draw ratio A is 1.1 (1), 1.4 (2) 1.7 (3), 4.1 (4),7.9
O)-

3. Analysis of the tensile true stress-strain data

Deformation of all the studied films is accompanied by necking, neck
propagation and further homogeneous elongation of the film beyond the
natural draw ratio. The sharpness of the neck is determined by the height of
the yield stress in comparison to strain hardening according to Vincent’s[22]
this effect being more pronounced in the HDPE samples which in the neck
become opaque. It should be underlined that formation of the neck starts at
A~1.1-1.2 corresponding to the yield point on the experimental stress-strain
curves (Figure 9) and it ends at the natural draw ratio. Only after full
propagation of the neck through the entire sample, the homogeneous
deformation of the necked material proceeds into the strain hardening phase.
The ultimate draw ratio reaches X = 25+30.
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Figure 9: Experimental stress-strain curves of PE-918 (a), PE-926 (b),
PE-949 (c) and PE-964 (d) drawn at 20°C (1), 50°C (2) and 70°C (3).
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Deformation of LLDPE and bimodal HDPE films appears to be more
homogeneous: after its formation, the neck extends through the whole sample.
In contrast to the HDPE film, both samples of LLDPE become more
transparent in the neck formation, they are even more transparent than the
original film very probably due to the destruction of the spherulitic-lamellar
morphology and the fact that the volume change during the lamellar fibrillary
transformation is less at lower crystallinities due to the reduced hydrostatic
stress condition at lower density, i.e. the Poisson ratio is much closer to 0.5.
This also explains why the observation is more pronounced in PE-918 than in
PE-926.

The effect of temperature on the yield stress and strain hardening in
polyethylene films is shown in Figure 9. Yield stress reduces with a factor two
with the increase of temperature from 20°C to 70°C and also the strain
hardening is reduced. Surprisingly, the strain at fracture is higher for PE-918
and PE-964 at room temperature, we attribute this to the possibility that the
compression molded films of these two materials are more homogeneous than
for samples with the lower melt index. The differences in the strain at fracture
are less pronounced at high temperatures, which can be explained by the fact
that the stresses are lower at higher temperatures and stress concentrations
consequently will be lower.

The tensile curves were analyzed using rubber-elastic modelling
following the Haward-Thackray assumption[15] that the dissipative
component and the entropic part can be considered separately as a spring
(entropy) and a dashpot (enthalpy). This approach leads to the insertion of an
extra yield stress term oy, to the equation:

O = 05 + A= 05 + G, (22 = 3) - T(A,n) )

Where Gp=NkT is the strain hardening modulus as defined by
Haward[23, 24,25] and ' takes into account the non-Gaussian chain statistics
at large strains, for which Haward uses the Wang-Guth three-chain model
with a Padé approximant for the inverse Langevin function[23]. For Gaussian
statistics I = 1 and (1) reduces to the well-known Neo-Hookean response.

It will be clear that such a description is only an approximation of the
real mechanical response of linear short chain branched polyolefines, that
might involve slipping entanglements, slipping chains and, last but not least,
the network node contribution of the crystals, that our X-Ray analysis shows
to be there. Only when the crystal contributions become negligible, the
Haward-Thackray assumption remains valid[16]. This is actually the main
reason why we performed true stress true strain measurements at 70°C, so as
to be close to the a-relaxation of PE where the chains become mobile with
respect to the crystals.

Several rubber-elastic approaches exist which incorporate or estimate
the influence of entanglements, the simplest consideration coming from
Mooney and Rivlin

Olirue = Z(Cl + C:Zj(ﬂ’z - 1]
A A Q)

11
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This term originally had no physical meaning, but it follows naturally
from developing the free energy in invariants of the strain tensor up to the first
order[26,27]. Still C; determines a softening of the network response with
increasing strain that is observed in tensile experiments that is not described
by the simplest Neo Hookean description as used by Haward. This softening
may be thought of as caused by a loss of entanglement density due to the
deformation. The Gaussian model of Heinrich et al relates to this
disentanglement as a distortion of the reptation tube[28].

Another concept that tries to capture the strain disentanglement is
based on the theory of elasticity using Gaussian approximation and
accounting for the topological constraints in entangled networks, it was
proposed by Ball, Doi, Edwards and Warner[29,30]. In this model, the free
energy of single chains between the crosslinks is described by the common
statistical theory, whereas entropy reduction due to entanglements with
neighboring chains is described by a number of slip-links which are free to
slide along the length of an active chain between cross-links. These slip links
are basically moveable network junctions that are able to slip between fixed
links and hence contribute to the entropic stress built up at strain values
within the strain limits of Gaussian deformation. These slipping links could
be slipping entanglements as suggested by Brereton and Klein|[31], but
Bensasson et al.[32] have also indicated that chains slipping by crystals upon
deformation may play that role which is from a physical point of view
equivalent. Extra constraints introduced by such entanglements limit the
extensibility of polymer macromolecules long before the limit of extensibility
of single chain is reached leading to a non-Gaussian description. This effect is
usually modelled by adopting Langevin statistics following Kuhn and
Griin|33]. However, in this work we chose to use the description by Edwards
and Vilgis[34] who extended the Gaussian Ball, Doi, Edwards and Warner
model with correction for chain inextensibility:

A 1—sz)(l +1) 3
[Z (1-a%-Xi, 2 1)(1+17,12)}+1n<1—0(2';/1?>l

3
1 [, 20 -a?)
VS T AR Y 2-2,1?
2 C[l—a A l

)

where summing is performed over the three Cartesian components of strain,

F is the entropic part of the free energy of the system, N. and N are the nodal
densities of cross- and slip-links correspondingly, A is the draw ratio of the
sample. Coefficient  which is referred to as slippage parameter, describes the
freedom of slippage of the slip links. Another important coefficient a. is an
inextensibility parameter, taking into account the chain inextensibility as
o = I/Amax = 1/4/ny, where n; is the number of Kuhn segments between fixed
nodes. If a = 0, the equation is reduced to the Ball, Doi Edwards and Warner
model. If n = 0, slip-links are rigid and act as cross-links. Brereton and Klein

have found experimentally that for PE 1 = 1.1[31], which implies that slip links

12
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may actually move beyond fixed links. This is not physically impossible when
the position of fixed links themselves is allowed to relax with strain. In the
course of this work we will adopt this experimental value obtained by
Brereton and Klein.

Assuming the constant volume,
1

A =4 122/13=ﬁ (4)
Then the stress contribution of the rubber-elastic network is obtained

by the derivative of the free energy to the strain A at constant temperature and

volume:
aF(A
o =(%7),, )

Following Haward and Thackray’'s assumption the dissipative

contribution to the stress is captured in yield stress like contribution oy, (T, £):
o =0T, &)+ (a’;—?))w (6)

One has thereby always to keep in mind that the Haward-Thackray
assumption is an in principle incorrect simplification and that the strain
hardening contribution to stress is only partial entropic. This is reflected in
our measurements because increasing the temperature leads to lower node
densities Ne and N,[10]. For a typical rubber with fixed links an opposite
would be true, the well-known characteristics of reversible rubber elasticity
including the proportionality of stress to absolute temperature.

Including the vyield stress, the slip-link model features four
independent parameters if we assume m =11 and it is able to describe the
whole stress-strain dependence. The initial portion of stress—strain curves
reveals the typical double yield points. In regular HDPE (PE-964) the stress
of the first yield point is higher than that of the second one, while in other
samples the situation is opposite. With the increase of deformation
temperature, the first yield stress decreases more significantly. The double
yield feature disappears when mapped in true stress true strain as it was
observed by Strobl et al.[35], who concluded that the double yield feature is
an artefact of the nominal stress strain curve. However true stress strain
compression tests also reveal the double yield feature, indicating that this
phenomenon is intrinsic to the deformation process and is not an artefact.
Kanters[36] also observed that the first yield point decreases faster with
lowering the strain rate, which is in accord with our observation of
temperature sensitivity of the first yield point.

Seguela and Rietsch[37] also observe this temperature sensitivity, and
they explain the double yield observed as two different stages lamellae, a
collective lamellar shear slip followed by fragmentation.

The density dependencies of the mechanical parameters of the studied
samples obtained from the experimental stress—strain curves at 70°C are
presented on Figure 10. In general, it is expected that an increase of the density
of branched polyethylene leads to a substantial increase of the fracture stress
and to a decrease of the strain at fracture. The ongoing increase in fracture

13
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stress with density is not observed for the PE-964 sample which may be
attributed to the high MFI and a lower availability of load bearing molecules.

Gy MPa

S % b)

E, MPa

- 1000 |
300 4

4

. /

T
0.95

T ; | T : ;
096 p,giem? 092 0.93 0.94 0.95 096 p,glem?

Figure 10: Density dependence of the mechanical parameters of the studied
PE samples at 70°C: breaking stress (1), breaking strain (2), Young modulus
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Figure 11: True stress—strain curves of PE-918 (a), PE-926 (b), PE-949 (¢)
and PE-964 (d) drawn at 20°C (1) and 70°C (2).

Analysis of digital images of the oriented samples allows
reconstructing the true stress — true strain curves using the values of local
strains estimated from the deformation of the ink grid (Figure 11). This
approach allows for an accurate interpretation of structural changes observed
by X-Ray scattering and described below. Comparison of experimental and
true stress—strain curves for all PE samples drawn at 20 and 70°C reveals a
number of significant differences: the yield point on true stress—strain
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dependencies appears as a downward change of slope in all curves, the second
deviation point corresponds to the onset of strain hardening, the natural draw
ratio. This second tangent is not so distinct for HDPE, because of its high MFI.
The stress of deformation at Ta.f = 70°C is lower in the whole range of strains
A, and the true fracture strain is always higher at Tqer = 70°C. The comparatively
high true fracture stress of low crystalline PE-918 at room temperature is
easily explained by the high tie molecular content[38] but also the relative
insensitivity to stress concentrations due to the low yield stress.

It should also be noted that the strain hardening part of all the true
stress—strain curves at 70°C but the PE-964 samples can be approximated by
a straight line in A. Its slope is inversely proportional to the MFI of PE: 0.14,
0.19 and 0.26 for PE-918, PE-926 and PE-949 correspondingly. This straight
line in A is indicative of a network response with vanishing and/or slipping
nodes[10]. Decrease of the yield stress with temperature is negligibly small for
LLDPE (PE-918 and PE-926) samples compared to that in HDPE ones.
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Figure 12: Haward plots of the orientation of PE-918 (a), PE-926 (b),
PE-949 (c) and PE-964 (d) drawn at 20°C (1) and 70°C (2). Non-Gaussian
upswings of the plots a (1) and b (1) are shown by the arrows.

Haward plots of the true stress as a function of the neohookean true
strain measure, of all PE samples stretched at Tdef = 70°C feature a straight line
in the strain hardening region of the deformation. (Figure 12). It must be
emphasized here that a straight line in a neohookean plot beyond A = 3 means
that Gaussian statistics is actually obeyed beyond the physically valid
range[33]. This can only be when nodes vanish as a function of strain, i.e. an
ongoing disentanglement with strain. A net upswing in stress at higher strains
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was observed for both LLDPE materials at room temperature. This indicates
that there are less to none vanishing nodes and it may also indicate that non-
gaussian chain segment statistics, i.e inextensibility, kicks in. The values of
the strain hardening modulus G, and of the molecular mass of the internode
chain segments M, obtained from the plot fits using Haward approach are
summarized in Table 2. These results appear to be physically plausible as they
are in the range of the plateau modulus of polyethylene ie. 1.5 MPa
(Mc=1220 g/mole). The tendency for the increase of Mc with decreasing
density can be explained by the decreased available entanglements density
due to a decrease in average molecular mass. Haward has concluded that
although these values are of the same order of magnitude, they need not be
identical[39]. There must indeed be a contribution from the crystalline phase
to the stress built up in the strain hardening part, notwithstanding the fact
that the original crystals have yielded at far lower true stresses. This is exactly
where the Haward-Thackray assumption loses its validity and measurements
at temperatures close to the a transition are needed to assess the available
molecular network.

The observed non-Gaussian upswing of Haward plots for the
deformation of PE-918 and PE-926 at room temperature are to be attributed
to the strain hardening caused by a limited extensibility of the network chain
segments. That such strain hardening does not occur for HDPE is due to
intensive processes of slippage caused by insufficient molecular mass to
prevent tie molecules from slippages[38]. As we will see further, there is not
an a priori reason to assume an increase in the number of network junctions
with strain (such as stress induced crystallization) because no upswing
beyond the normal rubber elastic response occurs, although it cannot be
excluded that there is a dynamic balance between vanishing and created nodes
with increasing strain. It is clear that the stress level is always higher at room
temperature compared to that at 70°C. This difference is comparatively small
for bimodal PE-949 as well as for PE-964. This stress drop with temperature
in the strain hardening phase is a strong indication that the network response
is not entropic in nature.

Application of the Mooney-Rivlin approach confirms the results
obtained from the neohookean analysis. The value of C1 (equation 2) obtained
from the value of stress at this plateau allows an alternative estimation of the
shear modulus associated with strain hardening.

Application of the slip link model starts with evaluating the data up to
A = 5 using the Ball, Doi, Edwards and Warner model. Because above the yield
stress and below the Gaussian draw ratio limit only a very limited data set is
available and because the equation to be fitted contains four variables and in
the non Gaussian case even five (see next section) we will attempt to make
sound physical estimates of most parameters. Moreover equation (3), when
used as a purely mathematical fit function easily converges to subminima
without any physical meaning, so a wise fit strategy is required.

The initial yield stress o*y is estimated from the Neo Hookean analysis.
The starting value for the fixed network density is also taken from the Neo
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Hookean analysis and the slip link contribution to the network modulus is
initially set to 0. The slippage freedom parameter ) is set fixed at a value of 1.1
following Brereton and Klein’s experimental value for PE. Then the dataset is
fitted with the Ball, Doi Edwards and Warner to obtain the slip link
contribution G, and the fixed link contribution G, to the stress. For a network
without slip links; Gs = 0 and G, = Gp. When slip links are present there is no
simple direct relation between G, and Gc but as an order of magnitude
Gp=Ge + 0.1'Gs should hold. In a second step the parameters obtained from the
BDEW model serve as starting values for an optimization of the inextensibility
parameter a in the Edwards-Vilgis model. Table 2 summarizes the mechanical
parameters obtained from all the models applied to the true stress-strain
curves of the studied PE samples with different densities.
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Figure 13: Application of the slip-link model to the orientation of PE-918
(a), PE-926 (b), PE-949 (¢) and PE-964 (d) drawn at 20°C (1) and 70°C (2).
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Table 2. Mechanical characteristics of the studied materials obtained from the application of different models

Haward - Thackray

Mooney - Rivlin

Slip-link analysis

Sample T,°C
Gp, MPa M, g/mole Gp, MPa Me, g/mol Ge, MPa Gs, MPa ol

20 1.8 1400 2.4 1034 14 18.0 18
PE-918

70 1.1 2900 1.4 1714 1.1 31 71

20 21 1100 2.8 887 1.6 18.0 13
PE-926

70 15 2062 1.8 1714 11 7.3 19

20 2.8 875 31 804 25 11.1 -
PE-949

70 21 1580 23 1329 21 25 56

20 13 1934 13 1923 1.5 0.0 333
PE-964

70 1.0 2750 1.0 3060 0.9 19.3 -
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Separation between fixed and slip link network contributions reveals neatly
that although there is a slight drop in the fixed link network density with
increasing temperature, this contribution remains of the same order of
magnitude and predominantly relates to the molecular mass. This observation
supports the idea that the network of entanglements that remain fixed on the
time scale of the measurement is actually entropic in nature and does not
depend greatly on temperature. Considering the slip link contributions, one
can find them to be an order of magnitude larger than the fixed links. This
matches the idea that it takes about 10 entanglements to fix one chain segment
on the time scale of our tensile experiment. We expect that upon decrease of
the strain rate, this number will be larger. The typical dimensions of chain
segment molecular masses involved in slip link activity are of the order of 250
to 300 g/mole (~ 10 MPa) amounting to about 20 monomer units. Taking into
account the Kuhn segment (- 100 g/mole), the length of short chain branched
PE of approximately 1 nm corresponds to about three Kuhn segments per slip
link. This is comparable to the reptation tube diameter which is of the order
of 5-10 nm and to the thickness of interlamellae amorphous layers in PE (An
apparent tube diameter in HDPE melts, i.e., d = 6 and 4.87 nm for PE with
Mw=12.400 and 190.000 g/mol, respectively [40]. Other studies reported tube
diameter in the range from 3.2 to 4.5 nm [41]).

). More specifically the slip link network density appears to decrease

with the amount of short chain branching. This would appear to bear a
relation with the slip hindrance caused by short chain branches. Presumably
the contour and the span distance along the main chain (crystallisable
sequences) are responsible for this increased hindrance.

The slip link model also explains why the least branched molecule ie.
HDPE-964 features an increase in slip link contribution with increasing
temperature: with long crystallisable sequences the oncoming thermally
activated mobility will engender more and more slip possibilities. As soon as
this attachment-detachment processes become hindered by short chain
branches the activity of slip links remains limited to ambient temperature but
becomes fixed by the molecular ‘hooks’ in the crystals.

So, we gained insight into the physical nature of the network of
poyoleffines in a wide range of their crystallinity. It turns out that the highest
network density at high temperatures (indicative for long time response)
requires both a high molecular mass and short chain branches and that solely
crystallinity is not sufficient to generate strain hardening. This conclusion
supports the important role of effective tie molecules in such a network.

5. Summary

The present investigation of various PE films shows that the samples
are microheterogeneous semicrystalline material. Their crystal structure
exhibits a size scale of tens of nm. Initial morphology includes the lamellar
structure with different degree of continuous crystalline network formation.
The true stress-strain curves were measured. Despite similarity in the curves
they reveal the different regions of deformation and of transition from the
original films to uniaxially oriented samples.
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In order to better understand the structure-property relationship the
deformation mechanism of samples was studied by DSC and X-ray. It was
established that the transformation from original lamellar to final fibrillar
structure passes through the similar stages: deformation of initial lamellae
(€<50%); destruction of lamellar structure trough the tilt, slippage of
molecules in crystallites, their twining, which takes place in necking area;
simultaneous formation of fibrils with structural characteristics depending on
molecular structure and on deformation conditions; deformation of formed
fibrillar structure, tilting - formation of chevron for high MM polymer
(LLDPE) or slippage of fibrils and void formation. The density of amorphous
regions increases as well as a number of tie molecules leading to rise of
mechanical properties.

Slip-link model was proved to be applicable to such partially
crystalline materials despite of the apparent energy effects of deformation,
giving feasible estimation of the molecular processes during orientation.
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